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Abstract
The aim of this work was to study systematically the effects of composition and processing on
austenite grain growth and static recrystallization (SRX) kinetics, austenite decomposition under
controlled cooling as well as microstructures, mechanical properties and weldability of hot rolled
low carbon bainitic (LCB) steels. The results showed that the coarsening of austenite grain
structure is influenced by the chemical composition. Steels with Nb-Ti alloying exhibited fine and
uniform austenite grain size up to 1125 °C, whereas higher temperatures led to formation of the
bimodal grain structures. However, with Nb-Ti-B microalloying, the abnormal grain growth was
already observed at 1050 °C. SRX rate at roughing temperatures, determined by the stress
relaxation method, was found to be retarded markedly by Mo, Nb and B alloying. For the test
conditions investigated, the decomposition of austenite started in the temperature range from
780 °C to below 550 °C. All alloying elements with the exception of Nb (0.04–0.10 wt-%)
decreased the phase transformation temperatures and increased the hardness of dilatometric
specimens. Detailed microstructural examinations enabled the identification of 4 different ferrite
morphologies: polygonal ferrite, quasi-polygonal ferrite (QF), granular bainitic ferrite (GB) and
bainitic ferrite (BF), generally as a mixed microstructure consisting of 2–3 types morphologies.
Consistent with the microstructures detected in dilatometric experiments, the microstructures of
rolled plates comprise various combinations of low C ferrite morphologies. These microstructure
types provided the yield strengths from 500 MPa up to 850 MPa in hot rolled condition and from
500 MPa to 950 MPa in heat-treated condition (600 °C/1h). The yield strengths from 500 MPa to
570 MPa were mainly related to QF microstructures in as-rolled condition, while the steels with
the yield strength from 570 to 700 MPa had GB-QF microstructures. Steels with the yield strengths
above 700 MPa consisted of BF. The most effective alloying element regarding the strength
properties is B. Also C, Mn, Cr, Mo and Ni have strong influences, but Nb in the range of
0.05–0.10 wt-% is ineffective. Strengthening with B and Mo was detrimental to toughness.
Alloying with Ni and Mn is beneficial to good strength and toughness combination. Mn, Mo, Nb
and B contents mainly dictate CGHAZ toughness.

Keywords: austenite decomposition, bainite, microalloying, physical simulation, static
recrystallization
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Symbols
ACC
ASME
ASTM
b
BDWTT
BF
Bs
CEIIW
CO2
D
d
db
DBTT
dl
DLB
DQT
DUB
E
EBSD
ECSC
F
f
FATT
Fe3C
G
GB
H2S
HAZ
HIC
HSLA
HV
ICGCHAZ
IDQ
ISIJ
ITT
ky
L

accelerated continuous cooling
American Society of Mechanical Engineers
American Society for Testing and Materials
Burgers vector
Batelle drop weight tear test
bainitic ferrite
bainitic transformation start temperature
IIW carbon equivalent
carbon dioxide
diameter of particle
diameter of particle or grain size
bainite packet size
ductile-brittle transition temperature
lath size
degenerated lower bainite
direct quenching and tempering
degenerated upper bainite
Young’s modulus
electron backscatter diffraction
European Coal and Steel Community
force
volume fraction of particles
fracture appearance transition temperature
cementite
shear modulus
Granular (bainitic) ferrite
hydrogen sulphide
heat-affect zone
hydrogen induced cracking
high-strength low-alloyed
Vickers pyramid hardness
intercritically reheated coarse-grained heat affected zone
interrupted direct quenching
Iron and Steel Institute of Japan
Impact transition temperature
constant for grain boundary resistance
particle spacing
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LB
LCB
M
MA
MAE
MAE
Ms
OM
PF
Qdef
QF
Qg
Qrex
QST
r
RCR
Re
RFSC
Rm
Rp0.2
SEM
SRX
SSCC
Sv
T
TEM
TFC
TMCP
Tnr
TTT
UB
ULCB
WF
YS
Z
a
g
ΔG
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lower bainite
Low carbon bainitic
constant or Taylor factor
martensite-austenite
microalloying element
microalloying elements
martensitic transformation start temperature
optical microscope
polygonal ferrite
activation energy for deformation
quasi-polygonal ferrite
activation energy for grain growth
activation energy for static recrystallization
quenching and self-tempering
radius of particle
recrystallization controlled rolling
yield strength – general expression
Research Fund for Steel and Coal
ultimate tensile strength
yield strength 0.2 mm elongation
scanning electron
static recrystallization
sulphide stress corrosion cracking
grain boundary area per unit volume
temperature or line tension
transmission electron microscope
finish cooling temperature
thermomechanically controlled processing
temperature for no-recrystallization
time-temperature-transformation
upper bainite
Ultra low carbon bainitic
Widmanstätten ferrite
yield strength
Zener-Hollomon parameter
ferrite
anti-phase boundary energy
reduction in free energy

e
ε`
εC
εG
εN
l
r
σdis
σf
σFe
σo
σppt
σss
σtext
σy
W

strain
strain rate
coalescence strain for ductile fracture
growth strain for ductile fracture
nucleation strain for ductile fracture
spacing of spherical carbides
dislocation density
dislocation strengthening
cleavage fracture strength
solid solution strengthening
friction stress
precipitation strengthening
solid solution strengthening
texture strengthening
yield strength
molar volume of precipitate
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Introduction

In order to response to the requirements for steels to exhibit a good combination of
high strength and good low temperature impact toughness balanced with adequate
weldabilty, a new generation of low carbon microalloyed steels has been
developed [1]. In these steels, carbon (C) is not the major source of strength, but its
concentration is reduced below 0.06 wt-%. Generally, the C content is between
0.01-0.03 wt-%. The reasons for low C content are the well-known facts that high
C concentrations may bring about poor weldability and weld toughness. Further,
high C concentrations may impair the impact toughness of steel. In order to
compensate the loss of strength due to low C content, the alloy design philosophy
is based on the advanced use of cost effective microalloying elements (MAE),
such as niobium (Nb), titanium (Ti) and boron (B) in conjunction with moderate
levels of other alloying elements, such as manganese (Mn), silicon (Si), chromium
(Cr), molybdenum (Mo) and copper (Cu) [2]. The sophisticated use of
aforementioned combinations of microalloying and alloying elements in
conjunction with low C content can lead to steels with yield strength ranging from
500 MPa [3] even up to 900 MPa [4]. These alloying and microalloying elements
contribute to the increase in strength via microstructural refinement, precipitation
hardening and solid solution strengthening as well as strengthening through
microstructural modification [4].
Generally, these kinds of steels are processed via thermomechanically
controlled processing (TMCP), which classically consists of three stages. During
the roughing stage, austenite grain size is refined due to repeated cycles of the
recrystallization process. In the second (controlled rolling) stage, the austenite is
deformed in the non-recrystallization temperature regime, which brings significant
refinement to the final microstructure. In the last stage, accelerated cooling can be
applied to refine the resulting ferrite grain size or to suppress the formation of
polygonal ferrite and facilitate the formation of lower-temperature transformation
products such as different types of bainite [6].
Microstructures of these steels are often complex, consisting of mixtures of
different ferrite morphologies, and therefore, wide combinations of mechanical
properties can be achieved by controlling them. The bainitic transformation is one
of the most complex and disputed phase transformations in steels and all
microstructures found may not exhibit the typical bainitic type of transformation
[5]. These microalloyed high strength steels with very low carbon content are
often referred as low carbon bainitic (LCB) steels. Hence, for the sake of clarity,
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the low carbon (~0.01-0.05 wt-% of C) microalloyed high strength (Rp0.2> 500
MPa) steels are referred to LCB steels from now onwards.
The microstructures observed in LCB steels are often highly complex and
their structure-property combinations are not well understood. Therefore, the main
targets of the present work are to investigate and understand the physical
metallurgical basis of LCB steels. Special emphasize was put on the certain
factors, such as, the effect of chemical composition and heat treatments on the
microstructural development and the structure-property combinations.
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2

LCB steels - from past to present

A general trend in the steel development is towards higher strength and toughness
combined with good weldability. Successive development cycles, as presented by
Gray [7], are shown in Figure 1. It can be noticed that the improved strength and
toughness have been obtained by reducing the carbon content, utilizing the
quenching and tempering technology and alloying the steels with Mo, B, Mo-Nb,
etc.

Fig. 1.
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Fig. 1. Trends in the development and processing of high strength-high toughness
steels. Reducing the C content, Nb microalloying in conjunction with Mo, Ni and Cu
alloying and quenching and tempering technology are utilized in improving the
strength-toughness balance [7].

Probably one of the first attempts to produce LCB steels was reported by Bardgett
and Reeve in 1946 at Swinden laboratories as mentioned by the Woodhead and
Keown [8]. Their work was concentrated on low carbon steel containing 0.5Mo
and 0.003B. (The compositions are in wt-% hereafter, if otherwise mentioned.)
Their work led to the development of the “Fortiweld” steels with the composition
of 0.1-0.16C-0.6Mn-0.4Si-0.3-0.6Mo and B. In the normalized state, steels
exhibited a 0.1% proof stress of 460 MPa with good ductility. The idea of
“Fortiweld” steels was the advanced use of Mo and B in suppressing polygonal
ferrite formation, whilst their influence on bainitic transformation kinetics was
minor. This led to the formation of fully bainitic microstructures in a wide range of
cooling rates. Although Fortiweld steels represented a significant advance in the
development of relatively cheap, higher strength, weldable constructional steels,
they suffered from one major disadvantage. Due to their high carbon content, the
impact transition temperature was too high for many applications. However, the
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steelmaking technology at those days was not totally developed to responsd to the
requirements for high quality LCB steels, such as C content below 0.06 wt-% and
microalloying to facilitate TMCP.
One of the first investigations with very low carbon steels was by McEvily et
al. [9] from Ford Motor Company in 1967. They showed that 0.04C3.0Ni-3.0Mo-0.05Nb would give the yield strength around 700 MPa together with
a transition temperature of about -75°C. However, this composition was highly
alloyed and more economic alloying elements giving equivalent properties were
sought.
Mn alloyig was considered as one of the best candidates to give the desired
properties and Fagersta Bruk AB introduced the Fama series of Mn steels in 1969
[10]. One of these steels containing 0.03C-4.5Mn-0.1Nb gave the yield strength of
730 MPa in the as-rolled condition with the transition temperature lower than
-40°C.
Despite the relatively good property combinations of low carbon-high Mn
steels, the research interests were focused to lower Mn steels, when the results of
Smith et al. [11] from the Climax Molybdenum Co. showed that lower Mn steels
with Mo alloying would give the desired transformation characteristics to obtain
high strength-high toughness steel. The Climax Molybdenum Co steel has
0.02-0.6C-1.4-2.Mn-0.1-0.5Mo and 0.04-0.1Nb. This “base” composition has
been applied widely throughout the world sometimes with minor additions of Ni,
Ti and B in controlled rolling condition. The Climax steel gave the yield strength
of 500 MPa in as-rolled condition with acceptable transition conditions. Simulated
coiling at 650°C increased the yield strength to 600-630 MPa with little, if any,
deterioration in transition temperature.
In the early 80’s the concept of ultra low carbon bainitic (ULCB) steels were
introduced [12,13]. In these steels C content was reduced in the range
0.01-0.03wt-% and microalloying, especially Nb, was used. The Nb alloying
contributes to the formation of NbC during austenite deformation during TMCP,
so that the actual C content in the austenite prior to austenite-to-ferrite
transformation is even smaller than the average one. Ti alloying was also applied
to form stable TiN, which together with NbC efficiently prevented austenite grain
growth during TMCP that was utilized in ULCB production [13]. TiN formation
also suppressed Fe23C6 formation and BN precipitation, thereby leaving the B free
to make its contribution to hardenability. In fact, Fe23C6 formation should be
avoided, since they can stimulate the nucleation of polygonal ferrite. The ULCB
steels were found to have outstanding property combination of toughness, strength
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and weldability. Hulka reported Rp0.2 > 500MPa and fracture appearance transition
temperature (FATT) below -80°C in 0.02 wt-% of C containing ULCB steels.
These properties were best met, when low finishing temperatures and accelerated
cooling were applied in TMCP. Due to attractive property combinations of ULCB
steels, they found applications in the construction of pipelines in artic or
submarine environments [13].
According to Richter et al. [14] the 690 MPa yield strength class (API X100;
100 ksi) became commercial about three decades ago, but at that time they were
produced by water quenching and tempering. Later, TMCP and direct quenching
and tempering (DQT) have been applied for the processing of high-strength steels
so that bainitic and martensitic steels can possess an improved combination of
mechanical properties compared to TMCP ferritic-pearlitic steels, i.e. a higher
yield strength with a better impact toughness, as schematically displayed in Figure
2 [15].

Fig. 2. Bainitic steels exhibiting an improved strength-toughness balance compared to
normalized and TMCP ferritic-pearlitic steels. Both strength and toughness can be
further improved by reheat-quenching-and tempering (RQT) and direct-quenching and
tempering (DQT) treatments [15].

Bramfitt and Speer [16] mentioned in 1990 that hundreds of thousands of tons of
bainitic steels are manufactured each year in plates, bars and heavy forgings
through thermo-mechanical processing followed by continuous cooling. These
steels included Ni-Cr-Mo (e.g. HY-80) and Cr-Mo plates for nuclear reactor and
pressure vessel components, low carbon Cu-Ni-Cr-Mo (e.g. ASTM A710) plate
for ship constructions, ultralow-carbon Cr-Mo grades for gas transmission lines,
and Ni-Cr-Mo-V, Ni-Mo-V, and Cr-Mo-V heavy forgings for steam turbine rotors.
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In the present days, LCB steels are utilized in several applications such as
bridges, iron towers, storage vessels and offshore structures, etc. These steels are
generally produced via TMCP and accelerated continuous cooling (ACC) or DQ
route with strength range from 500 MPa to 800 MPa [3,17,18]. While C content is
reduced to as low as 0.01-0.03wt%, Mn is maintained between 1.4.-2.0 wt-% and
additions Ni, Cr, Cu, Nb, Ti and B are generally utilized. When C content is
reduced to very low level (0.01-0.02 wt-%) the microstructure of steel with
appropriate alloying becomes insensitive to a wide range of cooling rates, which
enables the manufacturing of heavy gauge products by using LCB concepts [18].
Owing to their relatively low Pcm and Ceq values preheating in welding is
eliminated at high plate thicknesses. On the other hand, 3-5 mm thick 700 MPa hot
rolled steel with essentially fine bainitic structures have been tested as a candidate
for formable high strength steel for automotive use [19].
Gas transmission pipelines are probably one important application of
high-strength LCB steels. Significant installations of transmission pipelines in
Canada and Europe are based on steel at X80 level (CSA Grade 544) starting in
1982 by the completion of the 250 km Schlüchtem to Werne pipeline [20]. At
Rautaruukki a linepipe steel of the grade X80 has also been developed in mid 90's
[21]. Hulka [22] reports that experimental pipes of the strength of X100 have
already been produced and successfully tested with the composition
0.07C-0.2Si-1.9Mn-0.3Mo-0.2Cu-0.2Ni-0.05Nb-0.015Ti (Re=740 MPa, Rm=
795MPa). Their structural reliability has been investigated in an ECSC project
completed in December 2000 [23]. According to Buzzichelli and Anelli [24], in
Italy at CSM the work has already been performed some years ago to develop
X100 or higher strength linepipe and now attention has been shifted to the
manufacturing of X100 in Europipe company. It is clearly stated that the TMCP
route with high cooling rates and low stop-cooling temperatures on a low carbon
(≈0.06%, CE ≈ 0.48) steel is the optimized solution, which relies on a fine-grained
acicular ferrite microstructure coming from a very squeezed austenite grains.
The latest development in high strength line pipe steels is the X120 grade steel
with minimun yield strength above 834 MPa and impact energies over 230 J at low
temperatures from -20°C to -40°C [4,25]. These steels have C content between
0.04-0.06wt-% with complex Mo-Ni-Cu-Cr-Nb-Ti-B alloying and the production
route is TMCP with interrupted direct quenching (IDQ). The microstructure of
X120 consists mainly of low carbon lower bainite [25].
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3

Microstructural definitions

The microstructures in commercial low carbon hot rolled steels typically consist of
equiaxed ferrite grain structures [26]. Cementite may also be present as dispersed
pearlite colonies. The yield strength of these steels varies from 250 MPa up to 500
MPa [6].
The requirement for steels of higher strength with high toughness or high
formability has directed research interest towards low carbon or ultra low carbon
microalloyed steels [27]. The major difference of these steels, compared to
equiaxed ferritic microstructures, is advanced (micro)alloying and accelerated
cooling associated with TMCP, leading to non-equiaxed, non-equilibrium ferritic
morphologies. The temperature range, where the non-equiaxed, non-equilibrium
ferrite morphologies form, is between temperatures, where equiaxed ferrite/
pearlite and martensite are formed. Therefore, the temperature range is nearly the
same where the bainitic microstructures are formed in medium carbon steels.
However, one must realize that the low carbon ferritic, non-equiaxed
microstructures differ in form and variety from classical bainitic microstructures.
One major microstructural difference is that cementite is not generally associated
with austenite decomposition [26].
The following chapters will concentrate on the different classification systems
proposed for the bainitic microstructures. Finally the adopted classification system
in the present work, based on the ferrite morphology in low carbon steels, is
suggested.
3.1

Bainite and its classification systems

In 1930’s Davenport and Bain introduced bainitic microstructures investigated by
high-resolution light microscopy of steels, called later bainite in honour of Bain's
pioneering efforts (see Krauss and Thompson [28]). The generalized microstructural definition of bainite was that it is a product of non-lamellar, non-cooperative
mode of eutectoid decomposition of a parent phase. In steels, the eutectoid phases
are ferrite and cementite, and accordingly six morphologies were recognized, as
shown in Figure 3. Although six morphologies of bainite were observed, the most
commonly bainite was divided into two groups; upper and lower bainite according
to their transformation temperatures. Upper bainite, 3c, consists of parallel ferrite
crystals in the form of laths or plates with discontinuous interlath cementite particles. In lower bainite, Figure 3d, ferrite crystals contain fine carbides at angles
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around 55° to 60°. Other bainite morphologies represented in Figure 3, such as
nodular bainite (a), columnar bainite (b), and inverse bainite (f) are rarely observed
morphologies of bainite and it is not clear if all the morphologies (for instance,
columnar bainite) really are bainite or just misnomers and should, therefore, be
avoided in the terminology of bainite [41].

Fig. 3. Schematic illustration of various ferrite-cementite bainite morphologies. (a)
nodular, (b) columnar, (c) upper, (d) lower, (e) grain boundary allotriomorphic, (f)
inverse bainite. (Quoted from Krauss and Thompson [28])

As mentioned above, it must be realised that the bainite morphologies formed in low
carbon steels at intermediate temperatures differ in variety and form from classical
(isothermal) bainitic microstructures, shown in Figure 3, in many cases cementite is
not associated with the austenite transformation. Therefore, broader classifications of
bainitic types have been proposed, which incorporate microstructures without
cementite. The bainite classification systems proposed by Ohmori et al. [29], Bramfitt
and Speer [16] and Zajac et al. [2] are briefly reviewed below.
3.2

Classification system proposed by Ohmori et al.

The bainite classification system by Ohmori et al. [29] recognized that the bainite
can also be carbide-free and it classifies it to three types: BI consists of
carbide-free ferrite with austenite retained between the ferrite laths, BII with
carbides between ferrite laths and BIII having carbides within ferrite laths. A
time-temperature-transformation (TTT) -diagram of a low-carbon Cu-Ni-Cr-Mo
steel is shown in Figure 4 revealing three regimes of bainite formation in a low-C
Cu-Ni-Cr-Mo steel.
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Fig. 4. Schematic TTT-diagram showing the formation of three forms of bainite (Quoted
from Ref. [30]).

Type BI bainite is formed between 600 and 500°C, consisting of carbide-free
bainitic laths and interlath martensite. Type BII is formed between 450 and 500°C
and has the classical upper bainite form with continuous cementite layer between
the laths. Type III is formed close to Ms and has a cementite morphology and
orientation similar to that characteristic of high carbon lower bainite. However,
type BIII bainite has still a lath like rather than the plate morphology that has been
typically reported for lower bainite (thought in higher C steels). All bainites (BI,
BII and BIII) in the low C steels, have lathlike morphology and the habit plane of
the ferrite laths remains the same for these bainites, i.e. ≈{110} <100> [30].
3.3

Classification system proposed by Bramfit and Speer

Bramfitt and Speer [16] have proposed a popular bainite classification system.
Their classification system assumes that bainitic ferrite has an acicular
morphology and the differences are dependent on the type and association of the
other phases with ferrite. A schematic illustration of the classification is shown in
Figure 5. Different types of bainites are termed as class 1 bainite (B1), class 2
bainite (B2) and class 3 bainite (B3). (Note that the number marking of bainite in
Bramfitt and Speer system is in Arabian numerals whereas Ohmori et al. system
uses roman numbers to avoid any confusion). The key features of the different
classes of bainite are as follows:
–

B1 incorporates an intralath constituent, which can be cementite or ε-carbide.
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–

B2 is composed of interlath particle or film, which can be cementite, austenite
or martensite.

–

B3 incorporates discrete regions of retained parent phase or secondary transformation product.

Thus the conventional upper bainite of type BII would be classified as B2c
according to this system and conventional lower bainite would be termed as B1c
(or B1ε). Τhe carbide-free bainite (i.e. BI type bainite according to Ohmori et al.
[29]) should be classified as B2m. Most of the existing granular bainites (the term
granular bainite will be defined later) should be classified as B3m. However, it
should be noted that bainitic ferrite morphology should still be lath-like but MA
islands should be in the form of “granular discrete island” constituents.
The Bramfit-Speer bainite classification system is the most comprehensive
system proposed till date for bainites with acicular morphologies of ferrite, but as
will be discussed later, it does not describe all of ferritic microstructures, for
instance due to requirement of acicularity of ferrite, observed in continuous cooled
low carbon microalloyed steels.

Fig. 5. Morphological classification system for bainite according to Bramfitt and Speer
[16].

3.4

Classification system proposed by Zajac et al.

Recently, Zajac et al. [2] have proposed a novel type of classification system for
the low carbon bainitic microstructures. Their system is based on the morphology
of ferrite, which can be irregular type or lath-like, and the type of second phase
microconstituent. Their classification system recognizes five morphologies of low
carbon bainite: granular bainite (GB), upper bainite (UB), degenerated upper
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bainite (DUB), lower bainite (LB) and degenerated lower bainite (DLB). The
general features of the aforementioned bainite morphologies can be summarized as
follows:
–

Granular bainite is defined as the microstructure composed of irregular type
of ferrite with (granular) second phases distributed between irregular ferrite
grains, 6a. The characteristic feature of GB is the lack of carbides in the
microstructure. Instead, the carbon that is partitioned from the bainitic ferrite
stabilizes the residual austenite, so that microstructure may contain any transformation product that may transform from the carbon-enriched austenite.
They have observed five morphologies of the second phase microconstituents;
(i) degenerated pearlite or debris of cementite, (ii) bainite, (iii) mixture of
“incomplete” transformation products, (iv) martensite - austenite (MA) and
(v) martensite.

–

Upper bainite, 6b, has a lath like morphology of ferrite. The second phase
associated with UB precipitates from austenite and is always cementite. Typically UB consists of elongated laths ordered in packets with cementite particles distributed between the lath boundaries. In the presence of microalloying elements, bainitic ferrite laths may contain fine dispersion of precipitation strengthening carbides.

(a)

(d

(b

(c)

(e)

Fig. 6. A schematic illustration of bainite morphologies in low carbon steel showing
granular bainite (a) upper bainite (b) degenerated upper bainite, (c) lower bainite (d)
and degenerated lower bainite (e).
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–

Degenerated upper bainite, 6c, forms when the cementite formation is prevented giving a microstructure consisting of lath-like ferrite and carbon
enriched residual MA microconstituent on lath boundaries.

–

Lower bainite, 6d, which forms in low carbon steels has lath-like morphology
of ferrite with cementite precipitated inside the ferrite laths. The cementite
particles have their longest axis inclined at about 60° to the growth direction
of ferrite laths and the majority of a particles are contact with sides of ferrite
laths. Some smaller particles can be enclosed inside ferrite laths.

–

Degenerated lower bainite, 6e, has a lath like microstructure with MA second
phase microcontituents inside the ferrite laths.

The classification system of Zajac et al. [2] is more advanced compared to that of
Ohmori et al. [29] or Bramfit and Speer [16], because it recognizes the fact that
ferrite morphology can have irregular shape in addition to lath-like morphology.
Further, it considers well the variety and forms of the second phase
microconstituents. However, this classification system has its own drawbacks.
Whilst trying to describe the all ferrite morphologies in low microalloyed steels, it
does not recognise the ferrite morphologies formed above the temperature range of
granular bainite such as polygonal ferrite or the massive type of ferrite.
3.5

Ferritic microstructures in LCB steels: general considerations

In continuously cooled low carbon microalloyed steels, the main austenite
decomposition product is ferrite. However, it is also possible that a part of the
parent austenite is not transformed and may be retained at room temperature or
partially transform to produce martensite-austenite (MA) microconstituents. The
ferrite may take many morphologies and the second phase microconstituents also
reflects the shapes of ferrite crystals [26]. Therefore, bainite classification systems
by Bramfit and Speer [16] and Ohmori et al. [29] fail, because they assume
acicular or needle-like morphology bainitic ferrite. Zajac et al. [2] classification is
in this sense more advanced, as it recognizes also the irregular shaped bainitic
ferrite (i.e. granular bainite). On the other hand, system of Zajac et al. do not
recognise ferrite morphologies that are formed at higher temperatures than
granular bainite, such as polygonal ferrite or quasi-polygonal ferrite i.e. massive
type of ferrite transformation with highly irregular shaped morphology of ferrite
that has been reported to occur in very low C iron alloys [31]. In fact, in Zajac et
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al. classification system, the quasi-polygonal ferrite and granular bainite are
considered as identical microstructures.
Further, when polygonal ferrite transformation takes place, residual austenite
is enriched not only by carbon, but also by other alloying elements, which
subsequently may transform into pearlite, upper or lower bainite or high carbon
twinned martensite continuous cooling [32,33].
At very high cooling rates even very low carbon steels with sufficient
hardenability may transform into martensite [34]. This phenomenon is well
characterized in the literature. Sometimes, due to high martensite start (Ms)
temperatures and the fact that martensite is carbon supersaturated at the
transformation temperature, it is auto-tempered exhibiting random distribution of
cementite precipitates [33].
As noted above, ferrite in LCB steels can exhibit many morphologies ranging
from polygonal ferrite to lath-like martensite. The classification systems for the
bainitic microstructures proposed by Bramfit and Speer [16], Ohmori et al. [29]
and Zajac et al. [2], although covering the wide range of (bainitic) ferritic
microstructures, cannot comprehensively classify the variety of microstructures in
LCB steels. Further, the term “acicular ferrite”, for instance in Bramfitt and Speer
system, can be misleading as it has been frequently used to describe a range of
microstructures observed in low C microalloyed steels following controlled rolling
and accelerated cooling. The morphologies of these microstructures are often far
from acicular-like, but resemble rather irregular shaped ferrite [11]. Besides, the
term “acicular ferrite” is quoted widespread in welding literature, where it often
refers to non-parallel elongated ferrite crystals formed intragranularly, for
instance, on Ti oxide inclusions [35].
Therefore a specific terminology proposed by the Bainite Committee of Iron
and Steel Institute of Japan [36] was adopted in the present work in an attempt to
describe all possible ferrite morphologies in the investigated steels. The details of
the classifications system proposed by Bainite Committee of ISIJ are described
below.
3.6

Ferritic classification system classification proposed by Bainite
Committee of ISIJ

The work of Bainite Committee of ISIJ has dealt with the microstructures in a
series of ultralow-carbon and low-carbon steels [36]. A typical CCT-diagram is
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shown in Figure 7 illustrating the regimes of the various types of ferrite, which are
labelled with the ISIJ Bainite Committee notation in Table 1.

Fig. 7. CCT-diagrams for a low-carbon steel (0.04-0.6Si-0.7Mn.0.078Ti-0.0027B) (from
Kraus and Thompson [28]). Zw=zwischen-stufe= intermediate stage transformation
products.
Table 1. Symbols and nomenclature for ferritic microstructures according to ISIJ
Bainite Committee (quoted from Kraus and Thompson [28]).
Symbol

Nomenclature

I0 Major matrix-phase
αp
αq
αw
αB
α°B
α'm

Polygonal ferrite
Quasi-polygnal α
Widmanstätten α
(Granula bainitic) α
Bainitic ferrite
Dislocated cubic martensite

II0 Minor secondary phases
γr
MA
αM
aTM
B

P´
P
θ

Retained austenite
Martensite-austenite constituent
Martensite
Auto-tempered martensite
BII, B2: upper bainite
Bu: upper bainite
BL: lower bainite
Degenerated pearlite
Pearlite
Cementite particle

The short descriptions of the ferrite morphologies are as follows [5]:
–
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PF, polygonal ferrite, roughly equiaxed grains with smooth boundaries

–

WF, Widmanstätten ferrite, elongated crystals of ferrite with a dislocation
substructure (minimal dislocation substructure)

–

QF, quasi-polygonal ferrite, grains with undulating boundaries, which may
cross prior austenite boundaries containing a dislocation sub-structure and
occasional martensite-austenite (MA) microconstituents. This is also referred
to as massive ferrite.

–

GB, granular ferrite, sheaves of elongated ferrite crystals (granular or equiaxed shapes) with low misorientations and a high dislocation density, containing roughly equiaxed islands of MA constituents

–

BF, bainitic ferrite, packets of parallel ferrite laths (or plates) separated by
low-angle boundaries and contains very high dislocation densities. MA constituents retained between the ferrite crystals have an acicular morphology. This
is sometimes termed as acicular ferrite.

–

Dislocated cubic martensite, highly dislocated lath like morphology, conserving prior austenite boundaries.

These different types of ferrite morphologies are discussed in detail and displayed
in optical microscopy photos in a review paper by Kraus and Thompson [28].
Accordingly, typical appearances of Widmanstätten ferrite (WF), quasi-polygonal
ferrite (QF) or massive ferrite, bainitic or acicular ferrite (BF) and granular ferrite
or granular bainitic ferrite (GB) are shown in Figure 8 a-d. A more complete
description can be found in the Atlas itself [36].
Although the classification system of Bainite Committee of ISIJ is useful in
characterizing the ferrite morphologies formed in low C steels, it has some
drawbacks as well. For instance, it does not recognize lower bainite as major
matrix phase, although it does include lower bainite as a minor secondary phase.
Lower bainite has not been reported to exist as the main morphology in low C
steel, but in 0.04-0.06 wt-% of C containing high strength line pipe steels, lower
bainite has been reported to exist as the main ferrite morphology [25]. Further the
term bainitic ferrite can be occasionally confusing, since it in this context
describes ferrite morphology of parallel ferrite laths (or plates) separated by
low-angle boundaries and contains very high dislocation densities. MA
constituents retained between the ferrite crystals have an acicular morphology.
This morphology is close to BI in the system of Ohmori et al. [29], B2m in
Bramfit and Speer system [16] and degenerated upper bainite in Zajac et al
classification system [2]. However, “bainitic ferrite” term has often been referred
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to describe the ferrite (bcc) part in the aggregate of cementite and ferrite in
conventional upper and lower bainite. Therefore, if the ferrite (bcc) part in bainitic
ferrite is referred it is called “ferrite part of bainitic ferrite, otherwise bainitic
ferrite refers to microstructure described above and represented in Figure 8 d.

(a)

(b)

(c)

(d)

Fig. 8. Optical microscopy pictures of the various non-equilibrium ferrite structures (a)
Widmanstätten ferrite, (b) quasi-polygonal ferrite, (c) granular bainitic ferrite and (d)
bainitic ferrite (Kraus and Thompson [28]).
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4

Chemical compositions

Alloy design is one of the first considered issues, while designing a new steel with
targeted mechanical properties. However, the alloying content of steel does not
fully determine the mechanical properties, but manufacturing procedure hot
rolling and cooling parameters, heat treatment parameters…etc) is also of vital
importance. For instance, same steel with different processing conditions can
exhibit rather large variations in properties. To be precise, chemical composition
with the processing parameters determine the microstructure, which in turn
determines the properties of the steel.
Steel is defined as an iron alloy containing C. Mn and Si are generally used as
alloying elements in steel for structural applications including those with bainitic
structures. Microalloying elements such as Nb, Ti V, and B, are considered to be
effective, causing strengthening as well as microstructural refinement in small
quantities below 0.1wt-% (therefore these are called microalloy elements) and are
quite generally used in bainitic steel. Substitutional alloying elements, such as Mo,
Ni, Cr and Cu are alloyed to suppress phase transformation temperatures, i.e. for
reaching certain level of strengthening, since the strength of bainitic structures are
strongly dependant on the phase transformation temperature. Accordingly, the
alloy design of low carbon steels with bainitic structures generally relies on i) low
or ultralow carbon levels, ii) sufficient alloying to obtain
the desired
transformation temperature and iii) microalloying technology in conjunction with
TMCP [1]
The definition of low carbon bainitic (LCB) or ultra low carbon bainitic steels
(ULCB) is rather self-explaining, meaning that C content is lowered from the
levels typical to conventional C-Mn steels. However, the exact definition of low
carbon and ultra low carbon levels is rather unclear. Sometimes low carbon steels
are considered steels with C content below 0.12wt-% [37]. Occasionally steels
with 0.18-0.20 wt-% are called low carbon steels [38]. Definition of ultra low
carbon is not straightforward either. Steels with C content in the range
0.01-0.03wt-% are termed as ultra low carbon steels [39,40], but some have
considered 0.01wt-% as the distinctive limit for ultra low carbon and low carbon
steels [5]. In the following chapters (4.1 and 4.2), a distinction between ULCB and
LCB steels is made, keeping a distinctive limit approximately at 0.02wt-%.
However, beyond the aforementioned chapters no distinction between ULCB and
LCB steels is made, but all steels containing C below ≈0.1wt-% are called LCB
steels.
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4.1

Low Carbon Bainitic Steels (C~0.02-0.10wt-%)

Bhadeshia [41] has listed typical compositions of “advanced bainitic steels” as
shown in Table 2. The early bainitic steels and rapidly (i.e. accelerated) cooled
bainitic steels contained C between 0.08-0.10 wt-%, but also microalloying
elements were utilized in these steels. In the two examples of LCB steel
compositions (although termed as ULCB steel in the list) given in Table 2.
Advanced bainitic steels (as given in 1999) [41].2, the C content is between
0.02-0.03wt-% and Nb-Ti and Nb-Ti-B microalloying are applied. Both LCB
steels have relatively high Mn content 1.75-2.00wt-% and Mo or Mo-Ni alloying
is used. In other words, due to reduced C content, these steels must almost always
contain some amount of substitutional alloying elements, such as Cr, Ni and/or
Mo. Due to low C content, as well as due TMCP processing, the use microalloying
is acceptable.
The base of bainitic steels are C-Si-Mn steels with some alloying, such as
microalloying elements Nb, Ti, V, and in conjunction with required levels of
substitutional alloying elements (Cr, Mo Ni, Cu…etc). C content usually lies
between 0.01-0.10 wt-% and there seems to be a natural trend for C content to
increase with increasing target strength levels although several exceptions to this
trend exist.
Typically 500 MPa grade bainitic steels are produced with ultra low C levels
(0.01-0.03 wt-%) as will be discussed in the following section. In 550-600 MPa
grade bainitic steels, the C content can be in the range 0.03-0.04wt-%
[42,43,44,45]. For instance, it has been reported that X80 (Rp0.2>550 MPa)
linepipe steel can be produced with 0.04 wt-% C [43]. Although it has been
reported that 550-600MPa grade with 0.07 wt-% C containing steels with
1.7-2.1Mn, 0.1-0.3Ni, 0.16-0.6Mo alloying contain various levels of Nb (even up
to 0.1 wt-%) [46].
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Table 2. Advanced bainitic steels (as given in 1999) [41].
Typical compositions of advanced bainitic steels (wt%). Note that the steels are fairly similar in composition with respect to the major alloying additions, although
there are significant differences with respect to carbon and trace element concentrations. The farication procedure is also of vital importance in giving a large
variation in properties in spite of the similarities of chemical composition.
No.

C

Si

Mn

Ni

Mo

Cr

NB

Ti

B

Al

N

Others

1
2
3
4

0.100
0.039
0.081
0.110

0.25
0.20
0.25
0.34

0.50
1.55
1.86
1.51

–
020
0.20
–

0.55
–
0.09
–

–
–
–
–

–
0.042
0.045
0.029

–
0.015
0.016
–

0.0030
0.0013
–
–

–
0.024
0.025
–

–
0.0030
0.0028
–

–
–
–
–

Early bainitic steel
Rapidly cooled bainitic steel
Rapidly cooled bainitic steel
Rapidly cooled bainitic steel

5
6
7

0.100
0.040
0.150

0.25
–
0.35

<1.00
0.40
1.40

–
–
–

–
–
–

–
–
–

–
–
0.022

–
–
0.011

–
–
–

–
0.05
0.035

–
–
–

–
–
–

Bainitic dual phase steel
Triple phase steel
Bainitic dual phase steel for buildings

8
9

0.020
0.028

0.20
0.25

2.00
1.75

0.30
0.20

0.30
–

–
0.30

0.050
0.100

0.0020 0.0010
0.015
–

–
0.030

0.0025 –
0.0035 Cu 0.3, Ca 0.004

ULCB steel
ULCB steel

10

0.080

0.20

1.40

–

–

–

–

0.012

–

0.002

0.0020

Inoculated acicular ferrite steel

11
12
13
14
15

0.15
0.09
0.09
0.09
0.12

0.80
0.25
0.40
0.25
–

1.40
1.00
1.40
1.40
1.40

–
0.50
–
–
–

0.20
1.00
–
–
–

–
–
–
–
–

–
0.10
0.07
0.07
0.08

–
0.02
–
0.02
–

–
0.002
–
0.002
0.004

–
0.04
0.04
0.04
–

–
V 0.15
0.006 –
0.010 V 0.06
0.006
–

Forging steel (high strength)
Forging steel (100% bainitic)
Forging steel (Nb+V)
Forging steel (Nb+B)
Cold-heading steel
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When the target strength level increases above 700 MPa, C content is rarely below
0.03wt-%, but typically is adjusted to be in the range of 0.04-0.08wt-%
[23,25,47,48,49]. For example, API X100 (Rp0.2>696 MPa) and X120 (Rp0.2>836
MPa) linepipe steels have been reported to contain 0.04-0.07wt-% of C [23,25,47,
48].
With increasing strength levels up to 850-960 MPa, variation in the C content
increases and it has been reported to be in the range from 0.04 wt-% [50] to 0.11
wt-% [51]. Naturally, the lower C 900 MPa grade requires higher amounts of other
alloying elements than those in 0.11 wt-% C steel. For instance, according to
Garcia et al. [50] 0.04 wt-% C bainitic steel also contains 1.0Mn-1.0Mo3.5Ni-1.3Cu-0.045Nb, whereas according to Dong et al. [51] 0.11wt-% C bainitic
steel is B alloyed with 1.36Mn-0.2Mo-0.06Nb.
In other words, the C content of LCB steels has a tendency to increase with
increasing target strength level, but same strength level can be obtained by rather
different C contents. This is probably due to different requirements of other
mechanical properties, such as impact toughness properties, different margins in
processing conditions as well as economy aspects.
Si is frequently used in LCB steels for deoxidation and to improve the strength
[52,53]. However, with excess of Si, the HAZ toughness and weldability are
impaired [53,54]. Deoxidation of the steel can be achieved sufficiently by Al or Ti,
and Si need not be always added. Anyhow there rarely exists LCB steels without
intended Si alloying. On the other hand, Si content in LCB steels is rather fixed
between 0.1-0.3 wt-% [42,47,48,49,52,53] and is rather independent of the
strength level. Yet, higher Si steels with 0.4-0.6 wt-% have been occasionally
reported [54].
Mn is an essential element for promoting low carbon bainitic microstructures
and in improving the balance between the strength and low temperature toughness
[52,53,55]. If the Mn content is too high, however, hardenability of the steel
increases, so that not only the HAZ toughness is deteriorated, but also centerline
segregation of the continuous cast steel slab is promoted and the low temperature
toughness of the base metal is impaired. Mn content in LCB steels lies typically
between 1.3-2.0 wt-% [25,43,44,46,47,49,53,54,55], although occasionally Mn
content above 2.0 wt-% have been reported [42]. There seems to be a rough
relation between higher Mn and higher strength level. For instance, X80 linepipe
steels contains roughly 1.4 wt-% of Mn [43], but higher strength, grades X100 and
X120 have Mn contents close to 2.0 wt-% [25,48]. Generally, as distinct from
conventional quenched and tempered (QT) steels with tempered martensitic
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microstructures, LCB steels have higher Mn content (1.3-2.0 wt-%), whereas QT
steels have lower Mn content below 1.3wt-%, typically around 1.0 wt-% [41i,57].
As LCB steels have been produced via TMCP, the use of microalloying
elements is well reasoned. The microalloy elements do not only promote bainite
formation, but they can also bring about significant microstructural refinement
during TMCP and therefore improve toughness properties.
Nb alloying is generally applied in TMCP steels, since it retards austenite
recrystallization and prevents grain growth enabling proper hot and controlled
rolling stage in TMCP, for instance [6]. Conventionally, TMCP steels (with ferritic
pearlitic microstructures) contain Nb by about 0.03-0.04 wt-% [6], although higher
Nb contents up to 0.06 wt-% are not unusual in these steels. Also LCB steel
generally contain Nb, but their Nb contents are slightly higher than in conventional
TMCP steels, typically between 0.04-0.06wt-% [42,43,48]. Higher Nb content
(about 0.09-0.10 wt-%) has alson been suggested [46,48]. On the other hand, some
Japanese LCB steels rely on the lower Nb content between 0.01-0.02 wt-% [59].
Nb can be harmful for HAZ toughness and therefore its upper limit in high
strength linepipe steels has been set as 0.05-0.06 wt-% in some LCB steels [52,53].
Ti is added to LCB steels to bind free N that is harmful to toughness by
forming stable TiN that prevent austenite grain growth in the reheating stage at
high temperatures. TiN precipitates can also prevent grain coarsening in HAZ
during welding and therefore improve its toughness. Ti also plays the role of fixing
N, which is detrimental to the hardenability improving effect of B. For this
purpose, at least 3.4xN (% by weight) of Ti is required [52,53]. Therefore, Ti
content depends on the N content of the steel. In modern steelmaking practices, N
contents can be few tens of ppm and in modern LCB steels ,Ti is present in the in
the range of 0.01-0.03 wt-% [43,45,48,52,53]. However, if Ti content is too high,
coarsening of TiN and precipitation hardening due to TiC develop, and the low
temperature toughness may be deteriorated [52]. Nevertheless, some high strength
strip steel with low carbon bainitic microstructures contain 0.1-0.2Ti, part of the
strengthening is expected to be due formation of fine TiC [60].
V is not so frequently used as a single microalloying addition in the LCB, but
occasionally in conjunction with Nb [61]. Typically, V contents are in the range of
0.03-0.10 wt-%. The upper limit of up to 0.10 wt-% is allowable depending on the
HAZ toughness and field weldability, and the particularly preferred range is from
0.03 to 0.08 wt-% [52].
B is a well-established microalloying element to suppress formation of
diffusional transformation products such as polygonal ferrite and thereby to
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promote formation of low carbon bainitic structures [?vvi?,25,38,52,53]. B
alloying is not frequently applied in lower strength LCB steels in the range of
500-600 MPa [42,43,45]. At higher strength levels above 700 MPa, B alloying
becomes more common [4,25,43]. Typically B alloying is between 8 ppm to 20
ppm [43,53,54,59]. However, some higher strength linepipe steels, such as X100,
can still be produced without intended B alloying [48]. The low temperature
toughness is rapidly deteriorated when B content exceeds 10-20 ppm and therefore
higher B contents are generally avoided. B concentrations above 30 ppm are
considered to be ineffective from strengthening point of view [45].
In the case of other alloying elements (excluding Mn, Si and microalloy
elements), there is no strict rules about the concentrations of these elements.
Generally, it can be stated that the lower the C content and the higher target
strength level, the higher the amount of substitutional alloying elements required
(in conjunction with microalloying elements), in order to obtain certain strength
levels. The substitutional alloying elements should still be used with care, since
some substitutional alloying elements can cause brittleness, if too high
concentration are applies, such as Mo [52] Some substitutional alloying elements
seem to be preferable from the metallurgical point of view, but are uneconomical
especially at higher concentration, such as Ni as an example [62].
Cr increases the strength of both the base steel and weld, but in excess the
HAZ toughness as well as field weldability are adversely deteriorated. Therefore,
the upper limit of the Cr content is 0.6% in high strength linepipe steels [52]. In
bainitic-martensitic steels, Cr is not thought to be effective by solid solution
strengthening and precipitation strengthening, but the main contribution of Cr is
due to transformation strengthening [63]. However, excess Cr above 1.0 wt-% can
cause can cause significant loss of toughness. The use of Cr is not widely
established practice in LCB linepipe steels especially at lower strength grades,
such as X80 [42,43], but in some higher strength grades (X120), Cr can be
frequently used [4,27,53].
Ni is a well known alloying element that increases strength without any loss
of toughness and/or HAZ toughness [53]. Ni is economically not an interesting
alloying elements and its use is avoided in lower strength steels (X80) [42,43,59].
But in higher strength LCB steels (X120), where high low-temperature toughness
is required Ni additions up to 0.5-1.0 wt-% are used [43,53]. In cases, where ultra
high strength level in conjunction with high low-temperature toughness is
required, high Ni additions of about 3.5 wt-% can also be used [50].
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Mo has been found to promote low carbon bainitic structure at small
concentrations of about 0.1-0.3 wt-%, but at higher concentrations (0.3 wt-%) it
can deteriorate toughness of high strength LCB steels [52,53]. Mo is not an
economically acceptable alloying element and it is not always used in 500-600
MPa grade LCB steel [42] and if it is used, its concentration is not higher than
0.1-0.25wt-% [41,43,47]. However, in the case of B alloying, Mo is most likely
required to ensure effectiveness of B, but still the Mo concentrations should be
limited to 0.4-0.6 wt-%, because higher concentrations decrease toughness and can
sometimes reduce the effect of B [52]. On the other hand, high Mo concentration
of 0.35-0.6 wt-% are used in fire resistant LCB steels in together with Nb alloying
[64].
Cu can promote low carbon bainitic structures [52,53], cause solid solution
hardening [65] and precipitate out of ferrite matrix, for instance, as ε-copper, thus
contributing to precipitation hardening [46,47,48]. Cu can promote bainitic
structures even at small concentrations of 0.1-0.4 wt-% [52,53,58], but small
contribution can come via solid solution strengthening [65,68]. Further, Cu has
beneficial effect even at small amounts (~0.2-0.25 wt-%) against hydrogen
induced cracking (HIC) and sulphide stress corrosion cracking (SSCC), which
supports the use of Cu in steel exposed to H2S and CO2 environments [52,53]. In
LCB steels, where Cu precipitation strengthening is intentionally applied, the Cu
contents are higher. Typically Cu content can lie between 0.7-1.5 wt-% [68],
although even higher Cu contents for precipitation strengthening has been reported
[69]. When added in excessive amounts, Cu deteriorates field weldability and the
HAZ toughness. Therefore, its upper limit is set to 0.8-1.2% in high strength
linepipe steel [52,53].
4.1.1 Role of alloying elements in promoting low carbon bainitic
structures
Mesplont et al. [70] have investigated in detail the effects of chemical composition
and cooling rate to obtain the bainitic structure and desired mechanical properties.
The
effects
of
alloying
elements
on
the
isothermal
time-temperature-transformation (TTT) diagram are schematically shown in
Figure 9, C, Mn, B and Cr retard, the ferrite formation, whereas Nb alloying in
conjunction with the austenite deformation accelerates the ferrite formation.
According to them, Mo and Cr alloying not only retard the ferrite formation, but
also suppress the bainite phase transformation start temperatures.
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Fig. 9. Effect of alloying elements TTT diagram after Mesplont et al. [70].

The effect of various alloying elements on the formation of ferrite and bainite is
shown in a CCT-diagram in Figure 10. C, Mn, Cr and B are the elements retarding
the formation of ferrite and pearlite, and in fact, also the kinetics of bainite
formation. The findings are similar to that presented in the TTT diagram in Figure
9. Si and P seem to enhance ferrite and pearlite formation. According to Figure 10,
C and Mn are the only elements that retard bainite phase transformation
temperatures, whereas Al seems to be the element that increases phase
transformation temperatures.

Fig. 10. Influence of alloying elements on the kinetics of the formation of ferrite, pearlite
and bainite under continuous cooling [70].

A significant aspect of bainite formation can be observed in Figure 9 and Figure 10.
When pearlite and ferrite formations are suppressed, the bainite nose exposed is almost
flat, which means that bainitic microstructures are obtained in a wide range of cooling
rates.
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As shown in previous figures, not only the main contribution of alloying
elements is to suppress the formation of polygonal ferrite, but also to suppress
bainite transformation field towards lower temperatures. The dependence of Bs on
the steel composition, likewise Ms, is suppressed by the most alloying elements
and can be expressed as a linear function of alloying elements (in wt-%) as follows
[58]:
Bs (°C) = 830 -270C - 90Mn - 37Ni -70Cr - 83Mo.

(1)

As seen from Equation 1, C has a pronounced effect on the Bs temperature. Further
Mn, Cr and Mo has a pronounced effect in suppressing bainite transformation
temperature, whereas Ni, has a smaller effect.
Figure 11 a and b show the CCT-diagram and Bs and Ms temperatures measured in commercial steels. The Bs temperatures, which were measured in the
region without ferrite transformation are plotted, because Bs temperature goes
down when ferrite forms. As can be seen from Figure 11 b, the C content dependency of Bs is much smaller than that of Ms. When the C level is very low, Bs temperatures increase slightly. This is probably due to the effect of the C partitioning
that occurred at bainite nucleation. The addition of alloying elements is also attributed to the decrease of the of Bs temperature [30]. However, in practice, the alloying slightly affects the Bs temperature, except the carbon content (0.1%C), as seen
in Figure 11 b. Addition of 9 wt-% of Ni shifts significantly the phase transformation to lower temperatures, from 600–650°C to 500–550°C.

Fig. 11. CCT diagrams (a) and Bs and Ms temperatures for low alloyed steels (b) (Ohtani
et al. [30x]).

In the previous section, a couple of CCT diagrams were displayed. In Figure 12,
the CCT diagram of a high strength steel of YS 690 MPa (X100) is shown. It can
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be seen that the bainite nose is pronounced (although the critical cooling rate
≈50°C/s) and the Bs does not depend on the cooling rate, which is a desirable
synergistic effect of Mo and B. In fact, the Nb-Mo microalloying systems have
been proven to be effective in achieving the strength requirements of X70 and X80
pipes, in heavier wall thicknesses in particular [72].

Fig. 12. Typical CCT-diagram of the X100 grade steel [73].

Richter et al. [14] have discussed the state of art of structural steels of 690 MPa YS
level referring to several standards and explained the metallurgical reasons for the
alloy concepts. The composition limits of Grade 690 MPa steel according to
several codes are listed in Table 3. It can be seen that ASME 514 defines the
composition more closely than EN.
Table 3. Chemical composition of YS≈690 MPa steels according to different codes [14].
EN10137
S690QL

NORSOK
md y70

ASTM
A514gR-f

EN101491)
S700MC

API-5L
X1002)

HY1003)

ASTM
SA543-B2

£0,20
£0,80
£1,70
£0,50
£0,70
£2,00
£1,50
£0,12
£0,06

£0,16
0.20–0,40
0,90–1,00
£0,40
£0,50
0,80–1,00
≤0,65
0,02–0,06
≤0,020

0,10–0,20
0,15–0,35
0,60–1,00
0,15–0,50
0,40–0,60
0,70–1,00
0,40–0,65
0,03–0,08

£0,12
£0,60
≤2,10

∼0,07
∼0,30
∼1,90
∼0,20
∼0,20
∼0,25

0,12–0,20
0,15–0,38
0,10–0,40

∼0,13
∼0,25
∼0,30

0,35–0,60
2,75–3,50
1,40–1,80
≤0,03

∼0,40
£3,00
≤1,50

thickness

≤150mm

≤80mm

≤65mm

≤80mm

impact
energy

30J
@-40°C

100J
@-40°C

C
Si
Mn
cCu
Mo
Ni
Cr
V
Nb
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≤0,50

£0,20
≤0,09

∼0,05

≤12mm

≤20mm

32–76mm

40J
@-20°C

200J
@-20°C
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@-86°C

Especially in USA, high-strength plates have also been produced strengthened by
copper alloying, which provides the precipitation strengthening in
C-Mn-Cr-Ni-Mo type steels (see later the Cu-alloyed DQT steels). Table 4 lists
chemical compositions of bainitic or martensitic steels in commercial production
at Bethlehem Lukens (SpartanTM, A710, HSLA-80/100 grades).
Table 4. Copper-alloyed high strength steels produced at Bethlehem Lukens.
Heat Analysis, weight percent
Chemistry*
C**

Mn

Cr

Ni

Mo

Cu Application

SpartamIM I

Min.
Max.

–
.07

.40
.70

.60
.90

.70
1.00

.15
.25

1.00 Navy HSLA-80
1.30 ASTM A719A

SpartamIM II

Min.
Max.

–
.07

.75
1.15

.45
.75

1.50
2.0

.30
.55

1.00 Navy Thin HSLA-100
1.30

SpartamIM III

Min.
Max.

–
.07

75
1.15

.45
.75

3.35
3.65

.55
.65

1.15 Navy Thickn HSLA-100
1.75

SpartamIM IV

Min.
Max.

–
.07

75
1.15

.45
.75

2.40
3.00

.45
.65

1.00 Navy Intermediate
1.30 HSLA-100

SpartamIM V

Min.
Max.

–
.07

.90
1.40

.40
.60

.65
.85

.40
.60

.90 Bridges
1.10 HPS-100W

* All grades 40 max. Si and 02-.06 Cb. Baseline maximum f .015/ P and 005% S, lower specified
maximums will be considered upon request.
** More restrictive levels are available when specified.
***.05-.07V

Also, Vaynman and Fine [74] report about the development of Cu-bearing
(≈0.03C-0.5Mn-0.06Nb-0.5-0.8Ni-0-0.03Ti-1.3-1.5%Cu) steel plates (from 0.5 to
2 inches in thickness) of Grade X70-80 at Inland Steel Company and Oregon Steel
Mills, Portland, Oregon USA.
4.2

Ultra-low Carbon Steels

Trend for lower C contents in microalloyed steels has lead the research interest to
development of ultra low carbon Steels. The difference in C in content between
LCB and ULCB steels is diffuse and sometimes it is unclear whether a clear
distinction between these two types of steels in necessary to make. For instance,
Ohtake [75] reported a group of bainitic steels, which were based on much lower
carbon contents (≈0.018-0.02%). As demonstrated in Figure 13 and Table 5, the
lowering of the carbon content makes possible to obtain much finer bainite grain
size and fine particle distribution in TM processing and consequently improved
strength and toughness. These kinds of ULCB steels were developed to meet the
target properties of X70 and X80 linepipe steels.
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Fig. 13. Comparison of austenite grain structure development and final microstructure
during TMCP between Nb-Ti microalloyed ULCB steel and conventional 0.1C
containing bainitic steel [75].
Table 5. Chemical compositions of ULCB X70 and X80 type linepipe steels [75].
Grade

C

Si

Ma

P

*S

Ni

Mo

X-70

0.020

0.13

1.89 0.020 0.002

–

–

X-80

0.018

0.16

2.01 0.019 0.003 0.32

Nb

Ti

B

Al

N

C *

P **

0.048 0.016 0.001 0.044 0.0025

0.335

0.124

0.30 0.052 0.018 0.001 0.041 0.0024

0.434

0.154

Cizek et al. [5] investigated several ULCB steels (their compositions are given in
Table 6) and found that elements of Mo or B in single alloying do not increase the
hardenability considerably in ULCB steels, but the presence of Mo with B has a
more significant influence. Deformation of austenite below recrystallization
temperatures, in turn, enhances the formation of ferrite, i.e. reduces the
hardenability, but does not change the hardenability of steels with non-equilibrium
ferrite microstructures. Examples of CCT-diagrams for the ultra low-carbon steels
A and D are displayed in Figure 14.
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Table 6. Chemical compositions of the ultralow-carbon (A,B,C,D) and low-carbon
(E,F,G,H) steels (Cizek et al. [5]).
Steel
A
B
C
D
E
F
G
H

C

Si

Mn

P

S

Mo

Nb

Ti

B (ppm)

0.005
0.007
0.007
0.009
0.046
0.043
0.043
0.044

0.189
0.212
0.200
0.205
0.212
0.210
0.200
0.220

1.68
1.67
1.64
1.70
1.64
1.67
1.68
1.73

0.020
0.021
0.017
0.024
0.024
0.018
0.019
0.019

0.010
0.011
0.011
0.011
0.009
0.011
0.012
0.010

0.027
0.309
0.008
0.273
0.045
0.260
0.004
0.260

0.023
0.024
0.022
0.030
0.029
0.022
0.021
0.022

0.014
0.016
0.015
0.016
0.015
0.016
0.017
0.017

<1
<1
20
35
<1
<1
20
19

Fig. 14. Diagrams of the ULC steels (d=90 μm) A (a,b) and D (c, d) (Table 6) in
recrystallized (a,c) and deformed (0.47 strain at 875°C) (b, d) conditions [16]. PF=
polygonal ferrite, QF= quasi-polygonal ferrite,

GF= granular bainitic ferrite, BF=

bainitic ferrite and M=martensite.

Kawasaki steel has reported about the development of extremely low carbon
bainitic high-strength steel to be applied to bars for machines, plates for bridges
and heavy gauge H-shapes for buildings by utilizing the TMCP processing and
copper precipitation (sc. TPCP technology, thermo-mechanical precipitation
control process) [76,77]. Typical compositions are given in Table 7. In these
extremely low (~0.016C-1.58Mn) carbon steels only bainite (quasi-polygonal
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ferrite, granular bainitic ferrite, bainitic ferrite) is formed over a wide range of
cooling rates, as seen from Figure 15.
Table 7. The chemical composition of the extremely low carbon bainitic steel compared
to conventional ones [76].
Steel
Extremely-low
carbon bainitic

C
0.016

Si
0.32

Mn
1.58

P
0.014

S
0.003

Al

Others

Ceq

Pcm

0.029

Cu, Ni, Nb,
B, Ti

0.30

0.144

0.38

0.175

0.40

0.218

Conventional
TMCP (X80)

0.06

0.28

1.82

0.004

0.001

0.034

Cu, Ni, Nb,
V, Ti

Conventional
QT (SM570Q)

0.12

0.23

1.45

0.014

0.003

0.024

Cu, Ni, Mo,
V, Ti

Ceq = C + Mn/S + Si/24 + Ni/40 + Cr/5 + Mo/4 + V/14
Pcm = C + Si/30 + (Mn+Cu+Cr)/20 + Ni/60 + Mo/15 + V/10 + 5B

Fig. 15. CTT diagram and microstructures of the new extremely low carbon steels
[76,77].

Therefore, the strength level can be satisfied for a plate from 8 to 100 mm and
scatter in properties within the plate due to variation of the cooling rate is minimal.
Even the cooling rate of 0.1°C/s is fast enough. Superior strength and toughness
can be obtained when the austenite transforms at lower temperatures. Precipitation
of Cu (0.5-1.0%Cu) enhances the strengthening. However, the YS level obtained
in these steel plates seem to be only about 450 MPa, as shown in Table 8.
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Table 8. Mechanical properties of the ULCB steels [76].
Thickness
(mm)

Pos

Direction

0.2 % PS
(MPa)

TS
(MPa)

El
(%)

VE-5
(J)

38

1/4 t

L
T

459
480

596
627

31
30

371
337

1/2 t

L
T

458
485

591
626

29
29

380
331

1/4 t

L
T

470
472

587
599

31
29

365
293

1/2 t

L
T

439
458

576
596

30
27

389
315

75

L = longitudinal; T = transverse

The chemical composition of the developed bar steel was 0.007C-0.24Si2.01Mn-0.015P-0.016S-0.036Al- plus Cu,Ni,Nb,Ti and B [77]. Mechanical
properties were good: YS 690-730 MPa, TS 813-840 MPa, YR 86%, El 22-26%,
and toughness excellent. Weldability of the steel was also very good.
4.2.1 Summary of chemical compositions of ULCB and LCB steels
In summary, the compositions of LCB steel are based on low C- high Mn base
alloying and usually Nb-Ti and Nb-Ti-B microalloying are applied. Cr, Mo, Ni and
Cu alloying can also be used depending on the application.
The basis of LCB (and ULCB) steel relies on the C-Si-Mn alloying. The
carbon content can vary significantly within the same strength grade steels but
there a tendency to increase C with increasing strength level. Si alloying is quite
commonly used, but its concentration is rather limited between 0.1-0.3 wt-%. Mn
content c varies typically in the range 1.3-2.0 wt-% and in high strength grades its
content is close to 2.0 wt-%. Due to TMCP processing and also low C content, the
use of microalloying elements is well established. Nb alloying is generally used in
LCB steels, its concentration typically is in the range 0.03-0.06 wt-%, although
wider range for the use of Nb has been suggested from 0.015 wt-% even up to 0.1
wt-%. Ti alloying is also generally used in binding harmful free N and preventing
grain growth during TMCP by forming stable TiN. Ti concentration can vary from
0.01 wt-% to 0.03 wt-%. Higher Ti (0.1-0.2 wt-%) can be used when precipitation
strengthening due to TiC formation is looked for. B alloying is not always used in
lower strength grade LCB steels (below 600 MPa), although its use not unusual in
these grades. In higher strength grades, B alloying is commonly applied. The
optimum B concentration is thought be between 8-15 ppm. V is frequently used in
LCB steel. When V alloying is used (usually in conjunction of Nb alloying.) its
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content is in the range of 0.04-0.10 wt-%. Concentration of substitutional alloying
element depends on the required strength level, C content of steel and processing
conditions. Mo is quite commonly alloyed in LCB steels, but from the economic
point of view as well as toughness reasons its concentration is limited between
0.1-0.3wt-%. Ni is applied in higher strength grades, where good low temperature
toughness as well as HAZ toughness is required. The maximum Ni content is
usually limited to 1.0 wt-%, although in some extreme applications, where high
strength and good low temperature toughness is required, higher Ni contents can
be used. Cr is not frequently used in LCB steels, but if it is alloyed, its
concentration is not usually higher than 1.0 wt-%. Cu is not always used in LCB
steel, but can be used at small concentration of 0.2-0.4 wt-% to promote bainitic
structures. When precipitation strengthening from Cu alloying is looked for, its
concentration is targeted between 0.7-1.5 wt-%.
The aims of alloying are two folds. i) to retard ferrite and pearlite formation
(to a large extent) in order to reveal “flat bainite nose”, ii) to lower the bainite
phase transformation temperatures to take a full advantage of the phase
transformation strengthening.
In the following chapters influence of alloying elements on LCB
microstructures and mechanical properties are discussed separately.
4.3

Carbon

As mentioned earlier, C is not a preferred source of strength, because it has
detrimental effects on weldabilty and weld toughness [1,5]. Hence, C content in
low carbon, microalloyed high strength steels is reduced between 0.01-0.06 wt-%.
C increases strength and hence its content depends on the strength level. For
instance, in 500 MPa LCB offshore grade steel, C content is reduced well below
0.04 wt-% (even down to 0.01-0.02 wt%) [78], whereas in high strength line-pipes
steels (X100, X120) C contents between 0.04-0.06 wt-% are commonly used
[4,79].
C increases the strength of bainite via four different routes: i) by retarding
phase transformation to lower temperatures giving rise to the phase transformation
strengthening ii) solid solution strengthening [80] iii) formation of carbides or MA
microconstituents [35,45,80], iv) and by forming microalloy carbides giving rise
to precipitation strengthening [6].
The phase transformation retarding effect of C is present in all steels as long as
C remains in solid solution in austenite. Although C has a dramatic solid solution
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strengthening effect in iron, the equilibrium C content is negligible at room
temperature. As carbon being very mobile at bainitic transformation temperatures
any carbon supersaturation should be very quickly reduced by partitioning into
either the surrounding untransformed austenite or as interlath/intralath carbides.
This would be expected to be true for LCB steel, where C content is low and
transformation temperatures are relatively high. On the other hand, there seems to
exist evidences that there is a residual supersaturation of C atoms bound to
dislocations in bainitic ferrite [81]. According to Nathani et al., additional
interstitial hardening from C can be expected even in 0.05C Nb-Ti steel [82]. The
formation of cementite is suppressed in LCB and hence contribution of C via that
mechanism is not present, but the cementite is often replaced in microstructure by
MA microconstituents. These microconstituents do not probably contribute to the
strengthening via dispersion strengthening, but they may influence on the ability
of dislocations to pass through the lath boundaries, at which the MA
microconstituents are located. The precipitation strengthening due to fine
microalloy precipitates is possible, but if bainitic steels are transformed at low
temperatures and they are rapidly cooled, slow kinetics of microalloy precipitation
may not allow significant effect on the strengthening. On the other hand, if
subsequent heat treatment is carried out, this may offer a good opportunity for
microalloy carbides to precipitate [79].
It is well established that reduction in volume fraction of MA microconstituents with decreasing C content improved toughness without any significant loss of
strength and therefore reductions in content are justified [45]. Precipitation
strengthening generally decreases toughness, but if other microstructural refinement is simultaneously used, precipitation strengthening is an effective way to
increase strength without sacrificing toughness of steel [79]. However, if carbon
content is reduced to extremely low levels (~0.01 wt-%), for instance, Nb carbides
will then not form to the required level, leading to a significant deterioration in
toughness [45].
4.4

Manganese and Silicon

Mn and Si are two elements that are generally used in structural steels [6,80]
without exception of LCB steels. Both elements exhibit significant contribution of
solid solution strengthening [79,80].
Mn being a solid solution strengthener and a strong austenite stabilizer, it
increases ferrite matrix strength and contributes strongly to the hardenability and it
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has been established as an essential alloying element for obtaining the
microstructures consisting of low temperature bainite transformation products
such as fine-grained lower bainite, giving rise to excellent balance between
strength and low temperature toughness in high strength linepipe steels [52,53].
Furthermore, as Mn stabilizes austenite and delays bainite transformation at a
given temperature, it offers a few advantages from steel processing point of view.
Firstly, austenite field is extended to lower temperatures, which offers a wide
temperature gap for proper controlled rolling [6]. Secondly Mn alloying is useful
for obtaining desired bainite transformation delay time needed for ausaging (i.e.
interrupted accelerated cooling in the bainite field) in the high strength linepipe
steels [53].
Effect of 2.0 wt-% of Mn alloying on the TTT diagram of Fe-0.4C alloy is
seen in Figure 16 a. Mn retard both reconstructive (diffusional transformation such
as polygonal ferrite) and displacive transformation (such as bainite) to lower
temperature and longer times, the retardation being greater for reconstructive
transformation than for displacive one. As a result a flat-topped bainitic field is
revealed [41]. Effect of Mn on isothermal transformation kinetics at 400°C of
0.06C-0.55Si-2Ni-0.4Mo-0.6Cr steel is shown in Figure 16 b. Mn retards the
decomposition of austenite to longer times, it also decreases the obtained volume
fraction at isothermal hold [83].

(a)

(b)

Fig. 16. Effect of 2.0Mn on the TTT-diagram of 0.4C-Fe steel (a) [41]. Calculated
influence of Mn concentration on the kinetics of bainite reaction (b) [83].

Si is found to be the most effective solid solution strengthener among the alloying
elements. Preferably it has the function of deoxidation and the effect of enhancing
the strength [79]. On the contrary to Mn, Si is a strong ferrite stabilizer [53] and
may increase the ductile to brittle transition temperature. This effect was
elucidated by Brownrigg [84], who studied influence of Si on low C (0.04 wt-%)
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high Mn (3.8 wt-%) alloys with bainitic structures in normalized condition. He
found that Si decreased the transformation temperatures and increased the strength
and hardness. On the other hand, even small Si addition of 0.3 wt-% caused a
significant increase of 20°C in DBTT compared to alloy with 0.08 wt-% of Si.
When Si was added excessively, weld heat-affected zone toughness and
weldability remarkably deteriorated. This may have been caused by the fact that
increase in Si content promotes an increase in volume fraction of brittle MA
islands in the heat affected zone (HAZ) [85] or that high silicon contents have been
found to decrease the formation of the favourable acicular ferrite structure in HAZ
[86] and therefore, the upper limit of an Si content is usually maintained between
0.3-0.6 wt-% in LCB steels.
Manohar and Chandra [87] have investigated effect of the combined additions
of Si and Mn on the behaviour of C-Si-Mn-Mo-Nb-Ti linepipe steel both in
undeformed and thermomechanically processesed conditions. They found that the
steel with a higher level of Mn+Si addition (1.96 wt-%) exhibited lower Ar3,
sluggish transformation kinetics and higher hardnesses in undeformed and
thermomechanically processed conditions as compared with those of the steel with
a lower level of Mn+Si addition (1.17 wt-%). These effects are explained in terms
of the effects of Mn and Si contents on the carbon partitioning and the subsequent
phase transformation behaviour of these steels during continuous cooling.
4.5

Nickel

Nickel is a well-known alloying element in steel, which can simultaneously
improve both strength and toughness. The reasons for this behaviour are not
completely understood, but following explanations can be suggested:
–

Ni is a strong austenite stabilizer, hence promoting the formation of stable austenite, which does not transform into brittle martensite under stresses. Stable
austenite is thought to be beneficial in improving the toughness [88].

–

Solid solution strengthening of Ni is pronounced at room temperatures, but its
influence decreases with decreasing temperature. Hence, solid strengthening
effect at low temperature is small, which can result in improved impact toughness properties [89].

–

Ni is thought to influence the stacking fault energy of ferrite, thus making
twinning easier at lower temperatures. Hence stress intensification at the tip of
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a twin does not take place so easily [90]. Ni can also enhance cross-slip of
dislocation and thereby contributing ti lowering of the DBTT.
For the economic reasons Ni content is targeted to be well below 1.0 wt-% in
steels other than those intended for the cryogenic applications. However, in the
presence of Cu, Ni is preferably alloyed to prevent hot shortness in steels [91].
4.6

Molybdenum and Chromium

Mo concentration of LCB steel is usually maintained between 0.1-0.6 wt-%. Mo is
a strong carbide former, that forms hard stable carbide Mo2C as well as the double
carbides such as Fe4Mo2C or Fe21MoC6 [92]. In the presence of Nb, the formation
of Mo-rich NbC is possible [94]. Mo can be added for improving the hardenability
of steel and obtaining bainite, martensite, or a mixtures of bainite and martensite
dominant structure, which provides an excellent balance between strength and low
temperature toughness. This is due to the fact that Mo efficiently retards the
formation of polygonal ferrite formation and lowers the bainite transformation
temperature [70]. The effects may be enhanced further by adding B or Nb in
combination with the addition of Mo. Especially in the case of B alloying, Mo is
most likely required to ensure effectiveness of B, although also Nb can behave
similarly [93].
Cr increases the strength of both base steel and weld portion, but if its content is too
high, the HAZ toughness as well as the weldability are extremely deteriorated [52,53].
In bainitic and martensitic steels, Cr is not effective in solid solution strengthening or
precipitation strengthening, but the main contribution of Cr is transformation
strengthening [63]. Some LCB steels can be Cr-free, but Cr can be alloyed even close
to 1.0 wt-% in some LCB steels applications. Similar as Mo, Cr also tends to promote
the formation of bainite dominant microstructure by suppressing the formation of
polygonal ferrite [70]. Cr also improves corrosion resistance and hydrogen induced
cracking (HIC) resistance of steel [53].
4.7

Copper

As mentioned earlier in section 4.1 Cu is utilized in some LCB steels. Copper is an
austenite stabilizer. Since Cu has graphitising effect its maximum concentration in
low carbon steels is between 1.5-2.0 wt-% [53].
Copper can increase the strength by i) retarding phase transformation, ii) via
solid solution strengthening and by iii) precipitation strengthening.
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Cu is a desirable alloying element to stabilize austenite and promote bainitic
microstructure. Being a austenite stabilizer, Cu can decrease DBTT in small
amounts [53]. Cu, at small concentrations, can contribute to strengthening via
solid solution strengthening [65, 68]. This offers an opportunity to reduce C
content of steel and hence improve weldability. However some data indicates that
Cu in solid solution raises DBTT by about 22 °C/wt-%, but Ni depressed DBTT by
about 26 °C/wt-%. Therefore combined additions of Cu and Ni are likely to have
no significant effect on impact toughness properties [84]. On the other hand,
Llewellyn et al. [95] examined the effect of Cu (in the range of 0.15-0.6 wt-%)
with residual elements (Sn, P, As, Sb) on toughness low alloy engineering steels
grades, and found that Cu had no significant effect on the fracture appearance
transition temperature. In reference [68], it was stated that Cu in solid solution
appears to have little effect on the impact properties of hardened and tempered
steel, other than that induced through its effect on hardenability.
The degree of Cu solid solution strengthening is considered to be about 30-40
MPa/wt-% [41,68]. However, recent results indicate that the effect of solute Cu on
strengthening is dependent on the microstructure, so that the increment in
martensitic steel is smaller than that in the ferritic steel. However, it might be
possible that strengthening in ferritic steel is solely due to solute copper, unlike in
martensitic steels, where strengthening due to Cu is mainly attributed to
dislocation strengthening [65].
Due to marked differences in solid solubility between the austenite and ferrite
phase fields, Cu additions can provide substantial precipitation hardening effect in
structural steels, the degree of which is rather independent of microstructure. In
LCB steels, Cu addition to up to 1.5 wt-% are employed, which can provide
strengthening effect up to about 250 MPa [68]. The precipitation of Cu occurs
from supersaturated bainitic ferrite as a consequence of either auto-tempering or
when steel is deliberately tempered [41]. During heat treatment, the peak ageing
temperatures are of the order of 450-550°C depending on the microstructure [68].
An interest fact is that the maximum precipitation strengthening is obtained at a
relatively low temperature, which indicates that bainitic steel are susceptible to Cu
hardening not only during the heat treatment but also during cooling. Unlike
carbides or oxides, Cu is regarded as a soft precipitate in iron, because it
strengthens the iron without causing a decrease in toughness [41].
Cu can be used in high strength steels to substitute for B in order to improve
hardness. Most high strength steels with yield strength above 700 MPa utilize B to
improve hardenability. However Cu alloyed high strength steels avoid the use of
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B, because it has been found to increase the maximum hardness of HAZ. The Cu
alloying in conjunction with direct quenching enables also reduction in C content,
which in B-free steel reduces the maximum hardness of HAZ and hence
susceptibly to cold cracking [43].
A potential difficulty in quenched and tempered copper strengthened steels is
their tendency to crack during stress-relief heat treatment following welding.
Although, the steels are immune to cold cracking, the copper particles are taken
into solution in the HAZ. The stress-relief heat treatment causes precipitation,
which hinders the annealing of residual stresses [41]. Another problem arising
from the Cu- alloying is the hot shortness. This detrimental effect of high Cu
alloying can be overcome by using simultaneous Ni alloying [46].
Cu also improves the HIC resistance of steel, making Cu almost an
indispensable addition for LCB steels for subjected in media containing significant
levels H2S and CO2 [68].
4.8

Niobium

Nb is considered to be effective in four ways and thereby contributing to the
strengthening and toughening of (LCB) steels: i) refining the austenite grain
structure during slab soaking up to 1050-1200°C by introducing fine Nb(C, N)
precipitates ii) retarding the recrystallization kinetics due to solute drag effect at
high temperatures (>1000°C) and preventing the occurrence of recrystallization
due to strain induced precipitation at lower temperatures and thereby contributing
to microstructural refinement, iii) precipitation strengthening during and/or after γ/
α transformation (or subsequent heat treatment) [6,58] and iv) by retarding the
phase transformation to lower temperatures giving rise to transformation
hardening and toughening [58].
Although Nb can improve the toughness of base steels, through
microstructural refinement, microalloying with Nb has been reported to deteriorate
HAZ [97,98]. Nb may also promote the formation of coarse upper bainite structure
by forming relatively unstable TiNbN or TiNb(C,N) precipitates [99,100].
Granville and Rothwell [101] suggested that the cooling time in HAZ rather than
the Nb content is the dominant factor. At short cooling times, Nb had a beneficial
effect on toughness values, but at long cooling times had a detrimental effect. To
guarantee a good HAZ toughness, low (0.02 wt-%) Nb addition is suggested in
TMCP steels [102i]. When C content is reduced to 0.02-0.04 wt-%, the steels can
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sustain Nb addition even up to 0.04 wt-% without any detrimental effect on HAZ
toughness, even in welding with high heat inputs [103].
In addition, Nb alloying between 0.02-0.04wt-% is often required in TMCP
steels to prevent and retard HAZ softening, for instance in X80 linepipe steel
[104].
4.9

Vanadium

V is not always used in LCB steel, but it can be used, for instance, in some high
strenght linepipe steels. Usually V additions are less than 0.1wt-%, typically
between 0.04-0.1 wt-% [52,61].
V is a strong carbide and nitride former, but V(C,N) can also form and its
solubility in austenite is higher than that of other microalloying elements (Nb or
Ti), which leaves V available for the precipitation in ferrite This renders V
microalloyed steels with a particular potential for precipitation strengthening,
because large quantities of V is dissolved at relatively modest temperatures in the
austenite regime. It is notable that solubility of VN in ferrite is about two orders of
magnitude lower than that of VC, which indicates that N has a decisive role for the
enhancement of the driving force for precipitation. On the other hand, in LCB
steels, N content is reduced to low levels and Ti microalloying is generally
applied, which can efficiently tie N [105].
According to Coldren and Micelich [106] 0.08 wt-% addition of V in
0.06C-2.0Mn-0.4Mo Nb-containing steel is not advisable, because it has a
negative effect on hardenabilty. This is due to formation polygonal ferrite instead
of bainite.
4.10 Titanium
Ti can react with N to form TiN, which is a highly stable nitride at high
temperatures. Fine and stable TiN effectively prevents austenite grain coarsening
during slab soaking at high temperatures thus rendering fine austenite grain
structure. These particles are also thought to be effective in limiting the austenite
grain growth in the coarse grain heat affected zone during welding and thereby
improving weldabilty. On the other hand, TiN precipitates are extremely stable and
these can precipitate even in liquid steel, giving coarse TiN sized even up to
micrometer scale. These coarse TiN precipitates are not only ineffective in
preventing austenite grain coarsening, but t can be detrimental to toughness by
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decreasing the transition temperature and strain to fracture. To obtain effective
austenite grains size control without any drop in toughness, the strict control of Ti
and N content is required [107]. The optimum Ti/N-ratio in order to obtain good
toughness in HAZ has been reported to be between 1.5-2.0 [108]. However, in the
presence of B, Ti additions close to the stoichiometric ratio of Ti/N (3,4) are
applied as a common steelmaking practise because free nitrogen is then effectively
eliminated, and the risk of formation of BN is reduced. As will be discussed later,
B is thought to be effective in improving the hardenability only when it is present
as “free” atomic B [109].
Even thought Ti is a strong nitride former at high temperatures, an excess of Ti
over the stoichiometric ratio of TiN is available for the subsequent formation of
TiC, which has far higher solubility in austenite than that of TiN. Therefore, Ti can
be expected to be available for carbide precipitation in ferrite [60,79]. Further,
excess Ti can have its influence on the bainite transformation kinetics. For
instance, 0.1-0.2 wt-% Ti has been found to promote bainite formation in
0.1C-1.8Mn-0.3Ni B-bearing steels [60].
4.11 Boron
B can be an effective element in enhancing the hardenability of the steel and in
obtaining a bainite and/or martensite dominant structure. As a typical feature of B
is its alloying of trace amounts; the controlled concentration of B is ranging from
10 ppm to 30 ppm. B alloying is not indispensable in LCB steels and it is not
always used in steels with yield strength from 500 MPa to700 MPa [3]. On the
other hand, for the LCB steels with yield strengths above 700 MPa [25], such as
X120 linepipe steels, B alloying is found to be crucial in order to promote required
lower bainitic microstructures for high strength and toughness, besides improving
the weldability and maintaining alloying cost at low levels.
The hardenability-enhanced effect of B is based on its non-equilibrium
segregation at grain boundaries. There are several explanations, how this type of
segregation improves the hardenability of steels [110]:
–

The non-equilibrium segregation to austenite grain boundaries reduces the
grain boundary energy and prevents nucleation of ferrite.

–

B can reduce the coefficient of self-diffusion of iron at grain boundaries, thereby reducing the nucleation sites for ferrite. Since the grain boundaries are
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preferential nucleation sites for ferrite, when B segregates to grain boundaries,
these sites will become ineffective.
–

Fine borides form along the grain boundaries. Being coherent with the matrix,
ferrite is difficult to nucleate at the interface between boride and matrix. (This
explanation contradicts with the assumption of atomistic B being effective in
enhancing the hardenability)

A common feature for the aforementioned explanations is that non-equilibrium
segregation of austenite grain boundaries influences on the nucleation process of
ferrite.
The key factors in the effectiveness of B in enhancing the hardenability of
LCB steels are its non-equilibrium segregation on the grain and/or deformation
boundaries and a requirement of B being in the form of atoms, i.e. prevention of
the formation of nitrides and carbides, such as BN and Fe23(C,B)6.
The deformation cycles in the recrystallization/non-recrystallization regimes
and subsequent delay times after finish rolling and the start of accelerated cooling
are of great importance in determining the B segregation on the grain/ deformation
boundaries. In the recrystallization regime of austenite, B can be efficiently
segregated on the austenite grain boundaries. However, too long delay between
finish rolling and initiation of cooling can lead to precipitation of B as carbides,
which may decrease the effectiveness of B. On the other hand, if deformation is
carried out in the non-recrystallization regime of austenite, B cannot keep pace
with deformed austenite boundaries, if holding time between deformation and
cooling is too long and the effectiveness of B will not be optimal. Increasing the
delay time can allow the B segregation on austenite grain boundaries and hence
increase the hardenability. Similarly with deformation in the recrystallization
region of austenite, long delay time may lead to precipitation of carbides, thereby
decreasing the effectiveness of B. It should be stressed that deformation in the
non-recrystallization regime of austenite also creates deformation-induced
boundaries, such as deformation bands. It is unclear whether B can segregate on
these boundaries preventing the ferrite nucleation [90].
As mentioned earlier, the role of Ti in binding the free N and therefore
effectively preventing the formation of BN is well established. To suppress the
formation of Fe23(C,B)6, the combined additions of Nb and B and Mo and B are
found to be effective. This is attributed to a suppression of C diffusion to grain
boundaries by the precipitation of a fine dispersion of NbTix(C,N)y and the
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formation of C clusters of Nb and Mo during rolling or during cooling after rolling
in the austenite region [93].
The effect of B concentration on the strength and toughness properties in a base
composition of 0.029C-1.49Mn-0.047Nb-0.020Ti-0.0020N is shown in Figure 17 [45].
The fraction of bainite increases rapidly as the B concentration exceeds 10 ppm.
Further, tensile properties increase almost linearly when B concentration increases
from 10 ppm to 30 ppm. However, when the B content exceeds 20 ppm, there is a clear
drop in toughness properties. Therefore, it can be concluded, that in order to optimize
the strength toughness balance in low C steels, B content should be between 10-20
ppm.

Fig. 17. Influence of B concentration on the strength and Charpy-V impact properties
for a steel with base composition 0.029C-1.49Mn-0.047Nb-0.020Ti-0.0020N [45].
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5

Mechanical properties

5.1

Strength properties

In principle, the strength of LCB steels is contributed by a number of
strengthening mechanisms as follows [49,111]:
–

Intrinsic strength of ferritic iron ( Δσ Fe )

–

Solid solution strengthening ( Δσ ss)

–

Precipitation strengthening ( Δσ ppt )

–

Grain size strengthening ( Δσ gs )

–

Dislocation strengthening ( Δσ dis )

–

Texture strengthening ( Δσ text )

The yield strength (Δσy) can then be expressed as:
σ y = Δσ Fe + Δσ ss + Δσ gs + Δσ dis + Δσ ppt + Δσ text

(2)

In Equation 2, the strength has been expressed as a simple linear sum of individual
strengthening mechanism and has been applied in many cases extracting the
different strengthening mechanisms in steels with bainitic microstructures [111].
Charleux et al. [112] have discussed the validity of the summing of the
strengthening components in expressing the degree of strengthening in the case of
NbTi LCB steels. According to them, it is necessary to consider the relative length
scales and strength of the strengthening obstacles. If they are significantly
different, a linear addition is appropriate. For instance, strength of ferrous alloys is
derived from the solid solution strengthening (including base strength of iron) and
grain size strengthening. The appropriate length scales for these projects are very
different so that a linear addition law should be valid. On the other hand,
precipitation and dislocation strengthening arise from a similar density and
strength of obstacles, which dislocations sample on the glide plane. For example,
Foreman and Makin [113] obtained a Pythagorean flow stress addition law for
discrete obstacles on the slip plane in the case where a similar density of relatively
strong discrete obstacles (i.e. forest dislocations) and relatively weak obstacles
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(i.e. precipitates) are present. Therefore an alternative way to express the yield
strength as a function of individual strengthening mechanisms is a sum equation
where precipitation and dislocation strengthening obey a Pythagorean law:
σ y = Δσ Fe + Δσ ss + Δσ gs + Δσ 2dis + Δσ 2 ppt ,

(3)

In the following chapters different strengthening mechanism will be presented and
discussed in detail.
5.1.1

Intrinsic strength of iron

The strength of ferritic iron without significant impurities has been estimated to be
85-88MPa [114] in a low carbon ferritic steel and this can be considered as the
base strength to which the other components will be added to estimate the overall
yield strength.
5.1.2

Solid solution strengthening

Solid solution strengthening arises because the size differences between the solute
and solvent atoms and the strain field that interferes with the dislocations as they
move through the lattice causing plastic flow. The most significant factor behind
the solid solution seems to be the size difference between solvent (in steels, Fe)
and solute atoms, but there are also evidences that differences in shear modulus
and the relative chemical differences contribute to solid solution strengthening.
Although many of the factors, which contribute to the energetics of dislocation
movement, are known and have been assessed in experimental studies, there is, as
yet, no complete theory and, therefore it is not yet possible to predict the
strengthening effect for a particular element from the first principles [79].
Most practical approach to asses the solid solution strengthening is to use
empirical relationships between alloying additions and tensile properties of steels.
These equations are in form:
Δσss = ∑Ai  wt-%,

(4)

where Ai= factor for strengthening resulting from 1.0 wt-% addition of element i.
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Table 9. Values Ai for some alloying elements generally used in LCB steels [65,79,111].
Element

Cr

Si

Ni

Al

Mn

Cu

Mo

Amount / MPa / 1 weight %

0

84

33

30

32

38

11

A reasonable assumption for aforementioned elements is that a major portion of
these element is in solid solution and available for solid solution strengthening,
since with exception of Mo, these elements do not have a great tendency to
precipitate out of solid solution as carbides, nitrides or other complex precipitates
in LCB steels. In the case of Mo, the possible precipitation of MoC does not cause
significant underestimation of solid solution strengthening, since the Mo content
of investigated steels and the factor of Mo are both low.
The very significant solid solution strengthening of N that is often reported in
the literature is assumed to be zero, since the presence of strong nitride formers
renders it unlikely that any significant levels of N will remain in solid solution.
Carbon in solid solution would also be expected to provide a high level of
solid solution strengthening with coefficient of a similar order to that of nitrogen.
However, the solubility of carbon in ferrite at ambient temperatures is very low
and steels studied in the present thesis contain strong carbide formers, such as Nb,
Mo and Ti, so that the contribution from carbon to solid solution strengthening is
assumed to be negligible.
In the B treated steels, Ti is added to bind N, so that the B addition can remain
in solid solution and be in the form such that it can be effective for the
transformation hardening. However, any significant contribution from solid
solution strengthening from B, although being an interstitial atom, is not
expectable since it tends to occupy the sites on prior austenite boundaries rather
than interstitial sites in grain interiors [111].
Solid solution strengthening can be obtained from Si, Mn, Mo and Ni alloying.
Siwecki et al. [115] observed the increase of strength by 30 MPa due to addition of
0.2 wt-% of Mo in microalloyed steels, and also the change of yielding from
discontinuous to continuous and improved HAZ toughness in Ti-V steels.
According to Misra et al. [116], simultaneous additions of Cu and Ni can further
enhance yield strength by 32.4 MPa 0.3%Cu and 0.15%Ni in a 690 MPa grade
steel.
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5.1.3

Precipitation strengthening

Strengthening effect by the precipitates relies on their interaction with
dislocations. Essentially, precipitation strengthening is achieved by producing a
particulate dispersion of obstacles to dislocation movement, which are produced
by the second phase precipitation process. The degree of strengthening is not only
dependent upon the nature of the interaction of precipitates with dislocations, but
also on the volume fraction and the size of particles. In general, there are several
mechanisms that can contribute to increase in strength by the precipitation. These
mechanisms include chemical hardening arising from the development of
antiphase boundaries, when dislocation cuts through a particle, coherency
strengthening, which relates to coherency strains developed in the matrix around a
coherent precipitate and dispersion hardening due to looping of dislocations
around the precipitates in so-called Orowan manner [117].
This chapter will first deal with the basics of the (microalloy) precipitation
strengthening methods, and then precede to discuss the microalloy and Cu
precipitation within the bainitic ferrite and finally briefly summarize the observed
precipitation strengthening in LCB steels.
Dislocation-particle interaction
The forces acting on a mobile dislocation in a stressed metal containing a
dispersion of second phase particles are shown schematically in Figure 18. A
consideration of the balance of forces between the line tension of the dislocation T
and the resistance force of the second phase particle F shows that [79]:

F = 2T sin θ .
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(5)

Fig. 18. Balance of forces acting during particle resistance to dislocation movement
[78].

As F increases, the bowing of the dislocations increases, which here mean that θ
increases. The magnitude of the resistance force is important in controlling the
sequence of events. The maximum dislocation line tension force occurs when sin θ
= 1. If particle is hard enough, the dislocations will bypass the particle either by
Orowan looping or by cross slip and the particle will remain unchanged and
undeformed. The strength of particle becomes under these circumstances becomes
irrelevant as the bypassing operation becomes dependent only upon the
interparticle spacing [79].
If, however, the strength of the particles is such that maximum resistance force
is attained before sinθ = 1, then the particles will be sheared and the dislocations
will pass through particle. It, therefore, follows that for a given interparticle
spacing of hard particles, the maximum precipitation strengthening and this
condition defines the maximum degree of strengthening attainable. Soft particle
will give a lesser degree of strengthening.
Hard (non-shearable) particles and the Orowan relationship
Consideration of the relationship between the applied stress and the dislocation
bowing, following Orowan theory [118] leads to equation:

Δτ = Gb / L ,

(6)
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where Δτ = the increase in yield strength due to particles, G = the shear modulus,
b = Burgers vector of dislocation and L = the particle spacing. The equation was
developed by Ashby [119] to take into account the interparticle spacing and the
effects of statistically.
The Ashby-Orowan relationship can be written as:

Δτ = 0.81(1.2Gb / 2πL) ln(x / 2b) .

(7)

Further application of the Taylor-factor for polycrystalline materials, expressing
the microstuctural parameter in terms of volume fraction and real diameter and
converted shear stress to tensile stress lead to an equation [120]:

Δσ = (0.538Gbf 1/ 2 / X) ln(X / 2b) ,

(8)

where Δσ = the increase in yield strength, f = the volume fraction of particles and
X=diameter of the particles in mm.
In the case of steels, the G and b can be considered constant and hence
precipitation strengthening potential by hard particles are dependent only on the
volume fraction and particle size, assuming that the particle shape is essentially
spherical.
Soft (shearable) particles and precipitation strengthening
If the particle is soft, i.e. shearable by dislocations, there are several effects, which
may be involved in raising the stress level required for the plastic yielding. The
deformation of a particle results in an increase in the particle/matrix interfacial
energy. The passage of a dislocation through the particle may produce an antiphase
boundary with an associated disordering energy or may produce a stacking fault
within the particle with its associated stacking fault energy. The latter effect would
naturally require the stacking fault energy in the particles to be significantly
different from that of matrix and must take into account the changes in the width of
the stacking fault energy from the matrix to the particle. These strengthening
effects are termed chemical hardening [120].
In the case of chemical hardening, the strength increment due to order
hardening can be expressed according to equation:

Δτ = (γ 1/ 2 /b)(4rs f / πT )1/ 2 ,
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(9)

where γ = the antiphase boundary energy which results from the disordering effect
of the penetrating dislocation, rs = mean radius of the particle and T = line tension
of dislocation.
According to Equation 9, the strength at given volume fraction increases with
increasing particle size. According to Gladman [120], a similar type of equation
also applies to stacking fault strengthening, but not to simple increase in interfacial
area between the particles and matrix due to particle shearing. In this case strength
decreases as the particle size increases. On the other hand, the interfacial energy is
often regarded as being small, when compared with antiphase boundary energies
and is therefore neglected.
One important effect observed in the case soft shearable precipitates are
associated with the strain field of the coherent particles. This effect is pronounced
in the early stage of precipitation. Strain fields around the coherent particles
interact with dislocations, causing a greater strengthening effect than would be
expected from the precipitates alone.
In the case of coherency strain hardening, the dislocation interacts with
coherency strain field in the matrix around the particle. When particles are
relatively small the strength increment can be expressed as:

Δτ = 4.1Gε1/ 3 (rf /b)1/ 2 ,

(10)

where ε=misfit strain, which is fractional dilatation of the coherent lattice
irrespective of sign and r = radius of the particle. In the case larger particles, where
considerable flexing of the dislocations occurs as a result of spacing of individual
particles and hence the increase of strength can be written as:

Δτ = 0.7Gf 1/ 2ε1/ 4 (b / r) 3 / 4 .

(11)

As can be seen from Equation 11, for small particles, coherency strain hardening
increases with increasing particle size and vice versa. The critical particle size, for
small or large particles can be estimated from the equation:

r /b = 1 / 4ε −1 .

(12)

In practice, this mean that critical particle size in steels is only dependent on the
misfit strain (i.e. type of precipitate), because Burgers vector b can be considered
as a constant. Notable is that volume fraction does not influence on the critical
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particle size. The maximum strengthening will be attained at the critical particle
size. For microalloyed steels, the very fine particles can be sheared, as pointed out
by Nicholson, but their strengths are such that transition from particle cutting
occurs at small particle sizes. According to Gladman [120] 5 nn micro alloy
carbonitride are capable to resist deformation and are hence are non-shearable.
Charleux et al. [112] estimated critical particle size TiNb(C,N) to be about 4 nm in
Ti-Nb microalloyed steels.
An alternative method to estimate the contribution of relatively soft shearable
particles to precipitation strengthening in low carbon Nb-Ti microalloyed steels is
given by Charleaux et al. [112]. For relatively weak precipitates, the appropriate
precipitate spacing is given by the Friedel spacing and therefore, the strengthening
in a polycrystal is given by:

Δσ ppt =

3/2
2M ⎛ F ⎞
⎜ ⎟
bLT ⎝ 2T ⎠ ,

(13)

where L is the average interprecipitate spacing, T is the line tension of dislocation
and F is the strength of the precipitate as an obstacle and M is the Taylor factor.
The strength of the obstacle relative to non-shearable precipitate can be defined
by:

Γ=

F ,
2T

(14)

where the strength of non-shearable obstacle is 2T with T = 0.5Gb2. The spacing
of precipitates on the slip plane (i.e. the intersection of precipitates on the slip
plane) can be calculated as:

L=

π 1/ 2 D ,

(15)

2 f 1/ 2

where D = the diameter and f = the volume fraction of the precipitates. This leads
to:

Δσ ppt =
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2MGbf 1/ 2 3 / 2
Γ .
π 1/ 2 D

(16)

Equation 16 suggest that for a given volume fraction of precipitates, strengthening
decreases with increasing (coherent) particle size. This does not, however,
contradict with other equations for coherent and shearable particle strengthening
that suggest increasing strengthening with increase in particle size, since Equation
16 contains a term of the strength of the obstacle relative to non-shearable
precipitate, Γ , which is assumed to increase with increasing particle size. For a
given volume fraction of precipitates, an increase in particle size must lead to an
increase in particle spacing, which must ease the dislocation cutting through the
precipitates. However, if the relative strength of precipitate is increased with
increasing particle size, particle cutting by the dislocations will become more
difficult leading to an expression of increasing strength with increasing particle
sizes.
Increase of strength by precipitates during heat treatment
As discussed in the previous chapters, the precipitation strengthening can occur in
several mechanisms. Precipitation strengthening during heat treatment is
schematically represented in Figure 19. Situation could be valid for a steel, which
contains supersaturated solution of microalloying elements such as Ti, Nb or V.
After an incubation period, precipitation is initiated and the strength increases with
increasing particle size and volume fraction. This is not only true for the fine
particle coherency strain hardening, but also for the stacking fault hardening and
for order hardening. It is notable that the distance between particles is also reduced
as the volume fraction and particles size increase. It is obvious that in this stage,
particles are sheared. At some transitional stage, the mechanism changes and the
precipitation strengthening decreases with increasing particle size. The behaviour
is attributed to classical Orowan looping and the dislocations by-pass the particles.
The volume fraction of particles during this stage remains almost constant and the
distance between particles is increased [89].
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Fig. 19. Schematic illustration effects of changes in the particle size, distance and
volume fraction of the particles during heat treatment on degree of particle
strengthening [89].

Another important consequence from particle cutting to particle by-passing is found in
work hardening characteristic of materials. When particle cutting occurs the
dislocation may be increased only slightly give rise to little difference in work
hardening rate. However, when particle by-passing occurs significant increase in work
hardening characteristics is taking place [120].
Precipitation of microalloy particles within the bainitic ferrite
Some authors suggest that the precipitation of microalloy carbides from bainitic
ferrite part of bainite can occur under the condition, when the diffusion rates for
substitutional atoms are very small, compared with the rate of precipitation [121].
The long-range diffusion of carbon atoms is necessary, but the formation of fine
strengthening particles differs from normal diffusional precipitation reactions,
which become very sluggish at low temperatures. It has been suggested that in
early stage of precipitation, microalloy-C zones may form. They grow as cubic
MC at high supersaturation of microalloy elements, combined with necessary
diffusion of carbon into appropriate sites. The models for precipitation at low
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temperatures are not sufficiently developed, but suggest that if the diffusion of
substitutional elements is not necessary, than the precipitation reaction may be
relatively rapid [122].
Strengthening of LCB steels by microalloy precipitates
Three microalloy elements, namely Ti, Nb and V, are widely used as combinations
to improve the mechanical properties of steels. A common feature of
aforementioned microalloy elements is their tendency to react with C and N to
form microalloy carbides, nitrides and carbonitrides, which can contribute to
precipitation strengthening.
Ti forms an extremely stable nitride, which is virtually insoluble in austenite
and may be used for restricting grain grow growth during processing and removing
nitrogen. Excess Ti can precipitate at lower temperatures as carbides, which
contribute to precipitation strengthening [123].
Nb forms carbonitrides, which can precipitate quite readily in austenite under
deformation (so called strain-induced precipitation) and resist recrystallization of
austenite. Further precipitation of the remaining Nb in ferrite gives rise to
precipitation strengthening [105].
V is most soluble of the three microalloying and does not readily precipitate in
austenite. VN is considerably stable compared to its carbides, so that their
precipitation hardening is markedly enhanced with increasing N content in steel
[105].
When precipitation of TiC, NbC or V(C,N) takes place during cooling after
the hot rolling it may occur in two different ways. During the inter-phase
precipitation, where nucleation occurs on the austenite-ferrite phase boundary,
producing a particle-rich sheet at the location, where the boundary is temporarily
halted. Alternatively, homogeneous nucleation and growth of carbonitrides may
occur in the newly formed ferrite [125].
Classically, it was believed that total C in steel could not influence
homogenous precipitation in ferrite due to low equilibrium solubility. However,
one must realize that most of the ferrite phases in LCB steels are non-equilibrium
phases and it has been demonstrated that effective carbon concentration for
precipitation in bainitic ferrite may be far greater during the transformation than
the equilibrium predicts. The metastable equilibrium between ferrite and
undercooled austenite greatly increases the solubility of C in ferrite, thereby
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contributing to profuse nucleation of microalloy carbide or carbonitride particles
[105].
Precipitation strengthening by Cu
Cu can be utilized as a precipitation strengthening element and much of interest
has been focussed on Cu alloyed steel, because they have been reported to have an
impressive strength-toughness balance [126]. These steels are, in fact, Cu
precipitation strengthened. In bainitic steels, Cu in solid solution acts to increase
the strength by lowering the bainitic phase transformation temperatures and by
forming fine precipitates. Depending on the transformation temperatures, either
Cu-rich particles (ε−Cu) or Cu-clusters may form. Studies of ferrite-pearlite steels
revealed the presence of both interphase and random ε-Cu precipitates [127]. If the
bainite reaction is a diffusion-controlled reaction, then similar precipitation
sequence could be expected during bainite transformation of Cu bearing steels.
It is evident from the literature data [125,127] that Cu is effective in producing
substantial precipitation strengthening in a wide range of steel grades. An Interest
fact is that the maximum precipitation strengthening is obtained at relatively low
temperature, which indicates that bainitic steels are susceptible to Cu-precipitation
hardening not only during the heat treatment but also during cooling.
Quantitative observations of precipitation strengthening in LCB steel
Strengthening by non-coherent precipitated particles can be estimated from sc.
Orowan-Ashby relation [128]. Predictions from this relation are schematically
shown in Figure 20.

Fig. 20. Dependence of the increase in YS caused by precipitates on their volume
fraction and size [128].
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For instance, it can be seen from the Figure 20 that when the mean size of (Ti,Nb
with some Mo) precipitates is about 9-10 nm, as observed by Misra et al. [73], the
strengthening is only about 70 MPa with 0.04wt-% of Nb. However, Williams et
al. [72] reported markedly enhanced precipitation strengthening (about 75 MPa
extra) in the Mo-Nb system compared to that in Nb-V, as shown in Figure 21.

Fig. 21. YS obtainable in ERW pipes using steels with Nb-V or Nb-Mo alloying (Williams
et al. [72]).

Efficient precipitation strengthening by Nb-Mo alloying can be understood on the
basis of the observations of Lee et al. [64]. They examined in detail the
precipitation of carbides in steels with Nb and Mo additions (max.
0.03Nb+0.6Mo) and found uniformly distributed fine (<10 nm) complex MC-type
carbides in Mo+Nb steels, but sparsely distributed coarse carbides in Nb steels.
The fine carbides contained both Mo and Nb with the ratio of Mo/Nb higher in
finer particles. Most of them formed in the ferrite region, i.e. the nucleation sites of
MC carbides were increased. The Mo-Nb steels also possess higher strength at
high temperatures (≤600°C) than that of Nb steels, which is believed to be
attributed by the bainitic structure and fine carbides. Yoo and Choo [129] also
showed that 0.3Cr-0.35Mo-Nb-V steel is suitable as a fire resistant steel,
presumably due to precipitation of fine V(C,N) or Nb(C,N) as reheated to around
700 °C, as the finishing rolling temperature was relatively high (≈950°C).
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5.1.4

Grain size refinement strengthening

Grain size refinement is one of the best-established strengthening methods in
steels, as well as in other metals. The well-known Hall-Petch equation describes
the relation between ferrite grain size and the yield strength.
σy = σo + kyd-1/2,

(17)

where σ y = yield strength, σ 0 = friction stress, ky = grain boundary grain boundary
resistance and d = grain size.
According to Equation 17 the yield strength is dependent on the reciprocal of
square root of the grain size. This type of relationship has been shown to be valid
for grain sizes down to about 1 μm [130].
Unfortunately, the estimation of the contribution of the grain size in bainitic
structures is more complicated than in simple ferritic steels. The nature of bainite,
lath size and shape as well as carbide size and distribution, vary systematically
with the temperature of transformation. All features are refined at low
transformation temperatures. Furthermore, situation becomes far more
complicated due to the fact that in bainitic structures, boundaries can be present
with both low and high angle misorientations [111].
However in lath type, rather than polygonal structures, several publications
suggest that the strength is related to reciprocal of some characteristic scale in
microstructures, rather than d-1/2 type relationship in the Hall-Petch equation
[41,80,111].
Hence, yield strength can be expressed as:

σ y = σ o + ky d −1 ,

(18)

where σ y , σ 0 and ky have identical meanings to Equation 17, but these have
different values.
The microstructural factor relating to grain size d in Equation 18 is not
completely clear. Brozzo et al. [131], in their studies on the low C bainitic steels,
found a clear relationship between lath width and strength but only a weak
correlation with packet size. This would indicate that slip across laths is the
controlling factor. On the other hand, many workers [132,133,134] have correlated
properties with lath width (l) but also with the (colony) packet size (D), which are
schematically illustrated in 22. Because 75% of all slip systems are oriented at 55°
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to the lath axis, the slip across the laths suggests that the flow stress is controlled
by the lath width, but there may be some contributions from the lath size and
packet size (packet is the group of laths with a specific orientation). However, this
is not always so straightforward at all, as pointed out by Edmond and Cochrane
[80]. Naylor and Blondeau [134] have suggested that slip band length controls the
strength and have shown that this is a function of both lath and packet dimensions,
deriving an expression of the form:

σ y = σ 0a + k ,,, M −1 ,

(19)

where σ 0a = term containing other strengthening mechanisms, such as dislocation,
solid solution and dispersion strengthening, k ,,, = proportional constant and M =
geometrical parameter relating average slip band length and lath dimension:
M = 2 / π{l ln tg(arccos(l / D) / 2 + π / 4 + π / 2(D) − D − arccos(lD)},

(20)

where d and l are packet side and lath dimensions, respectively.

Fig. 22. Schematic structure of bainite, formed at three different temperatures [21].
Definitions of packet and lath.

Anyhow, the effective grain size of bainite is finer than the ferrite grain size, as
demonstrated by Hulka and Heisterkamp [135] in Figure 23.
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Fig. 23. Typical grain sizes and dislocation densities in ferrite and bainite [135] .

In a 690MPa ferritic-bainitic sheet the bainite lath size was found to be of the order
of 0.5 μm [21] and the ferrite grain size of about 3-8 μm, affected by several
rolling variables (finishing temperature, strain, time, cooling rate, coiling
temperature). In Mo-Nb alloyed X70 and X80 steels, investigated by Williams et
al. [lxxii], the grain sizes were typically 2.5 μm and 2.0 μm, respectively.
Determining the “grain size” of bainitic microstructure by using EBSD
technique
Grain size strengthening is one of the most important strengthening mechanisms in
ULCB steels and the EBSD technique provides an efficient method to measure the
grain size [111]. However, an important issue in the case of EBSD determined
grain size is the misorientation angle that determines the “grain”. Classically, the
15° degree misorientation angle has been applied to determine the grain size.
However, in a recent RFCS project [111], the misorientation that produced the
observed strengthening for upper bainitic structures required the used of
boundaries with misorientation of about 8°, which suggests a significant input
from the low angle boundaries between 8°-15°. In another RFCS project [136], the
EBSD grain sizes determined by using 3° misorientation gave the best predictions
of measured mechanical property data.
Influence of phase transformation temperature on bainite grain and lath
size
Bainite grain/lath size shows a great dependency on the phase transformation
temperature, because if the shape deformation is elastically accommodated, then
the plates can, in principle, maintain an elastic equilibrium with the matrix. They
may continue to thicken isothermally until the strain energy balances the available
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free energy. It follows that if the plates are allowed to grow freely, they should be
thicker at lower temperatures, where the driving force is the greatest. This,
however, contradicts the experimental data, because bainite is never elastically
accommodated. There are direct evidences of the considerable plastic relaxation in
the austenite adjacent to bainite plates. The dislocation debris generated in this
process resist the advance of the bainite/austenite interface, the resistance being
greatest for strong austenite. The yield strength of austenite must then feature in
any assessment of the plate size. In this scenario, the plates are expected to become
thicker at high temperature because the yield strength of the austenite will be
lower. Dynamic recovery at higher temperatures may further weaken the austenite
and leads to coarse plates. Hence the perceived effect of temperature could be
indirect since both strength and nucleation rate are dependent on the temperature.
Quantitative analyses have showed that temperature only has a small independent
effect on the thickness of bainite plates. The main conclusion is that strong
austenite and high driving force lead to finer microstructure [41].
Evidences of temperature dependency of bainite grain size are see in Figure
24, where the changes in high (15° misorientation) and low (2°
misorientation)-bainitic grain sizes are plotted as function 50% phase
transformation temperature [136]. Also data from Irvine and Pickering [137] and
McIvor and Gladman [138] are included in figure. The low angle data from Ref.
[136] seem to fit well with the data of Irvine and Pickering [137] and McIvor and
Gladman [138]. The high angle data from Reference [136] is generally larger.
Irvine and Pickering [137] data were taken from a range of 0.15C-0.2Si-0.002B
steels with additions of 0.5-4.0Mn, 0.0-2.0Cr and 0.5-2.0Mo. The McIvor and
Gladman [138] data are from steels similar to those of Irvine and Pickering [137]
data, but at three C levels: 0.02, 0.1 and 0.2 wt-%.

Fig. 24. Variation of measured bainitic ferrite grain size with transformation
temperature. Data from various References [136, 137, 138].
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A linear regression data analysis to the Pickering and McIvor data gives a
relationship between lath size (dL) and transformation temperature:

d L = −0.90 + 6.70 × 10−3T ,

(21)

where T is temperature in °C.
Data from Reference [136] showed that the best fit with the measured
mechanical data was obtained when applying the EBSD grain size determined
using 3° misorientation as the angle that determines the grain. The relationship
between grain (lath) size and temperature for all the data presented in Figure 24
can be expressed by:

d L = −1.187 + 7.00 × 10−3T .
5.1.5

(22)

Dislocation strengthening

An increase in dislocation density results in a strength increment, because further
motion and production of dislocations becomes more difficult. Bainitic ferrite
contains a higher dislocation density than polygonal ferrite, for a part of the
dislocation substructure of the deformed parent austenite can be inherited by
bainite (plastic relaxation) and the growth of bainite may be accompanied by the
formation of dislocations in and around bainite (plastic accommodation) leading to
additional strengthening, see Bhadeshia [41].
The relationship between dislocation density and strength increment can be
described by:
Δσ = βGb ρ ,

(23)

where Δσ = the increase in yield strength, β = a constant, b = Burgers vector, G =
shear modulus and ρ = dislocation strengthening.
According to Takahashi and Bhadeshia [139], it might be assumed that for low
alloy steels the dislocation density depends mainly on transformation temperature
via the influence of latter on the strength of the parent and product phases. It
should then be possible to treat all of the displacive transformations, such as
martensite, bainite and Widmanstätten ferrite together. They have derived an
empirical equation between the phase transformation and dislocation density (in
m-2), which is valid over the range 570-920 K:
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(24)

where T = temperature in Kelvin.
Transmission electron microscopy has revealed a dislocation density of about
4x1014 m-2 for an alloy with Bs around 650°C. This compares with
allotriomorphic ferrite obtained in same steel at 800°C with a dislocation density
of about 0.5x1014 m-2 [140] Edmonds and Cochrane [80] reported a value of
1014 m-2 for the dislocation density, attributing to the yield strength by
approximately 145 MPa. In Fig. 16, Hulka and Heisterkamp [135] gave a value of
about 1.5 x1014 m-2. The dislocation density seems to increase with decreasing
transformation temperature. Irregular nature and high dislocation density are
typical of low temperature transformation products (bainitic ferrite, acicular
ferrite) formed under continuous cooling.
5.1.6

Texture hardening

In addition to the above-mentioned mechanisms, the crystallographic texture
developed during TMC processing can affect the strength-toughness combination.
The {332}<113> -transformation texture is the most beneficial in achieving good
strength-toughness properties [116].
5.1.7

Total strengthening

In total, the contributions of five strengthening mechanisms on YS of 700 MPa
strip are shown in Figure 25 [128]. However, even higher yield strengths of the
order of 1030 MPa may be possible in HSLA steels with a fully bainitic structure.
Simple summation is a simplistic case, marked deviations of the linearity in
strengthening have been observed for mixtures of lower bainite/martensite [28, 41]

Fig. 25. Strengthening mechanisms yielding to the YS level of 700 MPa (Morrison
[128]).
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Siwecki et al. [115] calculated the fractions of three different strengthening
mechanisms in V-Mo, Nb-Mo, V-Nb-Mo and V-Nb steels showing that in the
optimum conditions (YS≈ 580 MPa), each of the mechanisms viz., precipitation,
grain size and solid solution strengthening contributes about 1/3 of the yield
strength, Figure 26.

Fig. 26. Estimation of the contributions of three strengthening mechanisms in certain
microalloyed TM steels with YS ≥ 500 MPa (Siwecki et al. [115]).

5.1.8

Some published structure-property relationship for fully
bainitic microstructure

Bhadeshia [41] has suggested that yield strength can be expressed as follows:
R p0.2 = σ Fe + Σσ ss + σ C + 115l−1 + kρ 0.5 + 0.52f θ λ−1,

(25)

where σ Fe is the base strength of iron Σσ SS is sum solid solution strengthening,
σ C is strengthening due to carbon in solid solution, l is the mean bainite ferrite lath
width, f is the volume fraction of cementite, λ is the spacing of spherical carbides,
ρ is the dislocation density and k is a constant. Bhadeshia also pointed out the
practical difficulties in deciphering the microstructural contributions, since
parameters such as grain size and particle size cannot be varied independently.
Equation 25 contains two important considerations: i) “grain size”
strengthening does not obey a square root dependency but is inversely dependent
on the lath size and ii) carbides contribute to strengthening.
For the practical applications, N is almost always tried to be bound in the form
of nitrides for the impact toughness reasons, so that the effect of N in most cases is
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considered to be practically zero. The main effect of C on strength is via carbide
precipitation. In high carbon bainitic steels, cementite is the most common carbide
and it precipitates in a coarse form without substantial coherency strains. Multiple
regression analyses on the effect of bainite grain size and particle strengthening
have indicated that carbides do not contribute much to the strength of bainite. In
the case of LCB steels, the last term of Equation 25 is considered to be zero due to
low carbon content that i) suppresses the cementite formation in as rolled
condition favouring MA microconstituent formation and ii) suppresses the volume
fraction of MA microcontituents. Further, it is reasonable to assume that MA
islands do not have any substantial effect on strength in bainitic ferrite dominated
microstructure since the spacing of acicular MA constituents are generally greater
than that of the laths. Same kind of reasoning would also apply to granular bainitic
ferrite and quasi-polygonal ferrite. On the other hand, when transformation to
lower bainite takes place, intralath carbide precipitation occurs. This precipitation
can have direct effect on strength. However, there seems to be a threshold carbide
spacing above which the cementite precipitates do not contribute to strength. It
should be also emphasized that lower bainite transformation hardly occurs in ultra
low carbon steels, but has been reported to take place in ultra high line pipe steels
containing 0.04-0.06 wt-% of C [2, 25].
Gladman et al. [107] considered that yield strength of bainitic structures could
be expressed according to:
R p0.2 = 88 + 37Mn + 83Si + 2900N free + 15.1d l

−1/2

+ σ dis + σ ppt ,

(26)

where dl is the lath size in mm, σ dis and σ ppt are the dislocation and precipitation
strengthening terms that are defined by Equations 27 and 28, respectively, as given
below.
The dislocation strengthening obey for steels [141]
σ dis = 0.0012ρ1/ 2 .

(27)

The particle (i.e. precipitation) strengthening can be expressed by [142]:

σ ppt =

0.015 ⎛ D ⎞
ln⎜ ⎟ ,
λ
⎝ 2b ⎠

(28)
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where λ is carbide/particle spacing and D is the diameter of carbide/particle.
Edmonds and Cochrane [80] have presented a discussion about the
structure-property relationships in bainitic steels, in which they conclude that a
number of morphological features affect the mechanical properties. Type of bainite
may determine which of them are dominant (its carbon content, for instance).
In classical bainitic steels with a relative high carbon content, YS (the 0.2%
proof stress, Rp0.2) can be derived from a regression equation given by Pickering
[89]:
Rp0.2 (MPa) = 15.4 [-12.6 + 1.13d-0.5 + 0.98n0.25],

(29)

where d is the bainitic lath size (estimated by mean linear intercept) in mm and n is
the number of carbides per mm2 intersecting a plane section. This indicates that
fine grain size and precipitation strengthening caused by carbides are important
factors. Another equation suggests:
Rp0.2 (MPa) = 9.8 [60 + 1.25 μbn0.5 + 1.2 x10-4 ρ0.5)],

(30)

where n is the number of carbides as given above, μ is the shear modulus, b the
Burgers vector and ρ is the dislocation density in lines per mm2. This emphasizes
the importance of dislocation density in addition to the carbides on strength.
Brozzo et al. [131] have derived an equation for the yield strength in LCB
steels based on the Langford-Cohen model for substructure and grain size
strengthening:
0.5
σ y = 30 + 1900{(C + N)wt − %} + 1.22 ⋅10−4 ⋅ l−1 ,

(31)

where l is average transverse lath width that takes into account the dislocation
density inside the grains.
Some regression equations for strength properties of fully bainitic
microstructures based on the chemical composition
Regression equations are a popular method to express the dependency of yield or
tensile strength just as a function of composition. These equations are useful for
persons working on the applications. Regression equations are only mathematical
expressions without a substantial physical metallurgy based meaning. However,
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regression equations can be interpreted and understood on the basis physical
metallurgy.
It should also be noted that the equations are valid only in the range of
composition studied and the processing route applied. Extrapolation outside the
investigated composition range can lead to severe errors in the predicted values.
On the hand, regression equations can provide useful and practical information on
influence of composition on strength. Also, the relative influences of different
alloying elements can be easily compared.
A recent regression equation between the tensile strength and chemical
composition for bainitic steels is as follows [70]:
Rm (MPa) = 288+803C+83Mn+178Si+122Cr+320Mo+60Cu+
1180Ti+1326P+2500Nb+36000B.

(32)

Pickering et al. [136] suggested that yield and tensile strengths of fully bainitic
microstructures can be expressed according to Equations 33 and 34 respectively.
Rp0.2=170+1300 C+160 Mn+160Cr+130 Mn+88 Ni+
63 W+45 Cu+270 V

(33)

Rm=15.4(16+125C+15Mn+15Cr+12Mo+6W+8Ni+4Cu+25V+25V).

(34)

An early study by Irvine and Pickering (quoted from Reference [136]) gives the
relationship between tensile strength and composition by:
Rm=42+125(C-0.12)+15(Mn-0.5)+15Cr+12(Mo-0.5)+6W+
8Ni+48Cu+25(V+Ti).

(35)

According to Efron and Litvinenko [143] yield and tensile strengths can be
expressed by Equations 36 and 37, respectively.
Rp0.2=261.7C+59.1Mn2+171.8Ni2

(36)

Rm=352.9-3243.5C+345.2Si-849.7Ni-462.9Mn+19063Ni2.

(37)

De Boer [144] derived a regression equation for tensile strength in fully bainitic
microstructures:
Rm=430+688C+81Si-196Mn+202Cr+80Mo+400V.

(38)
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5.1.9

Toughness properties

The early bainitic steels were developed at a commercial scale from
ferritic-pearlitic HSLA steels. These steels contained 0.10-0.15wt-% of C and
many combinations of alloying elements were used to produce the required
austenite transformation characteristics so that bainitic structures would form
during cooling. The yield strength of theses steels ranged from 450 MPa to 900
MPa depending on the carbon content and austenite transformation temperature.
These steels had a potential strength advantage over available ferrite-pearlitic
steels. However, the impact toughness properties of bainitic steels were somewhat
inferior. Thus the bainitic steels waned as the better ferritic-pearlitic steels were
developed until it was recognized that impact toughness can be improved by
lowering the carbon content.
In general, the bainitic steels can be understood as a mixture of phases that are
the ferrite in the conjunction with the second phase microcontituents. This second
phase microconstituent is cementite in classical bainite, but in the LCB steels MA
is the most common type of secondary microconstituent, although several other
types of secondary microconstituents are classified for the granular bainite [2]. It is
well established that impact toughness properties of LCB steels can be understood
in terms of “grain size” and nature of second phase microconstituents. However,
the concepts of grain size and nature of second phase microcontituents are not very
unambiguous and attention is paid to these concepts from impact toughness point
of view. It should be emphasized that sometimes “grain size” and nature of second
phase microcontituents are closely related to each other and it is not possible to
vary one without affecting another.
5.1.10 “Grain size” (effective grain size)
Perhaps the most recognized structure-property relationship in ferrous metallurgy
is the influence of ferrite grain size refinement on the simultaneous enhancement
of both strength and toughness. Although, grain size refinement increases the
yield strength of a given steel, but it has more pronounced effect on the cleavage
fracture stress of steel. The brittle fracture of steels is known to occur at a
temperature, where the cleavage fracture stress exceeds the yield stress. Therefore,
the grain size refinement is observed as a decrease in ductile to brittle transition
temperature [79].
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The process of brittle cleavage fracture in steels can be divided into several
stages [45,46], first of them being the nucleation of micro crack in a brittle
element, which, for instance, can be non-metallic particle, carbide or MA
microconstituent [47]. Other possible mechanisms can be stress intensification at
the incoherent head of mechanical twin or the dislocation pile-up stresses adjacent
to grain boundaries [79]. The second stage is the propagation of the microcrack to
the surrounding matrix and, finally, the progression of the microcrack through the
matrix. It is generally accepted that this second stage takes place mainly through
{100}α cleavage planes [131,148,149]. Once the crack has overcome the two first
stages, the crack propagation can be only arrested at high angle boundaries [147].
At this stage of crack propagation, the morphology of the microstructure, related to
the spatial distribution of high and low angle boundaries is expected to play a
significant role.
Therefore, similarly to the yield strength, the DBTT is usually expressed
inversely proportional to square root of effective grain size that is the microstuctural unit that controls the cleavage fracture. In more general form the grain size
dependence of DBTT (or ITT) in carbon steel can presented according to [147]:
DBTT=T0+Kd-1/2,

(39)

where T0 and K are experimentally determined constants and d is the effective
grain size. The value of K has been determined to be between 10-22°Cmm1/2
[16,131] over wide range of steels with bainitic and/or martensitic microstructures.
Many arguments on the microstructural features that should be taken as the
effective grain size has been discussed widely in the literature. An early study by
Marder and Krauss [150] suggested that in a bainitic or martensitic microstructure,
the effective grain size could be either the individual ferrite lath or cell size, the
lath colony or prior austenite grain size, but Lonsdale et al. [138] showed that lath
size is not related to prior austenite grain size and is therefore not the effective
grain size. On the other hand, they found that there is a linear relationship between
bainite packet (colony) size that can be considered as sheaf of parallel laths with
highly similar crystallographic orientations, and prior austenite grain size. Further
metallographical examinations revealed that the lath packet (colony) size was
closely related to the quasi cleavage fracture facet size than the prior austenite
grain size. The results were consistent with those of Naylor and Krahe [148], who
stated that although the fracture direction is chanced at almost each lath boundary,
the average fracture direction is maintained within every column or packet size.
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Similarly, Brozzo et al. [131] demonstrated that the covariant bainite packet size is
the microstructural unit controlling the cleavage resistance of 0.025C-2.0Mn3.0Cr steel. In addition, they stated that the mechanical strength is controlled by
the substructure present inside the covariant bainite packet.
However, the above definitions of bainite packet are more or less related to the
morphological basis of bainite packet and to be called effective grain size. The
bainite packet size (db) has to be related to unit crack paths (UCP), which
according to Matsuda et al. [151] defined as the region in which the crack
propagates almost in a straight line. According to Gladman et al. [107], this
corresponds the distance between two neighbouring high angle boundaries. For
0.025C-3.0Mn-2.0Cr steel, Brozzo et al. [131] defined UCP=1.3 db. For lower
bainite, Ohmori et al. [149] proposed UCP=1.5 db assuming that misorientation
higher than about 10° between {100} cleavage planes corresponding to two
adjacent bainite packets are able to noticeably deflect brittle cracks. The
dependency of UCP and db is thought to be derived from the fact packets
generated by the different variants of γ/α orientation relationship may have
common cleavage planes within 10° misorientation [149].
The impact toughness of steels is often related to high density of high angle
boundaries. They are beneficial, because these kind of boundaries act as obstacles
to cleavage propagation forcing the cleavage crack to change the microscopic
plane of propagation in order to accommodate the new local crystallography. Low
angle boundaries are not effective obstacles and consequently seem to have little
or no influence on the toughness. Therefore, it is important to define a
crystallographic packet [152], which is a continuous set of ferrite plates with a
crystallographic misorientation lower than a certain angle instead the
morphological bainite packet size. The crystallographic packet size can
determined conveniently, for instance, by electron backscatter diffraction (EBSD)
technique [147].
In the case of determination of crystallographic packet size, it is important to
define the misorientation angle that is able to resist the brittle fracture propagation.
For lower bainite structures Ohmori et al. [147] suggested than only
misorientations above than 10° between {100}α cleavage planes corresponding to
two adjacent bainitic packets are able to noticeably deflect crack propagation.
Zajac et al. [111] found that in fully bainitic steels the impact transition
temperature depend on the C content and the grain size for the boundaries with
misorientations greater than 8°. Diaz-Fuentes et al. [147] found in their study on
toughness of low carbon acicular ferrite steels that the microstructural unit
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controlling the brittle fracture propagation is the set of adjacent ferrite plates with
crystallographic orientation below 15°. Acicular ferrite microstructure resembles
closely to the bainitic ferrite or upper bainite. The major difference between
acicular ferrite and upper bainite is that the acicular ferrite is nucleated
intragranularly, for instance, on non-metallic inclusions, whereas bainitic ferrite is
nucleated on the austenite grain boundaries. One could say that acicular ferrite is
just intragranularly nucleated bainite. Gourgues et al. [152] argued that crack
deviation and/or arrest was observed at all boundaries having a misorientation
angle greater than 45°. On the other hand, a 10° misorientation never led to a
noticeable deviation of the cleavage crack in 0.07C-.32Si-1.5Mn-0.6Cr0.46Ni-0.16Cu-0.014Nb steel with upper bainitic microstructures. In conclusion,
they found that the crystallographic packet is the parameter of great importance
with respect to cleavage crack resistance of steels. It should be noted that in upper
bainitic microstructures, there is only a negligible fraction of boundaries between
15° and 45° misorientations, so no great difference is expected in estimation of
crystallographic packet size if determined by 15° or 45° misorientations. Their
results were consistent with the results obtained by Boyne et al. [153] in
0.14C-2.25Cr-1.0Mo steel having a lower bainitic microstructure.
Influence of substructure and low angle boundaries on toughness
properties
The chapter above focused on the high angle grain boundaries that are able to
resist the propagation of brittle fracture, thus enhancing both toughness as well as
strength. It was also stated that low angle boundaries have hardly any influence on
the propagation of brittle fracture. On the other hand, it was showed in section
1228668 that low angle boundaries can have a substantial effect on strengthening.
Therefore, strengthening caused by subgrain or low angle boundaries may have a
detrimental effect on the toughness simply because these increase yield stress
without bringing any significant increase in cleavage stress.
The quantification of the influence of low angle boundaries on the impact
toughness is rather difficult due to dependency of low angle boundaries on other
microstructural parameters. One of the first attempts to quantify this effect for
fully bainitic microstructure was made by Gladman et al. [107], who published an
equation for the impact transition temperature (ITT) depending on various
microstructural parameters:
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ITT (°C) = -19+44Si+700Nfree+0.26(σd+ΔP+Δ)-11.5d-1/2,

(40)

where d is the grain size, which describes the mean spacing between grain
boundary intersections, and can be defined as the mean spacing between the
high-angle boundary intersections in the bainitic intersections. The terms ΔP and
Δ represent the contributions of random forest dislocations and dislocation in low
angle boundaries on the ITT. Their contributions have the same embrittlement
vector than for dispersion strengthening σd. Nfree describes the concentration of
free unbound N.
The evaluation of Δ is difficult, because the strengthening effect of low angle
boundaries is given by only a part of kydL-1/2 term. Therefore it can be written as:
dl-1=d-1+dx-1,

(41)

where dl-1 is the number of boundaries per unit length, d-1 the number of high
angle boundaries per unit length and dx-1 the number of low angle boundaries per
unit length.
The value of Δ is derived from the difference in yield strength between steels
with high angle grain size of d and those with a bainitic lath size of dL:
Δ=15.1(dL-1/2-d-1/2),

(42)

The embrittling effect of the low angle boundaries derives from their effect to
increase the strength, but incapability to resist the brittle fracture propagation.
High angle boundaries, in turn, contribute to the strengthening, but they also act as
strong barriers to brittle fracture propagation [107].
The austenite grain size on toughness properties
It is well established for the ferritic steels that a smaller austenite grain structure
leads to a finer ferrite grain size and therefore, better impact toughness properties.
It is also well established that bainitic laths cannot cross the prior austenite grain
boundaries [41]. Therefore it is justified that the effect of prior austenite grain
structure can influence the effective grain size and therefore, the impact toughness
properties. The effect of austenite refinement on the DBTT of two high strength
bainitic steels is shown in Figure 27. DBTT rapidly decreases at the same rate in
both steels, when austenite grain size is refined.
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Fig. 27. Variation in the impact toughness properties as a function of the austenite
grain size in a mild steel and in 695MPa and 850MPa grade bainitic steels. After Irvine
and Pickering (quoted from Reference [41]).

Indeed, several studies [131, 133, 143] have showed, that austenite grain size
refinement leads to a refinement of bainite packet size, which, in turn, is an
important microstructural parameter influencing the toughness properties of
bainitic steels. Therefore, the austenite grain size refinement is usually seen as
improvement in toughness properties [131, 154].

Buzzichelli and Mascanzoni (as quoted from Reference [131]) determined the
bainite packet size, db, in terms of average grain size of the austenite grains given by:
db = 1.4da 0.55.

(43)

Edmonds and Cochrane [80], however stated that although there are several
attempts to generalize effective grain size dependency on the prior austenite grain
size, there is no general agreement on the form of relationship, since number of
bainite packets are dependent on both steel composition and grains size. This is
easy to understand, since different bainite morphologies can have different
effective grains sizes, although their austenite grain sizes are identical [111].
It is worth noticing that austenite grain size effect also reaches on the regime,
where austenite is deformed in its non-recrystallization regime. The refinement of
austenite grain size is then attributed to the flattening of austenite grains that
increases their density per unit area. Deformation also creates deformation bands
inside the austenite grains that can have similar influence on the γ/α
transformation as the prior austenite grain boundaries [6]. Therefore, austenite
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deformation in the non-recrystallization regime should be closely similar to the
refinement in equiaxed austenite grain size. Deformation of austenite in the
non-recrystallization regime is dealt more closely in section 5.3.7.
Quantification of toughness improvement due to austenite grain size
induced effective grain size refinement
It is obvious that austenite grain size refinement can cause a significant
improvement in effective grain size and thereby improves the toughness properties
of LCB steels. From practical point of view, it is in importance to try to quantify
the improvement in toughness caused by this refinement.
For instance, by applying Equation 39, it can be shown that a decrease in
packet size from 12 μm to 7 μm leads to about 40°C decrease in DBTT by
applying a K value of 14°Cmm1/2 as determined by Brozzo [131], and assuming
that this refinement does not influence T0. In austenite grain size refinement, this
corresponds to a decrease of average grain size decrease from 50 μm to 20 μm.
Thus, the bainite packet size refinement is an effective way to lower the DBTT.
In commercial applications, the impact toughness is not generally determined
as DBTT, but it is measured as an absorbed (Charpy-V) impact energy at a certain
temperature. For structural applications, an impact energy of 27 J is guaranteed at
different temperatures from -20°C to -60°C depending on the steel grade. For
linepipe applications, the requirements for absorbed impact energies at
aforementioned temperatures can be more demanding. The higher impact energy
at given temperature does not only help to develop new steel grade, but gives also
flexibility in industrial production. Therefore, it is interesting to study how grain
size refinement, induced by the austenite grain refinement, influences on the
impact energy at given temperature. For experimental evidence, austenite grain
size refinement can be obtained from the result by Katsumata et al. [154], who
found that Charpy-V impact energy at -50°C increases significantly
in
06C-0.26Si-1.52-0.04Nb-0.02Ti-0.0019B steel when average ASTM austenite
grain size number increase from 4 to 10, Figure 28 a. A more dramatic effect for
the austenite grain size refinement was found by Siwecki et al. [155] in a direct
quenched and tempered steel (DQ-T) with mixed microstructure of classical
bainite and martensite. A decrease in average austenite grain from 25 μm to 10 μm
increased the absorbed impact energy by about 150J, 28 b.
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a

b

Fig. 28. Relationship between impact value at -50°C and austenite grain size number in
0.06C-0.26Si-1.52-0.04Nb-0.02Ti-0.0019B steel (a) [154]. Effect of austenite grain size in
impact energy of a V-Mo-B DQ-T steel with mixed microstructure of classical upper and
lower bainite and martensite (b)[155].

5.1.11 The nature of second phase microconstituents
An important microstructural feature that is known to affect the impact transition
temperature, is the presence of coarse brittle second phase particles. Most
information available on this effect is obtained from isolated grain boundary
cementite in low carbon steels. Dislocation pile-ups will occur at these coarse
carbide (or second phase brittle) particles and the stress intensification at the head
of the pile-ups, cause carbide cracking. The carbide crack itself may, however, be
sub-critical with regard to the propagation of cleavage fracture in the ferrite or
bainite matrix. The cracked carbide may then remain in the structure, with the
crack being blunted by subsequent plastic deformation of the ferrite, underlining
the importance of fine effective grain size in improving the impact toughness of
steels as discussed in Section 1228668However, if the crack in carbide or in brittle
second phase microconstituent is sufficiently large, then crack may propagate
through the ferrite or bainite matrix. This can be observed as the shift of impact
transition temperature to a higher temperature [41]. In low carbon steels with
relatively high transformation temperatures, isolated carbides are formed at the
ferrite grain boundaries. The impact transition temperature is only slightly affected
by carbides with thickness of 2 μm or below. A drastic increase in impact
transition temperature is seen when carbide size increases from 2 μm to 5 μm
[155].
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According to Bhadeshia [41], the commercial exploitation of bainitic steels
took many years to become established. Usually, the quenched and tempered steels
exhibited clearly better toughness than the early bainitic ones, owing to the coarse
cementite carbides associated with bainitic matrix.
Indeed the nature of second phase particle can influence the impact toughness.
According to Bhadeshia [41], the cleavage fracture stress (σf) in the mixture of
ferrite and carbide is given by the equation:
⎡ 4Eσ
⎤1/ 2
p ⎥
⎢
,
σf =
⎢
1/ 2 )c ⎥
⎣ π(1− ν
⎦

(44)

where E is the Young’s modulus of ferrite, ν is the Poisson’s ratio, σf is the plastic
work of fracture per unit area of crack surface and c carbide particle thickness.
Now the cleavage fracture stress is found to vary as c-1/2. Details of this equation
must, of course, vary with shape of cracking particles, but the general relationship
between σf and cd should remain same.
Further, for mixtures of ferrite and spheroid carbides, the cleavage stress to
propagate fracture trough the ferrite is given by Curry and Knott [157]:
⎡ πEσ ⎤1/ 2
p
⎥
σf = ⎢
,
(1−
ν)c
⎢⎣
d ⎥⎦

(45)

where cd is the diameter of the penny shaped crack resulting from the cleavage of
the spherical carbide particle.
The identification of crack length with carbide particle thickness c0 is a vital
assumption, which can be justified experimentally for mild steels containing a
microstructure of equiaxed ferrite and cementite particles. This is a carbide
controlled fracture mechanism, but an alternative possibility is a grain size
controlled fracture mechanisms, in which the fracture stress is that required to
propagate cleavage across grains. The parameter c must then be identified with the
grain size dimensions. Application of Equation 44 to bainitic structures requires c
to be fitted with the effective grain size.
In the case of LCB steels, as discussed earlier, the cementite formation is not
generally associated to γ/α phase transformation and the second phase
microcontituents consist of martensite and austenite (MA). Although, (high
carbon) martensite as well as austenite, when transforming into untempered
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martensite under the stresses or strains, can be considered as brittle phases, they
should be considered less susceptible to brittle fracture than cementite. In addition,
the second phase microconstituents in LCB steels are usually rather fine and due to
low C content their fraction is also limited [5]. It is also worth noting that Equation
40 describing the influence of composition and microstructural parameters on the
ITT, does not contain any term for carbides or second phase microconstituents.
Yakubtsov et al. [158] discussed that DBTT in LCB steels, is a function of
microstructural feature, which controls nucleation, growth and arrestability of
brittle cracks. Crack nucleation is usually controlled by the distribution and size of
brittle phases, such as MA microconstituents. A decrease in effective grain size of
bainitic ferrite laths introduces an additional amount of low and high angle
boundaries, which have their particular misorientation distribution in the final
microstructure. The high angle interlath boundaries improve the arrestability of
brittle cracks. Yakubtsov et al. [158], however, found a relationship between the
MA microcontituents and impact energy at -20°C in two steels containing
0.2Si-1.7Mn-0.3Mo-0.3Ni-0.3Cu-0.08Nb-0.015Ti with 0.04C (Steel A) and 0.07C
(Steel B) as depicted in 29 a, that indicates decreasing impact energy values with
increasing MA volume fraction. Their observation may, however, be indirect since
steels containing higher volume fraction of MA exhibits also highest yield
strength, Figure 29 b. After detailed microstructural analyses, they concluded that
the combined effect of a high volume fraction of MA phase and increased yield
strength of bainitic microstructure provides an increase in DBTT.

a

b

Fig. 29. Effect of MA microcontituents on the absorption energy in Charpy tests at
-20°C (a). Effect of cooling rate on the yield strength (b) [158].

Edmonds et al. [80] referred that in higher C (≈0.25 wt-%) bainitic steels, little
variation in fracture toughness with packet size of mixed upper and lower bainite
microstructure is found, but large changes can be produced by changing carbide
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size distribution and concluded that in higher C steels, the carbide size, in
particular the coarsest ones present in the structure, controls the toughness
properties. Similarly, Bhadeshia [41] stated that for LCB steels, the bainite size is
the microstructural unit controlling the cleavage resistance. It is nevertheless
possible that carbide size controls the cleavage fracture of high-C bainitic steels.
There are several studies on the influence of second phase MA
microconstituents toughness properties HAZ [159,160]. Although the HAZ does
not undergo similar thermomechanical cycles than LCB steel, the microstructural
features of MA microconstituents controlling the toughness properties of HAZ can
be assumed to be analogous to LCB microstructure containing MA particles in
TMCP LCB steels, especially when HAZ transforms from austenite region to
bainite as in the case of coarse-grained heat affected zone (CGHAZ), for instance.
It has been shown that MA particle can act as initiation site in brittle fracture
as well as in ductile fracture [160, 161, 162, 163]. There are three sites where crack
can initiate: i) inside MA particle, ii) in ferrite matrix near MA microconstituents
and iii) at the interface of MA and ferrite. The mechanism that caused crack
initiation is generally explained by concentration and triaxiality in the stresses in
the region near MA matrix interfaces [159]. Several factors affecting this are
proposed: unrelieved stresses at the interface resulting from the formation of
martensite [164], a significant difference in hardness or yield strength between
MA and matrix or difference in elastic strains between the MA particles [165]. In
the case of high fraction MA particles there can be a connection among the
adjacent microconstituents and they produce a constrained region with a high
stress field, where a crack may be formed [164].
When the fracture occurs due to MA microconstituent, the fracture initiation
mechanisms have been found to be similar for brittle and ductile fractures. The
fracture in both cases is initiated by formation of microvoids. In the case of
cleavage fracture, the microvoids formed at the vicinity of ferrite/MA
microconstituents as a result of triaxial stresses propagate as a cleavage crack
rapidly reaching a prior austenite or other high angle boundary. The final fracture
occurs by link up of brittle fractures situated on the ferrite cleavage planes {100}α
[161].
The role of MA microconstituents on the course of crack propagation is
contradictory. MA microcontituents have been reported to assist the propagation of
brittle fracture, since cleavage fracture preferentially propagates along the
interface between the MA and matrix [166,167]. On the other hand, Hrivnak et al.
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[163] have found that MA microconstituents can hinder propagation of cleavage
cracks and create steps on the fracture surface.
There are several papers that suggest the volume of area fraction to be a
microstructural parameter that controlled the toughness in CGHAZ as well as in
intercritically reheated coarse-grained heat affected zone (ICGCHAZ)
[166,169,170]. Instead some papers [169,170] suggest that the size of MA
particles is of importance. The larger the size of MA microconstituent, the smaller
is the stress to initiate a new crack.
The shape of MA particle can also affect the toughness properties. This is
important, since the shape of MA changes from granular-like to acicular-like,
when microstructure changes from granular bainitic ferrite to bainitic ferrite, for
instance. Some researchers [167, 167] suggest that massive or granular like MA
microconstituents reduce the fracture initiation energy more the elongated ones.
This can be due to a larger size and a higher C content of massive or granular MA
particles as compared to the elongated ones. Further, finite element analysis of
strain distribution in matrix involving MA’s have shown that under tensile stresses,
concentrations of plastics strains occur over a wider area around the massive MA
particles than around an elongated one of the same length. However, it is found by
some researchers [171,172] that elongated MA microconstituents affect negatively
HAZ toughness, whereas blocky particles have not been found to deteriorate
toughness to the same extent as for the elongated ones.
The complexity of understanding the MA particle size fraction and shape on
toughness properties is based on the difficulty to change aforementioned features
without affecting, for instance, the shape and size of matrix grains and dislocation
density. The MA volume fraction could be assumed to be rather dependent (but not
completely) on the C content of steel. However, the size and shape of MA particles
are more or less dependent on transformation characteristics of steel and therefore,
ferrite matrix characteristics can change too.
As pointed out by Zajac et al. [2] the second phase in granular bainitic ferrite
may not be MA, but vary from pearlite to high C martensite depending on the
composition and procession parameter of steel. Of the decomposition products of
austenite, the formation of high C plates, i.e. twinned martensite, is the most
harmful to toughness of HAZ [173,164]. This is because hardness of plate
martensite causes high stress concentration to develop in the surrounding ferrite
matrix. The lath like martensite has smaller influence on the toughness than
twinned martensite islands with a massive shape [175]. Pearlite islands are found
to be less detrimental than martensite islands [176].
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Zajac et al. [111] have suggested that transition temperature (ITT) of fully
bainitic structures can be expressed by the following equation:
ITT (°C) = -67.5+183C+ 4960(d[>8°]),

(46)

where d = lath or packet size determined by a misorientation angle > 8° and C =
carbon content in wt-%.
The ITT is a function of effective grain size and C content and ITT increases
as the effective grain size or C content increases. The influence of grain size on the
transition temperature is well established, but no physical metallurgy basis for the
effect of C content has been given, although this could be related to the fraction of
MA particles and/or cementite particles. Further, Brozzo et al. [131] found that
fracture appearance temperature was dependent on bainite packet size and C
content.
Influence of (microalloy) precipitation and dislocation strengthening on
toughness properties
The precipitation strengthening of polygonal ferrite based steels has been studied
intensively in recent years and it is well established that dispersion strengthening
due to microalloy carbides adversely affects the impact transition temperature. It
has been suggested that the change in impact transition should be related to the
changes in yield strength and is reported to be 0.26°C/MPa, which is of same order
to cold deformation (0.35°C/MPa), but clearly lower than reported for solid
solution strengthening due to Cu (0.5°C/MPa) or Si (0.51°C/MPa) [89].
Recently, it has been suggested that precipitation strengthening may occur in
bainitic steel over a broad temperature range even down to 300°C [111, 121]. The
reasons for this phenomena are not clear, but due to formation of bainite that there
is a considerably supersaturation of C in the (bainitic) ferrite matrix (even though
only for a short period) in conjunction with high dislocation density, it can
presumably offer favourable conditions, where microalloy precipitation is able to
take place. In the case of LCB steels, the beneficial effect of microalloy
precipitation could be attributed to the reduction of size and fraction of MA’s,
since C is tied by microalloy precipitates. For instance, in hot rolled low carbon
steels transforming into a mixture of (polygonal) ferrite, grain boundary cementite,
large reduction in cementite and pearlite fractions are obtained by utilization of
fine microalloy precipitation strengthening [177].
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Im et al. [178] tested the effects of carbide precipitation on the strength and
impact properties of Mn-Ni-Mo bainitic steels. They found that reducing the
precipitation of carbides by lowering the carbon content and/or substituting them
into fine M2C by increasing Mo content, DBTT could be lowered significantly.
Further improvement was achieved by substituting some Mn with Ni.
It seems that precipitation strengthening for improving toughness and ductility
is not well understood and therefore, not fully utilized in bainitic steel. For
successful application of this technique to several issues concerning the bainitic
transformation, such as C supersaturation and partitioning from bainitic ferrite,
nucleation conditions, have to be clarified [121].
Equation 40 contains a term for dispersion strengthening with a embrittling
vector of 0.26, which is identical to that reported in Reference [79]. Pickering et al.
[179] stated that although precipitation strengthening leads to some loss of
toughness, it is probably the least detrimental strengthening mechanism other than
the grain refinement in ferrite based HSLA steels.
Dislocation strengthening is conventionally thought to decrease DBTT [158].
However, the dislocation density and therefore dislocation strengthening as
indicated by Equations 23 and 24 are dictated by the phase transformation
temperatures [41]. Therefore, it could be expected that toughness is deteriorated as
the phase transformation temperature is lowered. This is not completely true,
because the lower phase transformation temperatures may induce finer effective
grain sizes [41,111]. Also the size of second phase microconstituents may be finer
at lower phase transformation temperatures [33]. Therefore higher dislocation
densities caused by the lower phase transformation temperatures may not
necessarily lead to impaired toughness properties. On the other hand, Equation 40
contains an brittlement term for random forest dislocations that has an identical
vector to the precipitation embrittling as reported in Reference [79]. However, as a
rule of thumb effective grain size refinement by refining the austenite grain size is,
of course, advisable as the phase transformation temperature is reduced.
Problems associated with determination of microstructure-toughness
relationships
The understanding the microstructure-property relationship in bainitic steel is
difficult, since it not possible, for example, to influence the characteristics of
second phase without changing the grain structure. These are better understood on
the basis of two examples.
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In low carbon steel it is well recognized that upper bainite has inferior impact
toughness compared to that of lower bainitic, although lower bainite exhibits much
higher strength. This is classically attributed to large carbides/MA microcontituents in upper bainite that are distributed along the lath boundaries, which
are susceptible to cracking. In lower bainite, carbides are much finer and
uniformly distributed inside ferrite laths, which renders the carbide cracking more
difficult. Once initiated, a crack is obstructed by the many carbides and increased
dislocation density [179]. However, a recent study by Zajac et al. [111] suggests
that lower bainite also exhibits a different lath/grain size than that of upper bainite.
Lower bainite is characterized with a large fraction of high angle boundaries, as
compared to upper bainite. The propagation of cracks is efficiently obstructed by
the high angle boundaries. The quantification of carbide size and grain size
contribution on the impact toughness are difficult to examine.
5.1.12 Toughness of (single phase) LCB ferrite morphologies
Although the quantitative analysis of different microstructural factors contributing
to the impact toughness of bainite is difficult, the toughness properties of LCB
steels can be understood by examining the toughness properties of single phase (or
almost single phase) LCB ferrite morphologies.
Quasi-polygonal (or massive) ferrite formation is possible in very low carbon
steels. Typical features are irregular and highly ragged ferrite with small amount of
secondary microconstituents embedded between ferrite crystals. Practical interest
has been focused on the quasi-polygonal microstructures, because of its potential
of excellent strength toughness and ductility. Quasi-polygonal ferrite
microstructures have been found to correlate with low yield-to-tensile strength
ratios and high strain hardening rates [28]. De Morton [180] studied the strength
and toughness of a quenched and tempered low-carbon 1.9 wt-% Mn steel. A good
combination of strength and toughness was associated with a massive ferrite
structure and only a modest decline in these properties was observed on tempering
at 773K. Roberts [181] reported the strength-toughness combination of
0.003C-5.0Mn alloy with massive ferrite microstructure, although the yield
strength were rather modest, the DBTT was, however, suppressed below -150°C.
Recent developments of high strength steel plates with excellent impact toughness
at low temperatures for off-shore application rely on the quasi-polygonal ferrite
based microstructures [78].
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Granular bainitic ferrite resembles the microstuctural features of
quasi-polygonal ferrite, since GB consists of irregular ferrite with MA
microconstituent. The main differences are the higher fraction of well developed
MA constituents and less ragged ferrite morphology. The granular bainitic ferrite
morphology is controversial from the impact toughness point of view. Generally,
in the HAZ, formation of coarse grained granular bainitic ferrite is associated with
poor toughness [182]. Further, in steels with C ~ 0.1wt-% the change in
microstructure from lath like bainitic ferrite to granular bainite was associated with
a marked increased in transition temperature by about 100°C [183]. On the other
hand, in Ref. [184] a low carbon steel (C~0.02wt-%) with tensile strength above
570MPa granular bainitic microstructure was found to exhibit rather high impact
energies down to -40°C. According to Pontremoli [185], microstructure consisting
of granular bainite is the best solution for high strength high toughness (Rp0.2 ~
690MPa 85%DBTT below -20°C) X100 linepipe steel. However, severe
conditioning of austenite by a careful control of TMCP was needed in order to
guarantee suitable toughness properties at the strength levels required. Also Zajac
et al. [111] compared the impact toughness properties of various ferrite
morphologies and found that impact toughness of granular bainitic ferrite was
superior to that of upper bainite. In addition, they stated that the granular bainitic
impact toughness properties are clearly dependent on the size of the prior austenite
grains. As a summary of the toughness of granular bainitic ferrite microstructure, it
can be stated that granular bainitic ferrite transformation in low C steels from fine
austenite can exhibit relatively satisfactory impact toughness properties due to fine
effective grain size and reduced size and fraction of brittle MA microcontituents.
As the C content increases, the fraction and size of MA microconstituents increase,
thus rendering microstructure more prone to brittle fracture. Further, the martensite
inside the MA can be more brittle in high C steels consisting of twinned
martensite, for instance [154]. In these cases, the mixtures of lath like bainite/
martensite microstructures can offer better toughness properties due to increased
density of phase boundaries (high angle boundaries) and finer secondary
microconstituents.
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Fig. 30. Schematic representation of propagation of quasi-cleavage fracture in steels
with lath like and granular bainitic ferrite (b). γGB refers to austenite grain boundary; l.M
is lath martensite, ATM is auto-tempered martensite, lB is lath bainite and γr is retained
austenite [154].

Bainitic ferrite is a lath like ferrite with MA microconstituents between the ferrite
laths. The microstructure can be considered similar to that of upper bainite that is
classically considered as bainite morphology with rather poor toughness [41].
However, toughness properties can be improved by refining the prior austenite
grain size [131] or by deforming austenite heavily in the non-recrystallization
regime, which increases grain boundary area per unit volume and creates
intragranular lattice defects such as deformation bands [6]. Toughness can also
increased by introducing inclusion particles [152], such as oxides of Ti, that can
act as nucleation sites. This is a method generally applied in welds to improve the
toughness. These microstructures are often called acicular ferrite or bainite,
although they are just intragranularly nucleated bainitic ferrite. Naylor and Krahe
[186] mentioned that by suppressing the phase transformation temperature of
upper bainite by increasing the cooling rate from austenite region, formed from
prior austenite of constant size, the average bainitic packet size decreases, which
leads to a increase in strength without significant change in toughness.
5.1.13 Ductility
Ductility is the mechanical property of steels being capable of sustaining large
plastic deformations due to tensile stress without fracture. It is characterized by the
material flow under shear stress. It is contrasted with brittleness [187]. Ductile
fracture occurs by mechanisms of void nucleation at second phase particles
followed by the void growth and finally coalescence to produce a fracture surface
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[89]. Void nucleation at second phase particles can occur by particle fracture or by
decohesion of the particle-matrix interface. In ferritic structural steels, void
nucleation is associated to the non-metallic inclusions [188] and carbides (Fe3C)
[189]. In a study of low carbon bainitic steels plates, the void were observed to be
nucleated on MnS and Al2O3 sized between 5-30 μm and dispersed martensite
particles (close to MA microconstituents) 0.5 μm in diameter. The voids were
observed to nucleate at surfaces of inclusions at very low strains (~0.2), whereas
void nucleation at martensite particles by interface decohesion required much
higher strains. [190].
It was noticed as early as 1957 by Irvine and Pickering [151] that steels with
low carbon bainitic or martensitic microstructures always show superior tensile
ductility when compared with their high carbon counterparts, even when the
comparison was made at identical strength. Their subsequent work confirmed that
ductility can be improved by reducing the carbon content of a fully martensitic
steel while maintaining its strength using substitutional solid solution
strengthening [151]. It has been shown that the Rm - elongation combination can
also be better for bainitic steels than for the conventional steels, as shown by
Mesplont et al. [70], Figure 31.

Fig. 31. Relation between TS and elongation in bainitic steels compared to
conventional steels (Mesplont et al. [70]).

It is particularly interesting that local tensile strength at void nucleation (i.e.
interface strength) is lower for ferrite-Fe3C interface (1.2-2.0 GPa) [189,191,192]
than for ferrite-MA (2.4-2.5GPa) [193]. It seems to be well established that the
void nucleation strain increases in the order: non-metallic phases, Fe3C carbides
and martensite particles/islands. The low void nucleation strains for non-metallic
inclusion arise from pre-existing cracks and weakly bonded interfaces. Fe3C
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particles form by solid-state transformation and are often facetted, which is
indicative of semi coherent interface. In the case of LCB steels, both bainite matrix
and martensite particles in MA microconstituents are thought to form via
displacive transformation, which has the orientation relationship with the parent
austenite. Therefore, it is assumed to have an orientation relationship between
ferrite matrix and martensite, which enables low energy, high strength interfaces to
form. This could explain the observation of better ductility of low carbon bainitic
steel compared to their higher C variants of similar strengths.
The matrix-interface strength controlled void nucleation is not the only factor
controlling the fracture strain, εf, and for low carbon bainitic steel [158] it can be
expressed by:
εf= εN+ εG+ εC≈ εN+ εG ,

(47)

where εN, εG, εC are nucleation, growth and coalescence strains, respectively.
εC is much smaller compared with εN and εG because void coalescence occurs
at the latest stage just before the ductile fracture and depends on internal necking
of the intervoid matrix [187], εG is a complex function initial volume fraction of an
intervoids in metal matrix (or initial volume fraction), formed immediately after
the nucleation strain εN. Experimental data from Poruks et al. [193] obtained from
LCB steels have shown that the nucleation strains of εN of about 0.9 and growth
strain εG decrease with an increase of volume fraction of MA phase, which results
in a reduction of macroscopic fracture strain as seen in Figure 32.
In the case of inclusions and carbides in the ferrite matrix, the strain to fracture
decreases as the shape of inclusions changes from being elongated in the direction
of the tensile straining axis to being elongated in a direction normal to the tensile
straining axis. Further, spherical carbides have shown higher strains to fracture
than for pearlitic carbides [79]. A similar kind of reasoning would also be expected
to apply in the case of MA microconstituents. For a given volume fraction of MA
microconstituents it could be expected that granular shaped MA’s in granular
bainitic ferrite gives better ductility than the elongated MA’s in the bainitic ferrite,
assuming that the interface characteristics are not changed.
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Fig. 32. Influence of volume fraction of MA microconstituents on the failure strains in
LCB steels [158].

In summary, LCB steels can exhibit a better strength-ductility balance than their
higher C counterparts do. This is partly attributed to a higher interface decohesion
strength between the ferrite-martensite than that of, for instance, ferrite-Fe3C
shifting the void nucleation to higher strains. The growth and coalescence stage of
voids play an important role in determining the final fracture strain. These stages
are mainly dictated by the volume fracture of second phase particles at which the
nucleation of voids has occurred. Reduction in the C content would help to reduce
the fraction of second phase particles. The morphology of second phase particles
could be assumed to have an influence on the ductility.
5.2

Influence of processing route

LCB steels are conventionally produced via thermo-mechanically controlled
processing (TMCP), although some other routes, such as recrystallization
controlled rolling (RCR) has also been used.
TMCP is a technique that is designed to improve mechanical properties of
steels by controlling the hot deformation processes, which were originally
designed to produce the external shape of the product. TMCP generally requires a
change in alloying design and can frequently reduce productivity of hot rolling
process, but improved mechanical properties and a decrease in alloying content
can compensate for the loss in productivity [6].
Generally, TMCP can be divided into three stages. During the roughing stage,
austenite grain size is refined due to repeated cycles of the recrystallization
process. In the second (controlled rolling) stage, the austenite is deformed in the
non-recrystallization temperature regime, which brings significant refinement to
the final microstructure. In the last stage, accelerated cooling can be applied to
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refine the ferrite grain size, or, in the case of LCB steels, to suppress the formation
of polygonal ferrite and facilitate the formation of lower-temperature
transformation products such as different types of bainite [5,6]. Sometimes, rolling
reductions in the intercritical austenite-ferrite range is applied as a stage of TMCP
processing [6], but this is not frequently used in the case of LCB steels.
The TMCP of LCB steel must be controlled similarly as in the case of
processing of conventional (HSLA) TMCP steels. Figure 33 shows the processing
factors and variables affecting in addition to the chemical composition the YS
attained in a strip or finally in a pipe. As seen in Figure 33, there are several
process variables that must be controlled in TMCP [72]. In a simplified manner,
the main controlled variables in TMCP can be summarized as follows: the slab
reheating time and temperature controls the initial size and distribution of austenite
grains as well as the concentration of alloying elements in the solid solution. In hot
rolling or RCR stage, the time-temperature-reduction combination is of
importance, because it controls the austenite grain structure evolution influencing
the recrystallization kinetics, grain size refinement during or after passes and
austenite grain growth after the complete recrystallization [194]. In the controlled
rolling stage, the total degree of deformation is of importance. This is achieved by
controlling the total reduction of slab, reduction per pass, interpass-time and pass
in the non-recrystallization regime of austenite temperature [6]. In the ACC stage,
cooling start and finish temperatures in conjunction of cooling rate are important
parameters controlling the phase transformation characteristics [195]. TMCP
parameters in conjunction with alloying content determine the forming
microstructure, which in turn will establish the mechanical properties of the final
product.
An example of TMCP parameters can be found in a paper by Williams et al.
[72] who reported typical hot rolling parameters for linepipe steel production at
BHP Steel Port Kembla. The target slab reheating temperature is 1250°C. Uniform
slab heating in a walking beam furnace provides uniform mechanical properties in
coils and from coil to coil. The rough rolling stage is completed at 1030°C to
achieve the finest possible recrystallized grain size. The transfer bar thickness is
typically 26-30 mm and the effective finishing strain in non-recrystallization
regime is about 70-80%. (The Tnr temperature is considerably higher for Nb-Mo
steels compared to that of Nb-V steels). Availability of high cooling rates
immediately after finish rolling provides greater microstructural adjustment
possibilities, because the phase fractions are dependent on the hardenability of the
steel and the cooling rate.

102

Fig. 33. The causal tree for the yield strength achieved in pipe [72].

5.3

Composition and TMCP processing

TMCP often requires a change in alloy composition and is closely related to the
use of microalloying elements (MAE), such as Nb, Ti, V, Al and B. This is because
the MAE facilitate to control of the stages of TMCP and hence improve the
properties of final product. In the case LCB steels, the use of MAE (of-course with
conventional alloying element), is more pronounced due to the requirement of
higher hardenability. MAE in solid solution can retard the phase transformation to
lower temperatures, giving rise to hardening mainly due to finer grain size and
increased dislocation density. Further, MAE’s contribute to the strengthening via
formation of fine MA carbides/nitrides during or after γ/α transformation.
In the slab reheating MAE can prevent austenite grain growth by introducing
fine, dense and uniform distribution of stable particles. A classical example of this
is the utilization of Ti to form stable nitrides that are able to prevent grain
coarsening even at reheating temperatures up to 1250°C [196]. During the hot
rolling stage, MAE can retard the recrystallization kinetics by solute drag effect
and hence make way to control the recrystallization cycles. Nb is generally utilised
in this respect but considerable solute drag can be introduced also by Ti [197]. In
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the controlled rolling stage, the precipitation of fine strain-induced MAE carbides/
nitrides can prevent recrystallization of austenite and hence enables not only the
control of non-recrystallization temperature but also the proper rolling below
aforementioned temperature [6]. Typically, Nb has been alloyed in TMCP steel. In
the ACC stage, MAE in solid solution can retard the phase transformation, for
instance, the influence of B in shifting polygonal ferrite formation to lower cooling
rates is well established [41]. Further, strong carbide and nitride forming MAE can
increase strength by precipitation during or after the γ/α transformation [79].
Conventionally, this is attributed to the formation of fine Nb [135] or Ti carbides
[110], whereas V is utilized in nitride formation [123]. In addition to precipitation
strengthening, aforementioned MAE can retard the phase transformation, which is
especially true for Nb and Ti.
TMCP parameters can have a great effect on the solubility of MAE and hence
on the ability of MAE to contribute to the transformation and precipitation
strengthening, as schematically shown in Figure 34 [198]. Higher finish rolling
temperatures and lower finish strain in conjunction with low C and optimised
cooling conditions allow the increase of MAE in austenite, where they contribute
to phase strengthening and precipitation strengthening of ferrite.
The strength levels required, for instance, in X100 (690 MPa) and X120 (828
MPa) linepipe steels are not only achieved with an increase of MAE, but also
demand an increase of other alloying elements (Cu, Ni and Mo) in conjunction
with cooling rate [199]. Figure b presents how a combination of alloying and high
cooling intensity can be utilised to achieve high strength levels in X100 and X120
grades. The processing parameters for these grades reported in [199], reveal that
the X120 level requires IIW carbon equivalent (CEIIW) of about 0.46 and the
cooling rate of about 50°C/s.

104

(a)

(b)

Fig. 34. YS of TM hot strip affected by composition and TM parameters (a) [198]. YS
levels achievable in LCB steels by cooling and alloying (b) [199].

5.3.1

Slab reheating and hot rolling stage

During slab soaking stage, the dissolution of alloying elements takes place and
there is a tendency for the austenite grain structure to coarsen. In the hot rolling
stage, the coarse and, sometimes, non-uniform austenite is refined by the repeated
cycles of static recrystallization.
Austenite grain growth and dissolution of MAE particles
Grain coarsening occurs in polycrystalline metals and alloys because of the need to
achieve equilibrium. This condition requires that the grain boundaries move to
reduce curvature and meet at a certain angle. The non-equilibrium forces on the
grain boundaries cause them to move toward their respective centres of curvature.
This boundary motion causes the smaller grains to disappear and the larger grains
to grow with a net increase of holding time at a suitable temperature, for instance.
The pulling force per unit area of grain boundary can be expressed by [200]:

F=

ΔG
Vm ,

(48)
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where ΔG is the reduction of the free energy caused by the boundary migration and
Vm is the unit volume of material.
For the grain coarsening, ΔG arises from the grain boundary curvature and in
the case of fine-grained austenite, the driving force is of the order of
approximately 100kN/m2. Static recrystallization phenomenon is competing with
the grain growth and its driving force arises from the dislocation density difference
in deformed and undeformed grains. The driving force for recrystallization can be
several orders higher than for grain growth [201].
It is suggested that grain coarsening is accompanied by two types of boundary
motion: the inward motion of boundaries of shrinking grains and outward motion
of growing grains. An energy balance has shown that only grains with a size larger
than 4/3 times of the average can grow. [200] This leads to conclusion that
austenite with very narrow size distribution should not show grain coarsening
behaviour irrespective of average grain size. However, in most practical cases, the
grain coarsening does take place and the kinetics of austenite grain size (d)
coarsening at isothermal hold can be described by [200]:
n
d2 = d2
0 + kt ,

(49)

where d0 is the initial grain size, t = time, k = the temperature dependent constant
obeying and n = time exponent.
Equation 49 suggests increasing grain size with increasing temperature as well
as time, as schematically shown in 36. Further, the incorporation term of d0 in
Equation 44 reflects that the initial austenite grain formed just after austenization
has an its influence on the austenite grain size development with time and
temperature. Therefore, it is expected that initial microstructure before α/γ
transformation and heating rate influence on the austenite grain size, since their
effects on austenite nucleation rate and hence on d0 is well established [89].
Equation 49 describes the grain growth in carbon steels where no grain
growth inhibitors are present and is referred as normal. It is important to realize
that this coarsening tendency can be significantly slowed or even eliminated by the
presence of suitable forces than can inhibit the grain boundary motion. Two
mechanisms can be significantly effective: particle pinning and solute drag [201].
The particle pinning effect is based on the influence of particles to eliminate a
portion of moving boundary. To pull the boundary away from the particle, it
requires the recreation of boundary area and hence application of force. This force
is the driving force for grain coarsening. The relationship between size and volume
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fraction of particles that can prevent coarsening of given sized austenite grains can
be expressed as:

rc =

−1
6Ro f ⎛ 3 2 ⎞
⎜ − ⎟ ,
π ⎝2 Z ⎠

(50)

where rc is the critical or maximum particle size required to suppress the
coarsening, R0 is the average grain size, f is the volume fraction of particles and Z
is the ratio of radii R/ R0 of growing to average grains describing the
heterogeneity of the austenite matrix [203].
Hence, for any average grain size, there exists a combination of particle size
and volume fraction that can suppress the coarsening. The particles that are best
suited for the inhibition of grain coarsening of fine austenite grains are smallest in
size and highest in volume fraction. To satisfy these conditions, particles must
have a low solubility in austenite and their growth rate must be low [201].
The effective particle size and volume fraction of particles on inhibition of
grain growth calculated from Equation 50 is represented in Figure 35. The
negatively sloping lines represent combinations of rc and volume fraction that can
pin all grain sizes which fall above the line. The finest grain sizes that can be
stabilized by particles in commercial steels are shown in the lower hatched area.
The upper hatched area shows the finest grains that can be anchored by large
inclusions. The nearly two orders of magnitude difference in grain sizes that can be
stabilized by these two very different particle distributions is remarkable [202].

Fig. 35. Effects of particles on inhibition of grain growth. The lower hatched area
represent the particle-volume fraction area capable to prevent grain growth in
commercial steels. The upper hatched area indicates the grain size that can be
anchored by the inclusions. The grain growth can only be suppressed by the fine
precipitates sized from 10 nm to 100 nm [202].
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The volume fraction will be mainly governed by the bulk composition, solubility
product and temperature, while size is mainly controlled by the coarsening of
particles with time.
Therefore, it is of interest to control the coarsening of particles that is dictated
by the phenomenon called Ostwald ripening, which, in the present case, means
selective growth of larger precipitates at the expense of other particles with no
substantial change in the solute content of the matrix and can be described by the
Lifshitz-Wagner Equation [79]:

r 3 − r03 = 8DσΩSt(9RT )−1 ,

(51)

where r is the particle size at time t, r0 is the initial average particle size, the D is
the diffusion coefficient of MAE in the austenite matrix, Ω is the molar volume of
precipitate, σ is the interfacial energy between precipitate and matrix, S is the true
solubility product.
Equation 51 shows that particle coarsening rates are influenced when D, σ and
S are as low as possible. However, low solubility product of particles and their
coarsening rate are linked together, since coarsening is governed by the
concentration of metal atoms in austenite. Hence, lower solubility product of
growth rate controlling metal atom retards the coarsening of particles [201].
Once precipitate coarsening occurs locally and the critical particle size is
exceeded, it is observed as the growth of only a few grains consuming an
otherwise stable array of fine grains. This grain growth mode is termed as
abnormal grain growth or secondary recrystallization. The abnormal grain growth
mode temperature ranges for different MAE’s are indicated by the hatched areas in
Figure 36. Although, the abnormal grain growth of austenite is attributed to the
coarsening of pinning precipitates with time, it is also appropriate to refer to an
abnormal grain coarsening temperature range, since in the practical applications
the austenization time is more or less fixed and therefore, particle coarsening as
well as dissolution characteristics are governed mainly by the temperature [201].
The coarsening inhibition by the solute drag is based on the solute atoms
located on and attached to a grain boundary, where they hinder the migration rate
of the boundary resulting from a given driving force. However, when microalloy
carbides are present, the particle size inhibition is thought to be the main grain
growth mechanism [201].
The grain growth coarsening behaviour of austenite during reheating is shown
in Figure 36 a for various microalloyed steels. The hatched regions on the curves
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in a represent the grain coarsening temperatures for each steel. At temperatures
below the grain coarsening requires, the pinning forces exerted by the particles is
sufficient to prevent the grain growth through secondary recrystallization or
abnormal grain growth. At temperatures above the grain growth, the particle size
exceeds critical radius in Equation 48 and coarsening can occur [201]. As detected
from 36 a, the grain size of C-Mn steel increases uniformly with temperature
without a distinct coarsening temperature. V is able to retard grain coarsening up
toa temperature of about 1000°C, which is too low an austenitization temperature
for TMCP practices. Nb and Al can keep fine and uniform austenite grain structure
roughly between 1100-1200°C [202]. Ti-bearing steels exhibit an extremely high
grain coarsening temperature above 1200°C. This is caused by pinning of the
austenite grain boundaries by very stable TiN precipitates, which are mostly
formed during solidification of steel [196]. 36 a is only a schematic presentation of
type of precipitate formation vs. grain coarsening temperature, but also the
concentration of MAE’s have their influence on the occurrence of grain
coarsening as detected in 36 b [202].
LCB steels, however, contains simultaneous additions of MAE and for
instance Nb-Ti combination is commonly applied and consequently NbTi(C, N) is
formed. The structures of these kinds of MAE precipitates are more complex,
since carbides and nitrides as well as some MAE can have mutual solubility.
Further, the temperature can affect the composition of precipitates. In the case of
Ti-Nb steels, at 1200°C or above, precipitates are Ti rich NbTiN type [79,203],
whereas at lower temperatures precipitates contain more Nb, being NbTi(C,N)
type [79]. Therefore, it could be expected that the grain coarsening temperature of
steel with simultaneous addition of different MAE’s can differ from that
containing one MAE only. Indeed, it is well established that small additions of Ti
to Nb-bearing steels can increase the grain coarsening temperature to
1150-1250°C, which enables the reheating of slabs at temperatures, where
sufficient amount of Nb is available in solid solution for retarding the
recrystallization and precipitation strengthening, while keeping the austenite grain
structure fine and uniform [204].
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(a)

(b)

Fig. 36. The austenite grain growth characteristics in steel containing various
microalloy additions (V, Al, Nb, Ti) as a function of temperature (a): and as a function
of microalloy content (b) [202].

Although the grain growth characteristic of LCB steels can be understood on the
basis of the reheating behaviour of conventional microalloyed steels, some
anomalies can be found especially in higher strength steels. As can be seen from
Figure 37, very coarse austenite grains, comparable with those in as-cast slabs, are
formed just after the completion of α/γ transformation. The grain size, and
especially the maximum grain size, is coarse at lower reheating temperature,
which is contrary to conventional grain growth mode for microalloyed steels as
observed in Figure 36 [25]. This grain growth behaviour can be understood by the
phenomenon called as “austenite memory effect” as described by Kimmins and
Gooch [205]. In some low carbon steels with high hardenability, microstructure of
as-cast slab may consist of bainite with some retained austenite. When this
microstructure is reheated in the temperature range where ferrite-to-austenite
transformation can occur, the austenite does not need to nucleate again. Instead,
retained austenite region starts to grow and reconstruct the original austenite grain
structure. Kimmins also found that increasing the austenizing temperature (or
increasing the time at given temperature) led to the growth of small grains at the
expense of the coarse grains contrary to the more usual grain-coarsening mode
observed.
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Fig. 37. Effect of slab reheating temperature on the grain size of ultra high strength
X120 linepipe steel. The grain size is reduced with increasing reheating temperature
[25].

The choice of reheating temperature for a given microalloy steel determines not
only the initial grain size but also the initial MAE solute content of the austenite.
The proper dissolution of MAE is not only important for controlling the different
stages of TMCP but also for controlling the strengthening mechanisms of final
product. The solubility of MAE in austenite can be understood from
thermodynamics point of view. The solubility product of MAE carbide/nitride can
be written in general form [206]:
log[M][X]=log ks=A/T+b,

(52)

where [M] and [X] is the initial microalloy and C/N solute contents of the
austenite, respectively and ks is known as solubility product. A and b are constants
depending on the alloying systems and values for them can be found in Reference
[79], for instance. Unfortunately, the reported values of A and b for a given
alloying systems can vary considerably depending on the research method applied.
The solubility products of Nb (Cb), Ti, V and Al nitrides and carbides in the
austenite are presented in Figure 38 [206]. In the slab reheating temperature range
i.e. 1250-1100°C, TiN is the most stable compound and VC the most soluble
compound into austenite,while NbC and TiC are laying between these two
compounds and the amount of dissolved Nb and Ti contents at the reheating
temperature can vary largely depending on the temperature and also C content. All
MAE carbides and nitrides have cubic structures and have mutual solubility [79].
(An exception to this is Al, which does not show any solubility to other MAE,
exhibiting hexagonal crystal structure.) Therefore, MAE’s can, often, in the
111

presence of free N and C precipitate as carbonitrides. This is especially
pronounced for Nb since solubilities of NbC and NbN are very close to each other.
Also V has a tendency to precipitate as carbonitride, but in low C steels with high
N, formation of VN is utilized [123]. On the other hand, TiN and TiC exhibit
rather large gap between their solubilities and it is often expected that the excess of
Ti left over the TiN formation may subsequently precipitate as TiC [196].

(a)

(b)

Fig. 38. Solubility product of Nb, Ti, V and Al carbides and nitrides in austenite (a).
Effect of Nb (C, N) particle size on the solubility (b) [206].

–

Complex carbonitrides. As mentioned above, MAE’s have a tendency to form
carbonitrides instead of nitrides and carbides. However, there are plenty of
data available for the calculation of solubilities of MAE carbonitrides and are
extensively reviewed e.g. in [79].

–

Complex MAE carbonitrides. When there are two interstitials and two or more
MAE’s present in an alloy, a complex carbonitride can be formed, which is
solid solution of carbide and nitride compound of each compound MAE present. The equations for these carbonitrides are complex and have to be solved
numerically. The precipitates are extensively modelled and discussed e.g. in
Reference [207].
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–

Substitutional alloying content in LCB steels. Since solubility products are
often obtained from rather simple Fe-MAE-C/N alloys, but LCB steels contain
significant concentrations of substitutional elements, such as Mn, that can
influence on the solubility of Nb, for instance. Therefore conventional solubility products can lead to severe errors and the application of the solubility products reported by Yoshie et al. [208], Hodgson & Gibss [209] or Siciliano and
Jonas [210] taking account of Mn and Si for the solubility of Nb are recommend.

–

Kinetics and non-equilibrium. Particle sizes formed in the pilot or industrial
applications can vary significantly, which can influence on the solubility products and also kinetics, Figure 37. The solubility products describe the equilibrium condition between precipitates and matrix. For the simple Nb(C,N)
during slab reheating this may be a reasonable assumption insofar as the
extent of precipitation or dissolution is concerned. In the case of complex
MAE carbonitride, such as NbTi(C,N) situation may be completely different.
Deviations from the equilibrium may arise from non-homogenous distribution
of microalloy atoms in complex carbonitrides. There are evidences that homogenisation of microalloy concentrations may not occur and heavily cored particles can be formed. In the case of NbTi(C,N) this would mean a TiN rich
core surrounded by a NbC core [203].

Austenite grain size refinement by SRX
The roughing stage is important in TMCP because repeated SRX events refine the
coarse austenite grain structure between the passes [6]. Further, repeated SRX can
homogenize any non-uniform austenite grain structure resulting, for instance, from
any abnormal grain growth during the slab reheating stage [211].
When austenite is refined by using static recrystallization (SRX) processes, at
least three important issues had to be considered: One is the time dependency of
SRX to reach fully recrystallized austenite (i.e. kinetics), second is the relationship
between the recrystallized austenite grain size and processing parameters and
thirdly, the grain growth followed by the completed SRX.
To describe the SRX kinetics, the well-established equation published by
Sellars and Whiteman [212] can be employed. Generally such an equation can be
written as:
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⎛Q ⎞
t 50 = Aε p Z q d s exp⎜ rex ⎟ ,
⎝ RT ⎠

(53)

where t50 = time for 50% recrystallization, A = constant dependent on chemical
composition, ε = strain, Z = Zener-Hollomon parameter, d = grain size, Qrex =
activation energy for SRX depending on chemical composition, R = gas constant
and T = absolute temperature. p, q and s are material-dependent constants. Further,
the Zener-Hollomon parameter, Z, can be written in the form:

⎛ Qdef ⎞
Z = ε ' exp⎜
⎟,
⎝ RT ⎠

(54)

where ε` = strain rate and Qdef = activation energy for deformation.
In theory Equation 53 should be, in the absence of strain induced precipitation,
valid for C-Mn steels as well as multiple microalloyed LCB steels. The only
difference being the margins in the constants and are well summarized for various
steel types in Reference [213].
The main variables on the SRX kinetic are chemical composition [214], strain
and temperature [215,216]. Further the initial grain size can have a substantial
effect on kinetics [217], whereas the influence of strain rate is small [212, 215].
The effects of MAE’s on the recrystallization kinetic of austenite have been
studied extensively. Nb on the weight percentage basis, is very effective in
retarding the SRX process even in the solid solution [218,214,217]. Also strong
influence of Ti has been detected [217] but B [110] and V [219] have only small
retarding effects.
In the case of substitutional alloying elements, Si and Mn can retard
recrystallization [219,220] but their effect is rather supersaturated if their
concentration exceeds 1 wt-% [6]. Further, Mo has been detected to retard SRX
considerably [214,217,220]. Other substitutional alloying elements such as Cr, Ni
and Cu can have weak retarding effects, but order of their magnitudes are
dispensable [6].
Another important parameter is the grain size produced by the SRX. The SRX
grain size dependency on the initial austenite grain size and processing variables
are described by [213]
⎛ −Q ⎞
D r = C1 + C 2ε m ε,n D l exp⎜ rd ⎟,
⎝ RT ⎠
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(55)

where Dr is diameter of recrystallized grain, C1 and C2 are constants depending on
chemical composition, ε = strain, ε = strain rate, D = initial grain size, Qrd = the
activation energy for SRX. m, n and l are material-dependent constants for strain,
strain rate and grain size, respectively.
Several investigators have determined constants and activation energies
represented in Equation 53 for C-Mn [212] and Nb [221,222] and Ti-V [223]
microalloyed steels. Consistent with recrystallization kinetics equation, the
influence of strain rate on the size of recrystallized austenite grains is of minor
importance and most of the researches have not incorporated the term. While
significant the influence of temperature via activation energy on the
recrystallization grain size is small and some investigators have ignored the effect
of temperature [221], although some authors have incorporated term for it [222,
223]. As a general consensus, it can be stated that a fine initial austenite grain size
and high strains (or reductions) lead to a fine recrystallized austenite grain size and
the dependency of recrystallized grain size on the initial grain size and strain, can
be expressed as [213]:

Dr = 1.1D0 0.67ε −0.67 ,

(56)

where D0 is the initial grain size.
The austenite grain structure is not always refined by deformation at high
temperature and in fact, deformation can even cause abnormal grain growth, as
seen in Figure 39 where the grain diameter as the function of strain 1100°C is
represented in 0.07C-1.7Mn-0.3Mo-0.3Ni-0.08Nb-0.015Ti steel [224]. The grain
size is coarser at low degrees of strains and the refinement takes place when strain
exceeds 0.15-0.20. The high temperatures, low degree of deformation and long
holding times at high temperatures are known to promote deformation induced
abnormal grain growth. This phenomenon takes place because at a lower strain or
reduction, the larger grains have a lower stored energy than the smaller ones and
the activation energy for grain growth is less than for nucleation and
recrystallization and therefore growth of larger grains are favoured [224]. As a
general rule, small reductions below 10% at high temperatures should be avoided.
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Fig. 39. Variation of austenite grain size with deformation strain for 0.07C1.7Mn-0.3Mo-0.3Ni-0.08Nb-0.015Ti steel [224].

Following complete SRX, the equiaxed austenite microstructure coarsens by grain
growth. Since there is a lack of models dealing with an abnormal grain growth, the
uniform growth is usually assumed. The models for uniform growth rate, in
general, are based on the isothermal law:

⎛ −Qg ⎞
n
D(t) n = DRx
+ kg t exp⎜
⎟,
⎝ RT ⎠

(57)

n
where DRx
is the grain size after SRX, t is the time after complete
recrystallization, Qg is the apparent activation energy for grain growth and kg and
n are material dependent constant.
In theory, the grain growth followed by the complete SRX at high
temperatures, where the precipitation of MAE is suppressed, is described by
Equation 49. This is shown in 40 that exhibits the change in austenite grain size
with holding time in Si-Mn, Nb and Ti bearing steels heated at 1200°C, 1150°C
and 1050°C, rolled to a reduction of 70% and isothermally hold for various periods
[225].Figure 40 gives the following messages: grain growth obeys Equation 49
with grain growth exponent depending on the composition and temperature. The
exponent is highest for Si-Mn steels and lowest for Ti-bearing steels. It decreases
with decreasing temperature, the decrease being greatest for Si-Mn steel, while for
Ti-bearing steel n it is rather independent of temperature. In the case of Nb bearing
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steel, abnormal grain growth was observed at 1150°C. This is probably due to the
loss of the pinning effect on grain boundary migration owing to coarsening of
Nb(C,N). SRX processes are able to refine and unify the abnormal grain structure
derived from the slab reheating stage. However, results by Katajarinne et al. [211]
indicate the reappearance of the abnormal grains during isothermal holding at high
temperatures in Nb-Ti bearing steel. This is one of the reasons why abnormal grain
coarsening should be carefully avoided.

Fig. 40. Effect of holding time and temperature on austenite grain growth in Si-Mn, Nb
and Ti steels [225].

5.3.2

Controlled rolling stage

During the controlled rolling stage, austenite is deformed below the
non-recrystallization temperature (Tnr). The austenite recrystallization is
significantly retarded or even prevented due to low temperature, solute drag effect
of MAE’s and finally the strain induced precipitation of MAE such as Nb(C,N)
[104,208]. Instead of producing equiaxed austenite by SRX, the austenite grains
are flattened and elongated and deformed. This leads to significant refinement of
transforming microstructure by increasing the grain boundary area per unit volume
and by creating deformation bands [194, 208] and lattice defects [128]. Further,
the deformation below Tnr can influence the phase transformation characteristics
in steels with bainitic microstructures [129]. Therefore, the controlled rolling stage
plays an important role for mechanical properties, especially for the
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strength-toughness balance. This chapter deals with austenite deformation below
Tnr; its influence on the metallurgical state of austenite, phase transformation
characteristics and final mechanical properties.
Evolution of austenite structure in the controlled rolling stage
There are two factors that can retard the SRX processes: temperature and alloying
elements. Controlled rolling stage utilizes both of them, and therefore the
deformation temperature of the microalloyed TMCP product is lowered below
950°C-900°C. The recrystallization is then retarded also by the solute drag effect
mainly by MAE, until the occurrence of strain-induced precipitation that severely
impede the SRX process. The SRX is completely prevented when time for 5% of
MAE precipitation is shorter than the time for 5% recrystallization [227]. As a
consequence of that deformation starts to accumulate into austenite grains, that are
elongated and new intragranular nucleation sites, such as deformation bands, are
created [194]. In addition, deformation in the non-recrystallization regime can
produce other lattice defects such as free dislocations, dislocation cells and low
angle boundaries [228]. Microstructural refinement caused by deformation can
result in a significant improvement in toughness properties but, in some cases,
improve strength of steels with bainitic structures.
The grain boundary surface area of austenite increases by deformation in the
non-recrystallization regime. If it is assumed that initial austenite grain type is
spherical, deformation changes its morphology to ellipsoid as shown in Figure 41
a [230]. This change in morphology increases the austenite surface area per unit
volume. The ratio of surface area of austenite before and after rolling is plotted in
Figure 41 b as a function of rolling reduction. It is seen in 41 b that the increase in
the grain surface area per unit volume with an increase in rolling reduction is
small, when rolling reduction is kept below 50-60 %. However, beyond 60 %
reductions, the ratio increases dramatically with increasing strain and at the
reduction of 70-75% the ratio of austenite surface are per unit volume is doubled.
Suehiro et al. [221] formulated a mathematical expression to grain boundary
area per unit volume (Sv) when a spherical grain sized of D0 is deformed to a true
strain of ε:

Sv =
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24
(0.491 exp(ε ) + 0.155 exp(−ε ) + 0.143 exp(−3ε ) .
πD0

(58)

(a)

(b)

Fig. 41. The shape change of an austenite grain with reduction (ρ) before and after
rolling (a). The ratio of austenite grain surface area per unit volume before rolling to
that of after rolling (b) as quoted from [230].

Increase in austenite grain boundary area per unit volume is not only beneficial for
microstructural changes, which are caused by deformation in non-recrystallization
regime. Deformation creates intragranular bands running from flattened austenite
grain boundary to another and they are called deformation bands [194]. These
bands are found to be preferential nucleation sites for ferrite as well as for bainite
[25]. The origin of deformation bands is not clear, Japanese scientists have
proposed that these bands are annealing twins that are activated by the deformation
[232].
Influence of degree of deformation in austenite on the deformation band
density is depicted in Figure 42 [194]. Following inferences can be made: small
reductions below 30% do not have a considerable effect on the deformation bands
density, but it increases rapidly beyond 30% reductions up to 65%. No influence of
deformation temperature (800-900°) and grain size (ASTM 1.6-4.8) is detected.
However, prior austenite grain size has a small effect in increasing boundary area
%.
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Fig. 42. Dependence of austenite grain boundary area and deformation band density on
the reduction in non-recrystallization regime of austenite [194].

The combined effect of equiaxed grain size, grain flattening and the formation of
deformation bands on the grain boundary area per unit volume, Sv, is defined by
Equation [80]:
Sv =

1⎛
1⎞
⎜1 + R + ⎟ + 0.63(r − 30),
d⎝
R⎠

(59)

where d is the prior austenite grain size in mm before controlling rolling stage, R is
the controlled rolling ration below Tnr, and r is the reduction below Tnr in %. In
fact, Equation 59 consist of three parts: where the 1/d term describes the influence
of equiaxed grain size, the controlled rolling term is for the contribution of the
flattened austenite grain boundaries, and the third term, containing the reduction
below tnr, stands for the role of deformation bands.
As can be seen from Equation 59 that in addition to prior austenite grain size
before controlled rolling reduction, a significant contribution from the flattened
austenite on the Sv is expected. However, since the influence of these boundaries
are dependent on the controlled rolling ratio instead of being directly related to the
rolling reduction, it is seen from Equation 59 and 43 a-b that small reductions
below 40–50% do not significantly increase the contribution of austenite grain
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boundaries on Sv. However, when reductions exceed 60%, the contribution of
austenite grain boundaries to total Sv starts to increase drastically. Similarly, the
contribution of deformation bands is zero at reductions below 30%, beyond which,
the contribution from the deformation increases linearly with increasing reduction.
It is also worth mentioning that the influence of grain flattening on the total Sv is
significantly more remarkable than that of deformation bands, as seen from Figure
43 b.

Fig. 43. Increase in Sv due to deformation in the non-recrystallization regime. Sv(DB)
stands for the

increase

due to deformation bands, Sv(GB) marks for the grain

boundaries and Sv(total) show the net increase of Sv due to deformation bands and
austenite grain boundaries [201].

Sv can be considered as an estimation of the metallurgical state of austenite and as
a function of total degree of reduction. However, total degree of deformation does
not fully describe the evolution of Sv that can be especially true in the case of
deformation band formation. For instance Nishioka et al. [233] found that the
deformation bands density per unit volume increased with increasing reduction per
pass while the total degree of reduction was held constant, Figure 44. There was a
drastic increase in density of deformation bands, when reduction per pass
increased from 10% to 30% but after that, the effect is saturated. Similar results
were obtained also by Sekine and Maruyama [234].
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Fig. 44. Effect of reduction per pass on deformation band density when the steel is
rolled at 850°C in multiple passes to cumulative reduction ratio of 50% [234].

Rolling in the non-recrystallization regime does not only increase grain boundary
area per unit volume and create deformation bands, but also creates other lattice
defects in austenite, such as, free dislocations and dislocation networks or low
angle grain boundaries. These defects can have their effect on the nucleation and
growth rates of ferrite as well as bainite. Based on the idea and assumption [208,
ccxxxv], that dislocation density can represent all lattice defects and that the
increase of dislocation density due to work hardening is proportional to strain and
the rate of dynamic recovery, that is recovery taking place during the pass, is
proportional to the existing dislocation density, ρ, is described by:
ρ =

b
{1− exp(−c × ε)}+ ρ 0 exp(−c × e) ,
c

(60)

where b and c are coefficients for work hardening and dynamic recovery,
respectively and ρ0 is the initial dislocation density.
At high temperatures, the recovery that occurs between the passes (i.e. static
recovery) is taken into account by:

ρ = (ρ d − ρ 0 ) exp(−dt) + ρ 0 ,

(61)

where d is a coefficient for static recovery and ρd is the dislocation density just
after reduction and t = time.
As seen from Equations 60 and 61, dislocation density is influenced not only
by the strain, but also by the temperature and interpass time. The significance of
dislocation density is connected with the influence the deformation resistance on
the rolling forces during the hot rolling in the non-recrystallization regime of
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austenite [235]. In the case of bainitic and also martensitic transformations, the
dislocation density of austenite can influence the transformation kinetics and in
some cases, dislocations can also be inherited by the product phase [41].
Another important metallurgical phenomena occurring in the non-recrystallization regime is the strain induced precipitation of microalloy carbides/nitrides.
This can significantly influence on the solute concentration of microalloy as well
as solute C content. This in turn, can reduce ability of microalloy elements and C
to retard phase transformation and precipitate during or after the γ/α phase transformation. Precipitation of microalloy carbides and nitrides is extremely low in
steels without retained deformation [236,237], but situation is dramatically
changed when deformation is introduced [237]. The appearance of dislocations,
dislocation cells and low angle subgrain boundaries offers preferential sites for
microalloy carbide/nitride nucleation assuming that deformation takes place below
the solvus. These precipitates are effective in partly or fully retarding SRX process, but too coarse to contribute significantly towards precipitation strengthening
[238].
As an example, typical NbC precipitations curves in low C-Nb bearing steels
with various Mn content are presented in Figure 45 [227]. The precipitation curves
clearly show C-type dependence on the temperature with peak roughly at 900°C.
This is because the driving force (i.e. supersaturation) for NbC precipitation
increases with decreasing temperature, but simultaneously the kinetic for
precipitation is retarded too. Further, precipitation kinetics are dependent not only
on supersaturation level, but also on the presence of other alloying elements, such
as Mn content.
Since LCB steels generally contain rather high Mn content (~2.0 wt-%) that
can reduce the level of NbC supersaturation and also the Ar3 temperatures are low
even at low cooling rates (even below 700°). This enables the controlled rolling in
the low temperature regime of austenite. The SRX process is mainly prevented by
the solute drag. However, the precipitation kinetics of NbC carbides are retarded,
which in turn enables keeping a higher fraction of Nb and C in solid solution.
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Fig. 45. Typical precipitation curves for Nb(C,N) in austenite following a 50% reduction
in thickness [227].

When austenite is deformed in its non-recrystallization regime by multipass
deformation, four significant metallurgical changes are expected to take place: i)
increase of austenite grain boundary area due to pancaking effect, ii) increase of
number deformation bands, ii) increase of dislocation density, and iv) strain
induced precipitation of MAE carbides/nitrides. The increase of austenite grain
boundary is influenced by the total degree of deformation below Tnr and the initial
austenite grain size. The deformation band density is influenced by the total degree
of deformation and the degree of deformation per pass but is rarely affected by
grain size or temperature. Regarding dislocation density, time between
deformation and temperature are dominant factors in conjunction with the total
degree of deformation. Strain induced precipitation is influenced not only by the
deformation but also temperature and MAE solubility characteristics.
Although the deformation in the recrystallization regime effectively increases
the Sv, the influence of fine and uniform austenite grain size prior to deformation
should not be forgotten. Even though the number of deformation bands is
saturated, some austenite grains can contain very few deformation bands. Further,
not all bands have the same nucleation potential. Kozasu et al. [194] found that
some deformation bands are very thin and straight, implying poor nucleation
capacity. In order to minimize the anisotropy in mechanical properties and enhance
the toughness in the transverse direction, it is useful to minimize the austenite
pancake ratio, i.e. the mean ratio of pancake length to pancake thickness. To
guarantee the uniform mechanical properties in ultrahigh strength bainitic steel,
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the ratio should be less than 25 [103]. Even the heavy deformation in the
non-recrystallization regime cannot produce completely uniform and homogenous
austenite, and thereby homogenous final microstructure. Inhomogeneity in grain
structure seems to be the fate of as-hot rolled material, which can, however, be
reduced with refinement of the recrystallized austenite grain size before
deformation in the non-recrystallization regime [6].
Influence of controlled rolling on the phase transformation characteristics,
microstructure and properties
The influence of refining and deformation of austenite on subsequent austenite
decomposition is schematically shown in Figure 46 [239]. It can be seen that
formation ferrite and pearlite is enhanced very significantly, but the bainite range
is only affected marginally. These effects are extensively discussed by McQueen et
al. [37] pointing out many details in the influence of deformation on the bainite
transformation kinetics at different temperature ranges. Anyhow, the finishing
rolling below the non-recrystallization temperature of austenite is not essential, but
the fine austenite grain size is crucial.

Fig. 46. Effects of alloying, austenite grain size and deformation on decomposition
kinetics (Meyer et al. [239]).

Since deformation below Tnr influences on the phase transformation, it is
important to understand how phase transformation characteristics, such as phase
transformation start and finish temperatures are affected by the deformation in the
non-recrystallization regime in LCB steels. Kozasu et al. [194] have shown that
effective interfacial area per unit volume of austenite (Sv) and nucleation rate (Ns)
are increased by austenite grain refinement and deformation below Tnr. Thus, it is
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expected that deformation would accelerate © /〈 transformation and raise Ar3 temperature.
Yamamoto et al. [240] have studied the effect of deformation and the austenite
grain size on bainite transformation. They observed that the grain size does not
affect the transformation temperature and the resulting bainite microstructure
except that the number of nucleation sites of bainitic ferrite is increased with a
decrease in austenite grain size. The volume fraction is also independent of the
grain size. They reported that deformation (strain ~ 0.34) in the non-recrystallization regime raises the transformation temperature (~ 20–60°C) and decreases the
hardness of bainitic ferrite in B-free steels, but not in B-bearing steels.
Manohar et al. [241] determined CCT diagrams for an X80 type steel in both
undeformed and deformed conditions and reported that deformation increased Ar3
and reduced considerably the kinetics of austenite decomposition. However, it can
be seen from their diagrams that the most prominent influence was on the
polygonal ferrite formation (its Ar3 and range) and not on the other types of ferrite
(granular bainite and upper bainite).
On the other hand, Liu and Solberg [242] concluded that the influence of
deformation on the Ar3 temperature decreased with decreasing cooling rate due to
static recovery in the deformed austenite during cooling. Similarly, Huang et al.
[243] showed that deformed austenite transformed to bainite at higher
temperatures and at a faster rate during continuous cooling, as long as the cooling
occurred sufficiently fast to suppress the recovery of austenite. Results by Smith
and Siebert [245] are in line with those of Huang et al. [243] Sandberg and Roberts
[245] reported that the nucleation rate droped drastically once the favorable sites in
deformed austenite are exhausted. Honeycombe [246] pointed out that the
precipitates formed in austenite could pin interphase boundaries during
transformation.
On the other hand, in contrast to aforementioned findings, it has been stated,
for instance by Bhadeshia [41] that heavy deformation of austenite matrix can
actually retard austenite decomposition to bainite and martensite in steels with
higher C content than in LCB steels. It is thought that bainite, and also martensite,
form by the displacive mechanism that involves a coordinated movement of atoms
and such movements cannot be sustained against strong defects such as grain
boundaries. Thus martensite or bainite plates cannot cross austenite grain
boundaries. Smaller defects such as isolated dislocations or deformation bands
hinder the progress of such transformations, but can be often incorporated into
bainite or martensite lattice. However, severe plastic deformation of austenite prior
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to its transformation hinders the growth of bainite and martensite, causing a
reduction in the fraction of transformation in spite of increased number density of
nucleation sites.
This retardation of transformation by plastic deformation is called mechanical
stabilization and can be explained in terms of structure of the transformation
interface. Displacive transformation occurs by the advance of glissile interface,
which can be rendered sessile when they encounter dislocation debris. The early
evidences of mechanical stabilization derives from the work by Davenport [247],
who showed the retardation of bainitic transformation from severely deformed
austenite as illustrated in Figure 47 a. Further, Tsuzaki et al. [248] found that the
deformed austenite transformed faster to bainite, although the net volume fraction
of bainite decreased when compared to Figure undeformed austenite (47 b).
Similar results were also reported by Bhadeshia and Singh [249]. Somani et al.
[250] studied the influence of deformation on bainite start temperature in 0.1-0.2C
containing DQ steels and found the effect of retained deformation at 850°C to be
dependent on the level of alloying and cooling rate. In the case of steels with low
level of carbon and alloying, as indicated by alloy factor (AF), which is a measure
of overall level of alloying, strain at 850°C had no measurable effect on the bainite
start temperature. On the contrary, strain at 850°C resulted in the suppression of
bainite start temperatures in steels high level of hardenability (i.e. high AF). Also
results by Takahashi and Hashimoto [251] showed that steels with a low
hardenability index (DI) exhibited an increase in phase transformation start
temperatures with increasing amounts of deformation in the non-recrystallization
regime in 0.09C containing DQ steels. On the other hand, in the case of high
hardenability (i.e. high DI) steels, martensite and bainite transformation
temperatures decreased as the degree of deformation in the non-recrystallization
regime increased. McQueen et al. [229] discussed comprehensively the austenite
deformation on its transformation to bainite and stated that the response is
ambivalent. The austenite may be either stabilized or destabilized relative to
bainite transformation. It depends in a complicated way on the deformation
conditions, transformation temperature and chemical composition.
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(a)

(b)

Fig. 47. Plots of temperature vs. time for bainitic transformation during cooling (a)
[247]. The effect of ausforming on the kinetics of the bainite reaction in a
0.59-2.01Si-1.02Mn steel (b) [249].

Seeminly there is no clear definition of the circumstances, under which the
deformation of austenite in the non-recrystallization regime retards the phase
transformation to lower temperature and when promoting transformation at higher
temperatures. For instance, Maki [252] found that deformation markedly increased
the rate of transformation of upper bainite with an eventually retarded
transformation to lower bainite. Lee and Choo [253] reported that the strength
decreased due to ferrite formation at austenite grain boundaries by pancaking
before direct quenching in steels with low alloy-hardenability, showing the temperature of 50% transformation (TT50%) higher than 550°C. However, in steels
with high hardenability, exhibiting TT50% lower than 550°C, strength increased
due to pancaking before direct quenching.
There seems to be a general consensus that deformation increases the phase
transformation temperature in LCB steel with a relatively modest hardenability.
On the other hand mechanical stabilization could be expected to take place in LCB
steel with high levels of alloying (i.e. high hardenability).
An important feature of deformation in the non-recrystallization regime is the
microstructural evolution that is considered to be advantageous for toughness.
Fujiwara et al. [254] investigated the effect of deformation on bainite structure in
C-Mn-Nb-Ti-B steels under isothermal transformation conditions. They found that
the enhancing effect of deformation was more significant for polygonal ferrite
formation than that of bainite. The light deformation was not effective in reducing
the length of bainitic ferrite laths, but heavy deformation (50%) did so. The length
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corresponds to the cell size. In the case of heavy deformation, also adjacent
bainitic ferrite laths have different crystallographic orientations. Suikkanen et al.
[3] showed that retained strains higher than 0.9 (∼60% reduction) at 850°C led to a
significant grain size refinement defined by equivalent circle diameters (ECD) in
various LCB steels as compared to specimens without deformation or only with
small strains below 0.6. On the other hand, Yamamoto [240] reported that bainite
lath size increased due to deformation, but their length was reduced. This is
expectable, because deformation below Tnr increases the phase transformation
temperatures in LCB steels as discussed above and therefore, lath thickness is
expected to be higher. On the other hand, lath length is expected to be reduced by
the increased number of grain boundaries and deformation bands per unit volume.
These results are in agreement with the results of Singh and Bhadeshia [249] based
on the neural network modelling that has identified the austenite strength as a main
variable controlling the thickness of bainite laths. Lath size decreased with
decreasing temperature. The strength of austenite is expected to increase with
decreasing temperature. Similarly as Yamamoto et al. [240] results of Singh and
Bhadeshia [249] showed that the length of the lath was reduced. This was due to
increased nucleation at grain boundaries and within grains at deformation bands.
McQueen et al. [229] found that when bainite formed at low temperatures, where
the retained deformation stabilized austenite against the bainite transformation, the
nucleation and growth rates were also retarded.
Yang et al. [255] found that the prior deformation of austenite assisted the
formation of intragranular non-parallel plates of acicular ferrite, but stifled the
formation of sheaf like parallel plates of bainitic ferrite in a 0.03C-0.19Si1.85Mn-0.05Nb-0.024Ti-0.0026B steel. They concluded that prior deformation
could promote a sufficient subdivision of the parent austenite by the division of
deformation bands. Therefore, the morphology of bainitic sheaf may not be
developed, but the intragranular nucleation of acicular ferrite is favoured. Results
indicated that a high volume fraction of acicular ferrite has the advantage of good
toughness at lower temperatures compared to the microstructure containing mainly
bainitic ferrite.
Tabata et al. (as quoted from Ref. [6] ) studied the influence of degree of hot
deformation in the non-recrystallization regime on the microstructure and mechanical properties of a 0.07C-2.0Mn-0.5Mo-0.06Nb acicular ferrite steel (bainitic ferrite), as depicted in Figure a. When the amount of reduction is less than 20%,
microstructure is fully acicular and is practically free of polygonal ferrite. Acicular
ferrite contains small amount of cementite and martensite, exhibiting rather poor
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toughness. With a further increase in the amount of reduction, steel loses hardenability and thereby gives a mixed microstructure of acicular ferrite and polygonal
ferrite. With increasing amount of polygonal ferrite, impact energy increases and
transition temperature decreases drastically. Yield and tensile strength increase
slightly in the initial stage, but suddenly decrease at 70% reduction. Therefore, the
optimum combination of strength and toughness is obtained with 15% polygonal
ferrite. Increase in strength and significant improvement in toughness can be
obtained typically in the mixed structure of acicular or bainitic and polygonal ferrite by decreasing the austenite grain size and by increasing the amount of deformation in the non-recrystallization regime. The reason for the improvement is the
grain refinement in the polygonal ferrite as well as acicular ferrite. However,
excessive formation of polygonal ferrite loses strength due to a decrease in the
fraction of hard acicular ferrite. Tabata et al. also noted that though the introduction of fine-grained polygonal ferrite was effective for improvement in strength
and toughness, the introduction of coarse polygonal ferrite caused deterioration
both in strength and in toughness. Formation of coarse polygonal ferrite is caused
by insufficient hardenability and inadequate controlled rolling conditions in terms
of finish rolling temperature and the amount of hot deformation in the non-recrystallization regime. Okaguchi et al. [256]. investigated the effect of total deformation on strength and toughness in 0.06-1.5Mn-0.03Nb-0.05V steel. They showed
that, the 50% FATT (i.e. DBTT) is remarkably improved with increasing total
deformation in the non-recrystallization regime, while tensile strength is slightly
reduced, b. The improvement in toughness was found to be caused by two mechanisms: refinement of effective grain size of bainite due to other ferrite morphologies and the refinement of bainite microstructure itself. Small amounts of fine
polygonal ferrite and martensite introduced in a lath-like bainite dominated microstructure by austenite deformation, refined the bainite effective grain size. Further,
fine ferrite formed inside the austenite grains or on grain boundaries has considerable effect on arresting the crack propagation. In non-deformed specimens, coarse
and long bainite packets are composed of a number of parallel arrays of lath-like
bainite, whereas in specimens deformed to a total reduction of 75%, these consisted of non-parallel and fine lath-like bainite.
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(a)

(b)

Fig. 48. Dependence of acicular ferrite (bainitic ferrite) volume fraction, strengths and
Charpy impact properties on the amount of reduction in non-recrystallization region of
a 0.07C-2.0Mn-0.5Mo-0.06Nb steel (a) [6]. Effect of reduction below 900°C on tensile
strength and toughness of a 0.06-1.5Mn-0.03Nb-0.05V steel [256] (b).

Coldren and Michelic [106] studied the effect of percent reduction below 900°C
on the 50% shear FATT in Batelle drop weight tear test (BDWTT). The 50% shear
FATT decreased from -5°C to -75°C as the reduction below 900°C was increased
from 31% to 86% in a low C-Mn-Si-Mo-Nb steel. Further, the percentage of shear
fracture at -35°C in BDWTT increased from 5% to 100% as the deformation
below 900°C increased from 31% to 86%. In an ultra-high strength X120 linepipe
steel, transforming to lower bainite, packets often occupy the full height of
pancaked austenite and the thickness of the pancaked austenite grains determined
the packet size. As a consequence, brittle fracture susceptibility, which depends on
the packet size, correlates to the pancaked thickness of prior austenite grain [25].
For a given initial equiaxed austenite grain size, the thickness of pancaked depends
on the degree of deformation in the non-recrystallization regime.
In many cases, the deformation of LCB steels in the non-recrystallization
regime of austenite can increase the phase transformation temperature that can
lead to a decrease in strength. However, if the formation of polygonal ferrite is
avoided to a large extent, the drop in strength properties is negligible. For LCB
steels with enough hardenability, the deformation response of strength in the
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non-recrystallization regime can be rather insensitive, and in some cases, even
increase the strength as mechanical stabilization retards phase transformation to
lower temperatures. The most prominent consequence of deformation in
non-recrystallization region in LCB steels is seemingly significant improvement in
toughness properties. This can be attributed to microstuctural modification, such
as introduction of polygonal or quasi-polygonal ferrite in the granular bainitic
ferrite or bainitic ferrite matrix or by increasing the number of deformation bands
and grain boundary area per unit volume. This can bring out significant
microstructural refinement.
5.3.3

Accelerated cooling (Cooling variables)

The last stage of TMCP is the accelerated continuous cooling (ACC) or in modern
hot rolling mills, direct quenching (DQ) that is generally initiated as fast as
possible after the final pass. These routes are schematically represented in Figure
49 [6]. ACC, as a controlled cooling process, in principle, tends to choose the
optimum cooling rate applicable to a wide variety of as-hot rolled products without
the need for subsequent heat treatment. The microstructures then, in principle,
consist of ferrite/pearlite, ferrite/bainite or of fully bainitic structures. In some
applications, accelerated cooling is stopped at a specific temperature, followed by
air-cooling. The process is termed as interrupted accelerated cooling (IAC). The
cooling rates in AC can vary from 10°C/s up to 60°C/s altering naturally with
product gauge. Cooling stop temperature can vary from 650-300°C i.e., mainly in
ferrite -bainite transformation range [6,256].
The objective of DQ is to produce microstructure consisting mainly of bainite
and bainite/martensite by applying the highest possible cooling rates, which are
enabled by special cooling techniques such as high-pressure spray cooling system.
The modern cooling facilities can easily apply cooling rates of 100°C/s. However,
such excessive cooling rates apply only for the plate surface and thin gauge
products. One of the major differences of between DQ and ACC/IAC is that DQ
may required subsequent heat treatment, as martensite (at least at highest C levels)
is a hard and brittle phase [6, 257].
Similarly, as in the case of IAC, DQ can be terminated at a certain
temperature below Ms or in the lower bainite transformation regime, followed by
air-cooling to room temperature. This process is termed as interrupted direct
quenching (IDQ) [25]. In applying very short rapid cooling, interrupted before the
plate centre reaches Ms, the remaining heat will act as on-line tempering [252].
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This process is called quenching and self-tempering (QST) and is very similar to
IDQ. If the microstructure consist of lower bainite and/or lower bainite and self
tempered (low C) martensite, the tempering treatment is not a necessity [25].
The following chapter will deal with the metallurgical aspects of AC applied
to LCB steels in conjunction with TMCP. The emphasis is put on the processing
variables and the microstructural features.

Fig. 49. Methods of on-line forced cooling methods after TMCP [252].

The main variables of AC are the cooling rate and cooling start and finish
temperatures. The optimum use of these parameters is closely related to the
chemical composition in addition to the TMCP parameters, as they significantly
influence the microstructure and properties obtained by specific AC conditions.
The influence of cooling rate and finish cooling temperature on the strength
and total elongation of
a 0.08C-1.70Mn-0.25Si-0.17Ni-0.033Nb-0.058Nb0.0024B steel are shown in Figure 50 a–c, respectively. As expected, both the yield
and tensile strength increase with increasing cooling rate. These increments are
almost 150-200 MPa as the cooling rate increases from 5°C/s to 35°C/s and finish
cooling temperature being 400°C. The capability of cooling rate to increase the
strength the decreases with increasing finish cooling temperature and at 650°C,
both the yield- and tensile strengths are practically insensitive to cooling rate. The
yield-to-tensile strength ratios varied from 0.75 (CR=6°C/s, TFC=650°C) to 0.93
(CR=6°C/s, TFC=650°C). The tendency of yield strength to increase with increasing cooling rate is a consequence of the interruption of the accelerated cooling at
temperatures greater than or equal to 400°C, which prevented formation of martensite. Influence of cooling rate on total elongation is represented in 50 c, which
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indicates a tendency of total elongation to decrease when the cooling rate increases
or finish cooling temperature decreases [253].
The microstructural interpretation of the influence of cooling rate on the
mechanical properties is understood as follows: at high finish cooling temperatures
(TFC=600-650) microstructure consists essentially of polygonal ferrite and granular bainite with MA microconstituents. At lower TFC of 550°C microstructure typically consists of fine grained granular bainite and bainitic ferrite with traces of
polygonal ferrite. At the lowest finish cooling temperatures, the microstructure
essentially consists of bainitic ferrite. The bainitic ferritic lath size decreases with
increasing cooling rate [253]. Further, the dislocation density is dependent on the
transformation temperature, and as the higher cooling rate pushes the phase transformation to lower temperatures, the dislocation density and thereby dislocation
strengthening gets enhanced [41].
The concerning on the effect of cooling rate on the strength-toughness balance
of LCB steels are not numerous. Instead, this can be relatively well understood in
0.1-0.14C containing microalloyed steels with ferrite/bainite and bainitic
microstructures [6].

(b)

(a)

(c)
Fig. 50. Influence of cooling rate (Cr) and finish cooling temperature (TFC) on the yield
strength (a), tensile strength (b) and total elongation (c) of a 0.08C-1.70Mn0.25Si-0.17Ni-0.033Nb-0.058Nb-0.0024B steel.
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The influence of cooling rate (and reheating and finish rolling parameters) on the
strength and toughness combinations in 0.12C-0.33Si-1.38Mn, 0.12C-0.27Si1.3Mn-0.023Nb-0.033V and 0.1-0.31Si-1.29Mn-0.036Nb-0.092V steels is
represented in Figure 51 a–b. In 51 a, the effect of cooling rate in Si-Mn and Nb-V
steels having plate thicknesses of ~20 mm after finish rolling at 800°C with a
cumulative rolling reduction of 70 % and finish cooling temperature of 600°C, is
presented. The yield and tensile strength increase by 30-60 MPa at a cooling rate
of 10°C/s compared with controlled rolled plates. The increment of strength being
larger in microalloyed steel than in C-Mn steel, strongly underlines the effect of
MAE in increasing the hardenability of steel. The fracture appearance temperature
(FATT) in Charpy impact testing is slightly improved with increasing cooling rate.
The influence of cooling rate and processing parameters on the strength and
toughness of a 0.1C-0.31Si-1.5Mn-0.039Nb-0.092V steel are presented in Figure
51 b. The yield and tensile strengths are ~50-100 MPa higher, when cooling rate
increases from 4°C/s to 12°C/s. The increment in this case is higher than in the
case of 0.12C-0.27Si-1.3Mn-0.023Nb-0.033V steel, as seen in Figure 51 b. This is
probably due to higher amounts of Mn, Nb and V in steel 0.1C-0.31Si1.5Mn-0.039Nb-0.092V. The increment in tensile strength is greatest in steel with
high reheating and finish rolling temperature, while yield strength being rather
insensitive to the reheating and finish rolling parameters. The impact toughness
properties are only slightly influenced by the cooling rate, but are greatly
influenced by the processing parameters, such as the reheating and finish rolling
temperatures.
The accelerated cooling is generally initiated immediately after the final
passes preferentially above Ar3, since the increment of strength obtained by
accelerated cooling is reduced, if the start temperature of accelerated cooling
approaches the Ar3. The finish cooling temperature or cooling stop temperature is
an important parameter in TMCP. The influence of cooling stop temperature in
conjunction of ACC at a cooling rate of 60°C/s on the tensile properties of low
carbon Nb microalloyed steel (targeted as X70 and X80 grades) is shown in Figure
52 a. The diagram shows that already high cooling stop temperature results in the
required strength levels of X70 grade steel. When lowering the cooling stop
temperature from 600°C to about 400°C, the yield strength and also tensile
strength increase as a result of higher bainite fraction in the microstructure. With
cooling stop temperature below 500°C, the tensile properties of X80 grade steel
are achieved. However, if the cooling stop temperature falls below 400°C, only the
tensile strength increases further, but yield strength is reduced. The diagram also
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shows that the steel has the potential yield strength increment due to precipitation
of NbC [259].

(a)

(b)

Fig. 51. Influence of cooling rate on mechanical properties of 0.12C-0.33Si-1.38Mn and
0.12C-0.27Si-1.3Mn-0.023Nb-0.033V steels (a) and in a 0.1C-0.31Si-1.5Mn-0.039Nb0.092V steel (b) [6].

Influence of cooling stop temperature on strength and toughness of X100 grade
linepipe steel (0.06C-0.3Si-1.9Mn-0.1Mo-0.042Nb-0.015Ti with Ni and Cu
additions) is shown in Figure 52 b. While the tensile strength increases with a
decrease in cooling stop temperature, the yield strength and low temperature
toughness exhibit complicated behaviour corresponding to changes in the
microstructure and stress-strain curve. The low temperature toughness reaches its
maximum at a cooling stop temperature of 400°C. Decreasing the cooling stop
temperature below 300°C results in a decrease of both the strength and the impact
energy at -40°C. This is because the martensite replaces bainite as the dominant
hard phase so that the yielding becomes gradual, resulting in a the reduction of the
proof strength. Although this has clear advantages for application involving
forming operation, the lowering of yield strength is disadvantageous for pipeline
and heavy plate fabrications. This problem can be overcome by applying a
two-stage accelerated cooling process that promotes bainite over martensite, while
at the same time retaining the high cooling rate required to refine or suppress the
polygonal ferrite [158].
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(b)

(a)

Fig. 52. Tensile properties of X70/80 linepipe with bainite dominated microstructure,
cooled at 60°C/s as a function of different cooling stop temperatures (a) [259]. Effect of
accelerated cooling stop temperature on the strength and toughness of X100 linepipe
steel (b)[158].

Some regression equations for the influence of water cooling
Rodrigues et al. [160] investigated a 0.08C-1.7Mn-0.03Nb-0.026Ti-V-Ni steel
with 24 ppm B and they established regression equations between the mechanical
properties and cooling variables, i.e. cooling rate (CR) and cooling start
temperature (Tcs). The equation for YS is as follows:
YS (MPa)=109 + 2 (CR Tcs)0.5 + 7.5x10-4 (Tcs)2.

(62)

Hence, the influence of CR is more important than that of the cooling start
temperature on mechanical properties.
Zhao et al. [256] also developed regression equations for YS and elongation of
TMCP processed 0.07C-0.9Mn-0.04Nb-0.04V-0.015Ti pipeline steel (YS≈510550 MPa) as given in Equations 63 and 64, respectively:
YS (MPa)=0.508Ts - 0.231Tf - 0.334Tcf + 1.905CR + 323.6

(63)

A=-0.002Ts - 0.064T f - 0.086Tcf + 0.325CR + 121.8,

(64)
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where Ts and T f are the start and finish rolling temperatures in °C, respectively
and Tcf is the cooling finish temperature (in °C). The roles of Tcf and CR are
related to precipitation of carbonitrides during cooling.
5.3.4

Weldability aspects of LCB steel

Weldabilty is a wide concept and there are many different definitions about it. In
early days, the concept of weldabilty was mainly concerned with weld cracking
and toughness of heat-affected zone (HAZ) [257,258,259]. However, the recent
trend of increasing strength of steels sets requirements for the welds to maintain
their strength and ductility levels equal to that of the base material. Broadly, a
requirement of cost efficiency of welding process is also included. Practically, this
means that the welds are created by well-established welding processes and costly
heat treatments (such as, preheating and/or post welding heat treatments) should
be avoided [89].
When steel is welded with a low heat input, there is a propensity for cracking
at the root of the weld bead. The susceptibly to weld cracking is conventionally
expressed by the carbon equivalent, which is, however, more directly associated
with the maximum hardness of the heat affected zone. A more suitable parameter
is the weld cracking parameter (Pcm) that includes contributions from individual
alloying elements for susceptibility to weld cracking and is expressed by: [252]:

Pcm = C +

Si Mn + Cu + Cr Ni Mo V
+
+
+
+ + 5B,
30
20
60 15 10

(65)

The toughness at the heat affected zone is not influenced by the thermomechanical
cycle that the base metal experienced, but is governed by the chemical composition of the base metal and the cooling rate after welding, since the HAZ is heated
near to melting point, thereby eliminating the influence of thermomechanical cycle
[257].
With regard to the weldabilty of TMCP processed steel, we must take into
consideration the effects of alloying elements on the properties of the weld metal
and weld joint strength besides the aforementioned two factors. As the weld metal
is diluted by the base metal, the properties of the weld metal are influenced by the
alloying elements of both the welding material as well as the base metal. Strength
of the weld joint is not a problem as far as the welding heat input is low. With
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increasing heat input, however, the softened zone becomes wider, thus impairing
the strength of the weld joint [262, 263, 264].
5.3.5

Weld and HAZ cracking

Hot cracking
Solidification cracking occurs mainly through dilution from the base metal, since
the composition of the deposited metal is designed to avoid such problems. When
observed, it generally occurs in passes with the greatest dilution (i.e. the root pass,
where penetration is required) and when solidification pattern is inappropriate (i.e.
with excessive penetration ratio and/or too elongated weld pools associated with
high welding speeds). Thus the problem can quite easily be corrected by adapting
the welding parameters.
Liquation cracking may also occur in the HAZ region heated or reheated close
to the melting temperature due to segregation and by local melting at grain
boundaries. It is dependent on the amount and type of impurities and inclusions.
Since TMC processed steels have a lean alloy content, low levels of impurities
show less segregation and hot cracking is even less likely to occur [262].
Cold cracking in HAZ
Cold cracking is a defect that occurs in welding and is promoted by following
factors [265]:
–

Susceptible microstructure (martensite/bainite with high hardness)

–

Sufficiently high weld hydrogen concentration (hydrogen embrittlement)

–

High stresses (i.e. level of weld residual tensile stress)

To evaluate susceptibility of steel, various carbon equivalent formulas in addition
to Equation 65 have been developed, as shown in 10. These formulas were
evaluated by the IIW Commission IX and according to the them, especially Pcm
and CEN appear to provide acceptable evaluations of the cold cracking [262].
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Table 10. Formulas for carbon equivalent [262].
Group
A

Formula
CE (IIW) = C + Mn/6 + /(Cr + Mo + V)/5 + (Ni + Cu)/15
CE (WES) = C + Si/24 + Mn/6 + Cr/5 + Mo(4 + V/14 + Ni/40
CE (SWtout II) = C + Mn/6 + Cr/10 + Mo/10 + Cu/40 + Ni/20
CE8 (Düren) = C + Si/11 + Mn/8 + Cr/5 + Mo/6 + V/3 + Ni/17 + Cu/9
CEI (Yurioka) = C + Si/24 + Mn/6 + Cr(1 - 0.16√Cr)/8 + Mo/4 + Ni/12 + Cu/15
CEII (Yurioka) = C + Si/24 + Mn/5 + Mo/2.5 + V/5 + Nb/3 + Ni/18 + Cu/10
CEIII (Yurioka) = C + Mn/3.6 + Cr/5 + Mo/4 + Ni/9 + Cu/20

B

Pcm = C + Si/30 + Mn/20 + Cr/20 + Mo/15 + V/10 + Ni/60 + Cu/20 + 5B
Pcm (Düren) = C + Si/25 + Mn/20 + Cr/10 + Mo/15 + V/10 + NI/40 + Cu/20
CE (Graville) = C + Mn/16 + Cr/23 + Mo/7 + Nb/8 + V/9 + Ni/50
CE ((Düren) = C + Si/25 + Mn/16 + Cr/20 + Mo/40 + V/15 + Ni/60 + Cu/16

C

CE /Stout I) = 1000 C [Mn/6 + (Cr + Mo)/ + Ni/20 + Cu/40]
CEN = C + A(C) [Si/24 + Mn/6 + (Cr + Mo + Nb + V)/5 + Ni/20 + Cu/15 + 5B]
where A(C) = 0.75 + 0.25 tanh [20(C - 0.12)]

The weldability of low-carbon Mn-Si-Cr ferritic/bainitic hot-rolled steel JB800
was studied by Wang et al. [266]. The results show that the steel has low cold
cracking susceptibility, and it can be welded with low heat input without a risk of
cold cracking.
Weld metal cold cracking
As the austenite transforms upon cooling, the dissolved hydrogen is expelled
towards the neighbouring untransformed austenite since its solubility in austenite
is greater than in the already transformed microstructures. If the weld metal
transforms before the HAZ, the hydrogen accumulates in the part of the HAZ
closest to the fusion line, because even though its solubility is greater in austenite,
its diffusivity is lower there. This is why cold cracking occurs most often in
coarse-grained HAZ, as root, toe or underbead crack zones [262].
However, a reverse situation is more possible when welding TMC processed
LCB steels, because, the carbon equivalents of these steels are low and the carbon
equivalent of the deposited metal has to be increased to obtain required strength, as
mentioned earlier. In this case, the hydrogen remains trapped in the fused metal.
As a result, cold cracking is more frequently observed in the weld metal.
The TMCP has greatly improved the cold cracking sensitivity of steels by
allowing significant reduction of their carbon equivalents. This type of treatment
cannot be used for the weld metals since their properties have to be directly
obtained in the as-welded condition. However, an improvement in weld metals to
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cold cracking has been obtained through reductions of the diffusible hydrogen
content and lowering the tendency for hydrogen pick up from the ambient
humidity.
However, the properties of the weld metal can hardly be enhanced to the same
level as that of the base metal. Thus, the weld becomes a weak point in a welded
joint and the development of tough and cracking-resistant ultra-low carbon
welding consumables becomes a key solution for welding ULCB steel [262].
5.3.6

HAZ toughness and microstructure

In single pass weldments, HAZ toughness depends mainly on its microstructure,
which varies continuously from the fusion line to the unaffected base metal. The
relationship between FATT and microstructure of simulated CGHAZ of steels with
various composition is shown in Figure 53 a. Although all steel compositions in
this figure are not typical to LCB steels and also keeping in mind that all steels are
not even TMC processed, 53 a offers a good basis of description and discussion
about the influence of heat input microstructure and composition on the FATT of
simulated CGHAZ [262]. As it is well-known, attention must be given to the heat
input when welding steels, since it greatly influences not only the coarsening of
HAZ prior austenite grain size and the width of coarse grained HAZ, but also the
cooling rate (or cooling time between 800°C and 500°C) of CGHAZ. As seen in
Figure 53 a, there is a optimum heat input giving the best HAZ toughness and this
optimum increases with the steel hardenability. A better understanding of factors
controlling HAZ is gained from Figure 53 a by noting that changes in toughness
always correspond roughly to the observed microstuctural changes in the HAZ
irrespective of steel grade. The lower bainite with only a small amount of
martensite always has the best toughness and it deteriorates with increasing
cooling times according to the change in the microstructure, which tends to
become more and more coarse upper bainite, that resembles, as mentioned earlier,
closely to bainitic ferrite.
Since the carbon solubility is lower in ferrite than in austenite, C is expelled
from the already transformed austenite and tends to segregate at its boundaries
with untransformed austenite. This, in turn, retards the transformation of this
austenite and results in the formation of microconstituents composed of mixture of
non-transformed austenite and high C martensite [267]. As shown in Figure 53 b,
relative to the same experiments as in Figure 53 a, it is evident that HAZ toughness
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is strongly dependent on the volume fraction of MA constituents in the
microstructure [262].
In one-pass welding DBTT of HAZ increases as the welding heat input
increase, Figure 54 a. However, the absolute level of toughness is always higher in
the lower carbon equivalents steels. Figure 54 b shows a relationship between
critical crack tip opening displacement (CTOD) transition temperature and CEIIW
for TS490MPa steels. According to Figure 54 b, a decrease in CEIIW increases
significantly the toughness of HAZ, although the excessive reduction of CEIIW
leads to severe degradation of HAZ toughness [268].

(b)

(a)

Fig. 53. Effect of cooling time between 800°C and 500°C and chemical composition on
the FATT and microstructure of simulated CGHAZ of different steel (a). Effect of MA
constituent volume fraction on the FATT in simulated CGHAZ (b) [262].

(a)

(b)

Fig. 54. Dependence of Charpy fracture appearance transition temperature on welding
cooling time (a). Relation between critical CTOD transition temperature of 0.25mm of
HAZ and CE-equivalent (b) [268].

142

In multiple pass welding, the superheated region of the HAZ close to the fusion
line may be reheated by the subsequent pass. In the case of two overlaying beads,
this part of the HAZ of the first pass, generally called the coarse grain HAZ is
reheated at different maximum temperatures depending its distance to the fusion
line. Five types of secondary HAZ can be distinguished as schematically
represented in the Figure 55 [264].
–

The region reheated above 1100°C, which is called the coarse grained reheated HAZ or just CGHAZ.

–

The region reheated between 1100°C and Ac3, which is called fine grained
HAZ (FGHAZ).

–

The region reheated between Ac3 and Ac1, which is called intercritically
reheated HAZ (IRHAZ).

–

The region reheated below Ac3 but above 500°C that is called the subcritically
reheated HAZ (SRHAZ).

–

The region reheated below 500°C, which is called unaffected coarse grained
HAZ (UAHAZ).

Fig. 55. Schematic representation of the locations and microstructures of various parts
of the HAZ in multipass welds [264].

The most significant losses in toughness have been observed in IRHAZ and
CGHAZ. The areas can be “local brittle zones” (LBZ). The embrittling effect is
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associated with MA formation. In the case of IRHAZ, when steel is reheated in the
intercritical region, where both ferrite and austenite coexist, C segregates into
austenite and increases its hardenability. Austenite then transforms in MA
constituents upon cooling. These hard and brittle MA’s are the major cause for the
toughness loss in IRHAZ, as in the case of CGHAZ. Since the third thermal cycle
on theses zones will always be below Ac1 and will result in the tempering of the
M-A, the alloy design that favours their decomposition is beneficial [262].
The LBZ’s have been shown to have an important role in the brittle fracture
initiation stage, but their influence on the propagation stage is less significant.
Further, the toughness properties of LBZ’s are often measured from simulated
HAZ specimens or real weld with special specimen preparation stage to increase
the probability of finding LBZ’s on the crack path. In order to describe the fracture
behaviour of real weldments, the crack arrest capability of other parts of the HAZ
should be taken into account. The average toughness outside the LBZ in modern
low-C TMCP steels can be rather high and these can efficiently blunt the
propagation of brittle fracture originating from LBZ’s. This is not fully appreciated
when testing on simulated HAZ specimens or when using special preparation
techniques for weldments, which are normally not used in practice and are
therefore, not representative of actual weldments. Therefore, the toughness of
simulated IRHAZ may give too pessimistic delineation of actual toughness of the
weldment, for instance [262].
However, it is widely recognized that key to the HAZ toughness improvement
is via reduction of MA constituents in the HAZ. This can be achieved by: i)
reducing the overall volume fraction of HAZ where they may form, ii) reducing
their tendency to form or iii) in multipass weldments, favouring the conditions,
where the decomposition of MA will take place [262,264].
The methods can be a suitable welding procedure involving the deposition of
successive beads under controlled heat input in a way such that the fraction of
intercritically reheated HAZ zones is minimized. On the same philosophy relies
the development of weld metal with a small temperature difference between Ar3
and Ar1. Probably the most utilized method to improve HAZ toughness is via
reduction of alloying elements promoting the MA in the intercritically reheated
HAZ. This tendency is greatest for the following elements in decreasing order: B,
N and C, followed by the carbide forming elements Nb, V, Mo and Cr. Also
reduction of Si, Al and P promote the decomposition of MA constituents, which
may be expected to take place in multipass welding [262].
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Chemical composition and HAZ toughness
Weldability of bainitic steels depends mainly on their chemical composition, and
the lean alloying (low or ultra-low carbon content) makes the weldability
relatively good. Fig. 42 shows the relationship between YS and CE for X70 and
X80 linepipe steels (Williams et al. [72]). At IIW carbon equivalent (CEIIW ) ≤
0.39, preheating is not necessary.
Zhou et al. [259] studied the influence of carbon content on microstructure
and propertied of the synthetic coarse grain HAZ of X80 linepipe steel. The results
showed that the ultra-low C can improve the toughness of CGHAZ by suppressing
the formation of carbide, decreasing the (MA) constituent and increasing the
residual austenite in the MA. Matsumoto et al. [270] reported that the HAZ notch
toughness of X80 line pipe was affected strongly by carbon and boron contents in
the base metal. Excellent notch toughness of HAZ is obtained by decreasing the
carbon content in the base metal below 0.05 wt-%. According to a German study
[271], a significant improvement is achieved not only in weldability, but also in
strength and toughness by selecting a low carbon bainitic steel (0.05C0.37Si-1.86Mn-0.039Al-0.32Cr-0.3Cu-0.23Ni-0.09Nb-0.03V) as a candidate for
X80 linepipe. In linepipe X70 and X80 steels produced by IPSCO, reduction of
carbon content down to 0.05% has been found to improve toughness of the coarse
grained HAZ of weldments, and CTOD values in excess of 0.35 mm at -5°C have
been reached, as shown in Figure 56 [272].

Fig. 56. Effect of C content on CTOD values in the coarse grained HAZ of IPSCO steels
[272].

Nb has been reported to deteriorate HAZ properties not only because of
precipitation hardening but also due to promotion of coarse upper bainitic
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structures and a harmful influence on TiN pinning effect to prevent grain
coarsening [273,274]. However, low carbon content allows the utilization of
higher Nb contents without degradation of HAZ toughness [102,275], which is a
fact that is not fully understood. For instance, Han et al. [275] reported that when
C content of steels was kept low (0.03–0.04 wt-%), the Nb concentration up to
0.04 wt-% could be applied without any detrimental effects on HAZ toughness,
even in weldings with high heat inputs. In addition, Nb alloying is often needed to
prevent and retard HAZ softening [276] in welding and during post-welding heat
treatment [277].
In conventional TMCP steels, V has been found to promote ferritic
microstructures in HAZ instead of bainite, which seems to be the main cause of
toughness improvement [278,279]. However, in some high alloy steels, V can
promote MA microconstituent formation [280] and increase hardness by
precipitation hardening [280,281] and thereby affecting negatively on the HAZ
toughness.
In 600 MPa grade quenched and tempered steel the addition of B results in
existence of large prior austenite grains and consequently coarse Widmanstätten
ferrite structure. Also in 0.12C-0.5Cr-0.44Mo-0.86Ni-0.0020B steel, both
CGHAZ and intercritically reheated coarse-grained heat affected zone
(IRCGHAZ) exhibited poor toughness due to precipitation of borides along the
prior austenite grain boundaries and the formation of coarse martensite laths [282].
In low carbon steels, B has been reported to reduce the MA fraction and favour the
formation of intragranular nucleated ferrite morphologies [279]. As mentioned
earlier, in order to maintain the hardenability effect of B and to avoid the
precipitation of borides, N fixation is essential and therefore Ti content should be
roughly 3.4 times higher than that of N. Ti-B combinations have also been
reported to promote the formation of fine intragranular ferritic morphologies as the
complex Ti-B precipitates act as nucleation sites for these ferrite morphologies
[283]. In ultra high strength X120 steel, the impact energy of simulated CGHAZ is
dependent on the hardenability of steels. The high hardenability of steel increases
the impact energy of simulated CGHAZ at -20°C as well [25].
Small Ti additions have been well established to promote the HAZ toughness
[279]. This is mainly caused by: i) formation of TiN and Ti2O3 types of particles
that prevent growth of prior austenite grains [284,285], ii) the assistance of
aforementioned particle types in the nucleation of intragranular ferrite
morphologies, thus contributing to the excellent toughness via refining the
effective grain size [279,286] and iii) by fixing the free N and /or C atoms by
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forming TiN, Ti(C,N) and TiC [196]. In addition, Ti alloying has been found to
suppress the formation of MA particles over wide range of heat inputs.
Classically, as mentioned earlier, the optimum ratios for Ti/N has been
reported to be the stoichiometric ratio of TiN (3.4). However, smaller ratios of
around 2.2–2.4 have been suggested for TMCP steels containing elements with a
high affinity for N, such as B or Al.
McGurk et al. [287] studied the effect of alloying modifications on the
toughness and microstructure of the simulated CGHAZ of low carbon X80
linepipe steel. Higher levels of Ti and N resulted in larger average Ti-based
precipitate sizes. Nb was found to form caps around already existing TiN
precipitates, thus increasing the size of already coarse TiN. This resulted in lower
transition temperature in low Nb steels. The effect of nickel was unclear. The low
Ni alloy demonstrated some difference in overall microstructure as compared to
those of other alloys possibly due to the difference in hardenability. While further
examination through systematic alloy variations would be more helpful, the best
HAZ toughness in the present alloys was found where the Ti-based precipitates
were fine, C level was the lowest and Mn and Ni levels were highest. The low C
level and high Mn and Ni levels resulted in finer MA pools, which when combined
with a fine distribution of Ti-based precipitates promoted improved HAZ fracture
resistance.
Figure 57 a, shows the effect of Mo on the simulated HAZ toughness and area
fraction of MA at two Si levels in a low C steel intended for X100 grade. When Si
is high, the simulated HAZ toughness is improved with an increase in Mo content.
This is believed to be caused by the change of microstructure from upper bainite to
lower bainite. On the other hand, when the Si content is low, good HAZ toughness
is obtained irrespective of Mo content. In particular, when the Mo content is in the
range from 0.2 wt-% to 0.3 wt-%, the improvements are remarkable. [48].
Also the overall alloy content of steel has been found to have its influence on
the HAZ toughness. This effect is illustrated in Figure 57 b, where impact energy
of simulated CGHAZ (tp=1350°C, t8/5=5s) is plotted as a function of Pcm-value for
B-bearing and B-free high strength linepipe steels. 57 b indicates that there exists a
threshold above which toughness is markedly improved. Above the threshold, high
toughness is associated with lower bainite and martensite formation due to an
enhancement of microstructural refinement, since these microstructures are
characterized by the finer microstructural domains than those of upper bainite,
which is formed below the threshold value. It is notable that the threshold value is
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higher for B-free steel than for B-bearing steel. This can be explained by the effect
of B in increasing the hardenability [287].

(a)

(b)

Fig. 57. Effect of Si and Mo contents on the simulated HAZ toughness and formation of
MA constituents (a) [48]. The effect of Pcm value on the HAZ toughness (b)[288]. (Y-axis
in (b) is Charpy-V impact energy at -30°C in J).
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6

Scope of the work

In spite of extensive research on bainitic steels, there exists a lack of systematic
research on the effects of composition on microstructure and properties of LCB
steels.
The purpose of the present work was to systematically study the effects of
several compositional variables (C, Mn, Si, Cr Ni, Mo, Nb and B) on the austenite
grain growth, static recrystallization and phase transformation kinetics and
microstructure property relationship. For this purpose, more than 25 steels with
different chemical composition and LCB microstructures were cast, rolled, tested
and examined. The microstructures were characterized by the modern electro-optic
methods such as high resolution FEG-SEM, EBSD and TEM. Finally, a
comprehensive discussion on the nature of microstructures and their relationship
with mechanical properties is represented. Further, results should provide a
“toolbox” for direct application in practical alloy design of LCB steels.
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7

Experimental

7.1

Casting and chemical compositions of the investigated steels

All heats were vacuum cast at Outokumpu Tornio plant into 60 kg ingots with the
approximate dimensions ~500 x 300 x 50 mm. After casting, a slice was cut from
the bottom of the ingots for chemical analysis at Outokumpu. Some ingots, which
did not meet the chemical specifications, were rejected. Approved ingots were heat
treated at 950oC for 1h.
For the purposes of property models, new chemical analyses were done at
Rautaruukki Oyj, Raahe steel plant using samples from the rolled plates. The
samples were analysed by optical emission spectroscopy (OES) and later carbon
content was additionally determined using the standard combustion technique in a
Leco analyzer. Average values were calculated and in the computation of property
models. For carbon content, values from the combustion method (Ccomb) were
used in addition to OES analysis. In this way, C contents were determined more
accurately.
In the present study, the main focus was to investigate the influence of
chemical composition variables, which are listed in Table 11. The elements kept
constant (not varied) are summarized in Table 12.
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Table 11. Chemical compositions of the investigated steels (in wt-%). Variable
elements.
Steel

C

Ccomb

Si

Mn

Cu

Cr

Ni

Mo

Nb

B

1142

0.021

0.024

0.17

1.99

0.22

0.03

0.820

0.260

0.054

0.0003

1143

0.033

0.043

0.18

1.99

0.23

0.03

0.810

0.260

0.054

0.0003

1144

0.011

0.011

0.19

1.98

0.22

0.03

0.820

0.260

0.052

0.0003

1145

0.035

0.040

0.18

2.08

0.21

0.03

0.130

0.110

0.103

0.0013

1146

0.020

0.022

0.17

2.09

0.22

0.03

1.010

0.110

0.048

0.0004

1147

0.014

0.015

0.18

1.36

0.22

0.03

0.130

0.610

0.044

0.0017

1148

0.036

0.040

0.18

1.33

0.22

0.03

1.020

0.610

0.112

0.0004

1149

0.015

0.016

0.19

2.08

0.22

0.99

0.130

0.600

0.101

0.0004

1150

0.013

0.015

0.17

1.35

0.21

0.99

1.020

0.110

0.100

0.0011

1151

0.032

0.041

0.19

1.36

0.22

1.00

0.130

0.110

0.048

0.0003

1152

0.032

0.040

0.20

2.09

0.23

1.00

1.000

0.610

0.046

0.0014

1170

0.023

0.022

0.20

1.99

0.01

0.87

0.023

0.276

0.004

0.0002

1171

0.027

0.028

0.19

1.90

0.01

0.83

0.023

0.265

0.052

0.0003

1172

0.026

0.028

0.20

1.92

0.01

0.82

0.023

0.264

0.094

0.0003

1173

0.030

0.032

0.21

1.92

0.71

0.83

0.023

0.266

0.049

0.0003

1174

0.028

0.027

0.19

1.78

1.15

0.82

0.020

0.238

0.049

0.0005

1175

0.026

0.027

0.21

1.79

0.03

0.85

0.023

0.249

0.047

0.0028

1176

0.028

0.031

0.23

1.83

0.01

0.83

0.024

0.587

0.045

0.0004

1177

0.028

0.029

0.23

1.82

0.02

0.83

0.024

0.589

0.091

0.0003

1178

0.053

0.054

0.21

1.79

0.01

0.82

0.023

0.252

0.048

0.0003

1179

0.053

0.056

0.22

1.82

0.02

0.82

0.024

0.580

0.079

0.0024

1180

0.029

0.029

0.19

1.60

0.21

0.03

0.020

0.000

0.042

0.0003

1181

0.028

0.028

0.68

1.91

0.22

0.03

0.800

0.240

0.048

0.0003

1182

0.036

0.036

0.21

2.43

0.22

0.82

0.320

0.000

0.043

0.0027

1183

0.046

0.047

0.23

2.02

0.22

0.91

0.990

0.480

0.062

0.0003

1184

0.037

0.037

0.22

2.02

0.23

0.91

0.510

0.100

0.097

0.0030
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Table 12. Chemical compositions of the investigated steels (wt-%). Elements held at
constant level.
Heat

P

S

Ti

Co

Sn

V

W

Al

N

1142

0.004

0.004

0.031

0.005

0.003

0.005

0.005

0.026

0.0051

1143

0.003

0.003

0.031

0.005

0.003

0.006

0.006

0.031

0.005

1144

0.003

0.004

0.034

0.005

0.003

0.005

0.005

0.03

0.0051

1145

0.003

0.004

0.029

0.004

0.003

0.005

0.005

0.032

0.0053

1146

0.004

0.004

0.028

0.005

0.003

0.005

0.006

0.032

0.0051

1147

0.004

0.004

0.031

0.004

0.003

0.005

0.004

0.036

0.005

1148

0.004

0.004

0.03

0.005

0.003

0.005

0.005

0.033

0.0054

1149

0.005

0.004

0.03

0.005

0.003

0.008

0.004

0.035

0.0058

1150

0.004

0.005

0.032

0.005

0.003

0.005

0.005

0.033

0.0069

1151

0.004

0.004

0.032

0.005

0.003

0.005

0.004

0.033

0.0059

1152

0.005

0.004

0.031

0.006

0.004

0.007

0.006

0.035

0.006

1170

0.004

0.0036

0.001

0.005

0.004

0.006

< 0.005

0.037

0.0035

1171

0.005

0.0042

0.017

0.005

0.003

0.006

< 0.005

0.032

0.0036

1172

0.005

0.0044

0.030

0.005

0.004

0.006

< 0.005

0.037

0.0038

1173

0.004

0.0035

0.030

0.005

0.003

0.007

0.009

0.038

0.0039

1174

-

-

0.026

< 0.003

< 0.002

0.001

0.007

0.044

-

1175

0.004

0.0042

0.027

0.005

0.003

0.006

< 0.005

0.038

0.0034

1176

0.005

0.0043

0.029

0.005

0.004

0.006

< 0.005

0.040

0.0033

1177

0.005

0.0043

0.029

0.005

0.004

0.007

< 0.005

0.037

0.0041

1178

0.004

0.0040

0.028

0.005

0.003

0.006

< 0.005

0.033

0.0029

1179

0.005

0.0040

0.028

0.005

0.003

0.007

< 0.005

0.036

0.0041

1180

0.005

0.004

0.029

0.004

0.002

0.004

0.003

0.047

0.0033

1181

0.005

0.005

0.029

0.005

0.003

0.005

0.004

0.051

0.0029

1182

0.005

0.004

0.03

0.005

0.003

0.007

0.004

0.051

0.0034

1183

0.005

0.004

0.027

0.005

0.003

0.006

0.004

0.048

0.0035

1184

0.004

0.004

0.027

0.005

0.003

0.006

0.004

0.048

0.003

7.1.1 The basis for selection of chemical composition of
experimental heats.
The ideas behind the selection of chemical compositions are explained in the
present chapter. One of the basic ideas was to achieve the yield strength range
from 500 MPa to 900 MPa with LCB microstructures. This was achieved by
alloying and varying the elements listed in Table 12.

153

The influence of C on the 500 MPa grade steel, Steels 1142-1144
Possible non-linear effects of C on the properties of a 500 MPa steel with an aimed
Mn-equivalent (Mneq) of 3.0 were studied using three levels of C: 0.011, 0.024 and
0.043 wt-% (Table 11). Mneg can be defined by [34]:

Mn eq = Mn + Cr + Mo + Cu + V + Ni / 2 +10(Nb − 0.02) + x b ,

(66)

where alloying elements are in wt-% and xb represents two levels of B
effectiveness.
L8 matrix steels, Steels 1145-1152
Using statistically designed experiments it is possible to determine the effect of
seven variables at two levels with an L8 matrix as illustrated in the Taguchi
approach [289]. This matrix is orthogonal and will allow reasonable accurate
determination of the main effects of C, Mn, Cr, Ni, Mo, Nb, and B. Such a matrix
allows the correct determination of the influence of each of the above elements on
strength and toughness provided that i) there are no strong interactions (synergies
or antisynergies) and ii) the effects are linear. In practice, the first assumption is
only approximate. We can expect, for instance, that the effect of Nb on strength
increases as the content of Mo or B increases. This means that our experiments
will only reveal the average influence of Nb and other elements over the range of
compositions studied. The second assumption will be reasonable provided that the
range of alloy concentrations is sufficiently limited. The accuracy of the
assumption will also become apparent through confirmation experiments.
The L8 matrix is shown in Table 13. Tables 14 and 15 show the correlation
matrix and the interaction matrix, respectively. Being orthogonal, there is no
correlation between the variables. The interaction matrix is for information only,
as we are assuming that the interactions can be ignored.
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Table 13. The L8 matrix for studying the effects of 7 variables using 8 experiments.
1

2

3

4

5

6

7

1

variable/exp

1

1

1

1

1

1

1

2

1

1

1

2

2

2

2

3

1

2

2

1

1

2

2

4

1

2

2

2

2

1

1

5

2

1

2

1

2

1

2

6

2

1

2

2

1

2

1

7

2

2

1

1

2

2

1

8

2

2

1

2

1

1

2

Table 14. The correlation matrix for L8 experiments.
col/col

1

2

3

4

5

6

7

1

1

2

0

3

0

0

1

4

0

0

0

1

5

0

0

0

0

1

6

0

0

0

0

0

1

7

0

0

0

0

0

0

1

1

Table 15. The interaction matrix for L8 experiments.
col/col
1
2
3
4
5
6

1

2

3

4

5

6

7

3

2

5

4

7

6

1

6

7

4

5

7

6

5

4

1

2

3

3

2
1

7
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The result of using such a matrix will be, for example:
Rp0.2 = aO + aCC + aMnMn + aCrCr + aNiNi + aMoMo + aNbNb + aBB,

(67)

where aO, aC etc are constants and C, Mn etc, are alloy contents in wt-%. Such
equations are obtained from a simple regression analysis of the results from the L8
matrix. The regression has no degrees of freedom in this case, however.
There are numerous ways of assigning the alloy elements C, Mn, Cr, Ni, Mo,
Nb and B to columns 1 to 7 in the L8 matrix. Values must also be assigned to
levels 1 and 2. Mneq values and estimated strength properties have been calculated
for many combinations and levels. The final choice is shown in Table 11. These
concentration ranges should cover yield strength levels of 500 - 700 MPa.
It should be emphasised that none of the compositions in Table 11 and 12 is
meant to for direct (industrial) interest. The sole purpose of the experimental
matrix is to cover the practical ranges of compositions of potential practical
interest.
Steels 1180–1184; the confirmation heats for the L8-matrix steel
Steel 1180 was designed to be suitable for very thick shipbuilding plate. The
results from the air-cooled laboratory plates are, therefore, of interest in this case.
Steel 1182 was produced to see, if Mo alloying could be omitted entirely when
aiming at grade YS700MPa grade. Steel 1183 was designed to allow the
production of a “high” carbon steel using water cooling after rolling followed by
tempering at about 600°C. Higher carbon levels are of interest because these can
be achieved without vacuum treatment. Steel 1184 was designed with a high Nb
content. Finally, Steel 1181 was produced with the purpose of testing the effect of
using higher Si levels in the S500 grade of steel.
Influence of Nb, Cu, Mo and B on microstructure and mechanical
properties of 500–700 MPa grade LCB steels. Steels 1170–1179
The heats 1170–1177 were designated to investigate the influences of Nb, Cu, Mo
and B on the so-called “base” or “reference” composition 1170 (0.027C0.2Si-1.9Mn-0.25Mo-0.8Cr). The main target was to study the effect of
aforementioned elements as individual additions on microstructure and
mechanical properties of LCB steels with the yield strength above 500 MPa. Steel
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1171 and 1172 had similar composition as the reference steel 1170, but the Nb
contents were 0.054 wt-% and 0.095 wt-%, respectively. Steels 1173 and 1174
contained 0.049Nb but Cu contents were of the level 0.7 wt-% and 1.2 wt-%,
respectively. Steel 1175 had a similar composition as Steel 1171, but with an
additional level of 28 ppm of B. Steels 1176 and 1174 have the identical
compositions as Steels 1171 and 1172, respectively, with the exception that Mo
was increased to the level of about 0.6 wt-% in both steels. The Steel 1178 mimics
the composition of Steel 1171 with an exception of higher C content (~0.05 wt-%).
Steel 1179 was designed to test the “maximum” hardenability of LCB steels. This
means that the C, Mo and Nb contents were raised to the maximum levels
(0.05C-0.6Mo-0.09Nb) with B alloying.
7.2

Laboratory hot rolling schedules

The hot rolling experiments were carried out at the Materials Engineering
Laboratory, University of Oulu. First, this section briefly introduces the pilot hot
rolling plant employed for thermomechanically controlled processing (TMCP) and
then describes the planned hot rolling schedules, the cooling variables and the slab
sizes.
The TMCP pilot plant at the Materials Engineering Laboratory consists of a
two-high reversing mill equipped with heavy accelerated water cooling (HACC).
The facility has been installed primarily for the simulation of hot rolling of steel
and other ferrous materials and it is able to simulate conditions occurring in
commercial TMCP processes. The main technical data of the TMCP pilot plant
can be summarised as:
Furnace data
–

Chamber type furnace

–

Maximum operating temperature: 1300°C

–

Shielding gas possible

Mill data
–

Two-high reversing mill

–

Max rolling force: 1 MN

–

Max power: 100 kW
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–

Max rolling speed: 0.8 m/s.

Pump and water supply data:
–

Multistage centrifugal pump with digitally controlled AC motor

–

Water flow rates: up to 300 l/min

–

Delivery pressure: up to 16 bar

–

Recirculating water supply with filtering and settling recover oxide scale.

HACC unit
–

Total cooling length: 2 m

–

DC motor driven table rolls for sample transport

–

Independent, height adjustable top and bottom headers

–

Cone type spray nozzles up to 40 per header spaced to provide uniform water
coverage along the cooling line the length and width.

The slabs, after heating in the chamber furnace, were transferred manually to the
roller table, where a K-type thermocouple, protected by a stainless steel tube, was
inserted into a hole in the slab to a depth of 35 mm. The slabs were then fed
manually through the roll gap according to the rolling schedule presented in
following section. During the holding periods between the consecutive passes
slabs were oscillated on the roller table to minimize temperature gradients in the
slabs.
All heats were normalised at 950°C for 1 h and air-cooled to room temperature
before cutting into eight slabs, sized to ~240 x 70 x 55mm. A slab of each heat
were hot rolled to a thickness of 12 mm using a seven-pass hot rolling schedule
shown in Table 16. The reheating temperature of 1250°C for 2 h was applied to
ensure the dissolution of all Nb(C,N). To prevent excessive scale formation, argon
shield gas was injected into the furnace at a flow rate of 6 l/min. Grain growth was
expected to take place during reheating and it was estimated that the average
matrix grain size could be approximately 300 μm. Abnormal grain growth was
also likely to occur and it was assessed that the largest austenite grains attain sizes
from 700 μm up to 900 μm. To refine the coarse and non-uniform austenite grain
size, the first two passes were performed above 1100°C. Reductions of 25% and
27% were applied in the first and second pass, respectively. The austenite grain
size was expected to be refined after these passes due to complete static
recrystallization (SRX). No dynamic recrystallization (DRX) followed by
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metadynamic recrystallization (MDRX) was expected to take place under these
rolling conditions.
Table 16. The pass schedule of the hot rolling experiments.
SRT
°C
1250

Pass
0

Time after
furnace
s
0

Temperature
°C

Thickness
mm
55*

1

20

1150

41

25

25

2

40

1120

30

27

45

3

200

880

26

13

53

4

215

830

22

15

60

5

230

810

18

18

67

6

245

800

15

17

73

7

260

790

12

20

78*

Pass reduction Total reduction
%
%

*The reduction in the first pass and the total reduction were not constant due to variation in slab thickness
between 53-56 mm.

Table 17 summarizes the influence of hot rolling parameters of first two passes on
the austenite grain size and SRX kinetics. The grain sizes after passes, assuming a
bimodal initial austenite grain size distribution, where the coarsest grain are ~900
μm and the finest ~300 μm, were calculated according to the equation given by
Siciliano et al. [290]. SRX kinetics was estimated by using equations given in
reference [217]. It should be born in mind that the kinetics of SRX are highly
dependent on the chemical composition and temperature, so that the values given
in Table 17 are rough estimates. Grain growth after SRX was calculated to be
negligible according to the equation given in reference [291], as the time in the
temperature range, where the post recrystallization grain growth can take place, is
quite short.
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Table 17. The influence of temperature and reduction on the austenite grain size and
SRX kinetics.
Pass

Temperature
°C

Thickness
mm

0

1250

55

1

1150

2

1120

Grain size (1)
μm

Grain size (2) Time for 95%
μm
SRX
s

Strain

Reduction
%

900

300

41

0.29

25

214

138

< 15

30

0.31

27

108

68

< 15

The last five passes (controlled rolling) were performed well below 900°C and,
based on the equation given by Bai et al. [292] and previous static recrystallization
investigations on LCB steels [293], these passes were completed in the
non-recrystallization regime of austenite so that strain accumulation took place.
The reduction in the controlled rolling regime was 60%, while the total reduction
was 78%. The controlled rolling started at 880°C, and the finish rolling
temperature was ~790°C. The minimum interpass time was limited to be ~7–13 s
due to the manual roll gap adjustment.
The plates were accelerated cooled to room temperature (25°C) The
accelerated cooling started roughly at 750°C and the average cooling rates
between 750–400°C ranged from 15 to 20°C/s.
7.3

Additional heat treatments

In order to evaluate and model the precipitation strengthening of the laboratory
thermomechanically controlled processed plates (Reheating temperature of
1250°C, finish rolling temperature of 780°C, controlled rolling ratio of 2.5,
cooling rate of 20°C/s to RT) during the subsequent heat treatment, steels from
1171 to 1179 were subjected to several heat treatment between 550°C and 700°C
for various times as given in Table 18. The precipitation strengthening was
evaluated by measuring the hardness of the specimen and plotting it as function of
time and temperature.

160

Table 18. Heat treatment parameters for the Steels 1171-1179.
Temperature, °C

Temperature, K

t, min

0

7.4

Time, h

T(20+logt)

0.0

550

823

30

0.5

16212

550

823

60

1.0

16460

550

823

120

2.0

16708

550

823

240

4.0

16955

550

823

480

8.0

17203

550

823

960

16.0

17451

550

823

1920

32.0

17699

550

823

3840

64.0

17946

600

873

15

0.3

16934

600

873

30

0.5

17197
17460

600

873

60

1.0

600

873

120

2.0

17723

600

873

240

4.0

17986

600

873

480

8.0

18248

600

873

960

16.0

18511
18774

600

873

1920

32.0

650

923

2

0.0

17097

650

923

4

0.1

17349

650

923

8

0.1

17626

650

923

15

0.3

17904

650

923

30

0.5

18182

650

923

60

1.0

18460

650

923

120

2.0

18738

650

923

240

4.0

19016

650

923

480

8.0

19294

700

973

0.50

0.01

17437

700

973

1.25

0.02

17824

700

973

2.50

0.04

18117

700

973

10.00

0.17

18703

700

973

20.00

0.33

18996

700

973

40.00

0.67

19289

700

973

80.00

1.33

19582

700

973

160.00

2.67

19874

Austenitization tests

In order to investigate the evolution of austenite grain structure during the
reheating stage Steels 1171, 1172, 1175, 1178 and 1179 were subjected to
austenitization heat treatments at 1050°C, 1100°C, 1125°C, 1150°C, 1175°C and
1200°C for 2 h followed by water quenching to room temperature. The specimens
for these tests were cut from the laboratory cast slabs. The specimen size was
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approximately 20x10x10 mm and the heating cycle was adjusted to simulate the
thermal cycle that the laboratory hot rolled plates slabs were exposed to during
reheating prior to the laboratory hot rolling trials. After quenching, the specimens
were etched in picric acid solution and the grain size was measured by the mean
linear intercept method.
7.5

Mechanical testing of the plates

After rolling the plates were sent to the Research Centre of Rautaruukki Oyj in Raahe
for mechanical testing. Specimens were extracted from the plates as shown in Table
58.

Fig. 58. Location of specimens in the hot rolled plates used for mechanical testing.

Plate material was tested in as-rolled condition and after heat treatment at 600°C
for 1h. Heat treatment was applied to full-thickness blanks, after which tensile or
Charpy-V specimens were extracted. The purpose of the treatment at 600°C was to
obtain information about the strengthening that can be achieved by NbC
precipitation. Vickers hardness profiles were measured through the thickness at 1
mm intervals on specimens cut parallel to the rolling direction.
Tensile specimens were 10 mm diameter round bars taken to in the
longitudinal direction. In the as-rolled state, two tests were performed. The results
of these tests were averaged for the sake of further analysis and presentation. This
was done to save space and time in the analysis work. The average differences in
yield and tensile strengths between the two sets of test specimens were only about
10 and 7 MPa on average. Tensile tests were performed according to standard
SFS-EN 10002-1.
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Charpy-V testing was performed using 12 individual longitudinal specimens
in the as-rolled condition and 6 specimens per condition for the heat-treated cases.
The Charpy-V specimens were used to determine transition curves by testing one
specimen per temperature and choosing test temperatures on the basis of previous
results in a series. In this way, it was possible to estimate the temperatures
corresponding to 27J (T27J) and 50% ductile fracture (DBTT) as well as the upper
shelf energy despite the very limited number of specimens.
7.6

Physical simulation studies

In order to investigate and model the phase transformation and static
recrystallization kinetics, a series of dilatometric and stress relaxation
measurements were conducted. The details of these measurements are described
below.
7.6.1 Stress relaxation studies
To investigate kinetics of SRX of the steels, the stress relaxation method was
employed on a Gleeble 1500 thermomechanical simulator for steels 1144-1184. In
this way, a single test can provide a complete curve showing the recrystallized
fraction vs. time for a given set of conditions.
Before machining specimens suitable for Gleeble testing, the material was
soaked at 1250°C for 2 h and water quenched to ensure the complete dissolution of
microalloying elements.
For the stress relaxation tests, specimens (~10 mm, diameter 12 mm) were
heated at 20°C/s to 1150°C and held for 2 min, cooled at 5°C/s to the deformation
temperature, which ranged from 1150°C to 1025°C in steps of 25°C. After a 15 s
hold, a single pass strain of 0.2 at 0.1s-1 was applied at the deformation
temperature. Relaxation of the stress was recorded for 600 s. Additional relaxation
tests with deformation at 1175°C were also performed. In these tests, an initial
reheating temperature of 1175°C was applied for 2 min and the deformation
followed by the stress relaxation took place at the same temperature. Austenite
grain sizes for selected specimens were measured on quenched specimens etched
in picric acid using the linear intercept method. No significant change in the
austenite grain size was observed to occur in spite of an increase in austenitizing
temperature from 1150°C to 1175°C.
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The recrystallization kinetics were modeled by using linear regression
analysis with the ultimate objective of developing a regression model for SRX for
the LCB steels on the basis of existing recrystallization models.
7.6.2 Dilatometric studies
Investigation on the continuous cooling transformation (CCT) behaviour of all the
investigated steels (with exception of Steels 1170 and 1181) was performed on the
Gleeble 1500 thermomechanical simulator by using dilatometric measurements. In
these tests, the change in the diameter of a cylindrical specimen subjected to
continuous cooling is recorded and used to determine the phase transformation
temperatures.
Like in the stress relaxation testing, the specimens were soaked at 1250°C for
2 h and water quenched before machining the specimens for testing in Gleeble
simulator.
In dilatometric tests, specimens were reheated at 20°C/s to 1100°C and held
for 2 min followed by cooling at 10°C/s to 850°C, where an isothermal hold of 15
s was used to equalize the temperature distribution in the specimen. At 850°C a
single stroke deformation of 0.6 strain at a strain rate of 0.1s-1 was applied. After a
5 s hold, controlled continuous cooling was initiated at the rates of 0.4, 0.75, 1.5, 3,
6, 12, 24, 48° C/s to room temperature.
Phase transformation start and finish temperatures were determined in
combination with the optical microstructural analysis and hardness measurements
(HV10) from the dilatometric tests to construct complete CCT diagrams.
Classification of microstructures was performed according to the classification
system specified by the Bainite Committee of ISIJ [36].
Regression analysis was employed to investigate and model the influence of
chemical composition and cooling rate on the Ar3 and Ar1 temperatures as well as
the hardness of the specimens.
7.6.3 Simulation of CGHAZ
One plate from each heat from 1144-1184 was rolled and water-cooled to 20°C
and used to provide material for Gleeble experiments. From these plates 12
longitudinal specimens, 10 x 10 x 90 mm, were extracted to provide material for
simulated coarse-grained heat affected zones (CGHAZ). The following
temperature cycle was applied: heating at 100°C/s to 1300°C followed by 50°C/s
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to 1350 °C, holding at 1350°C for 1s and cooling using the Gleeble 3D cooling
program with a cooling time from 800 to 500°C (t8/5) of 30 s. Cooling control was
stopped when the temperature reached 300°C, after which the specimens were
allowed to cool freely. The orientation of the specimens was marked to allow 9
conventional longitudinal Charpy-V specimens to be machined after the
simulation. In addition, 3 longitudinal CTOD specimens were also machined.
The Charpy-V specimens were used to determine transition curves by testing
one specimen per temperature and choosing test temperatures on the basis of
previous results in a series. In this way it was possible to find the temperatures
corresponding to 27J and 50% ductile fracture as well as the upper shelf energy.
On the basis of the Charpy V results, it was decided to test the CTOD specimens at
room temperature (23°C). For the purposes of ranking the steels, simple mean
CTOD values were used.
7.6.4 Microstructural investigations
Microstructures of the hot rolled plates were investigated by using an optical
microscope (OM). Specimens were taken from the 1/4 width position at the
mid-length of the plate. Specimens were etched in 1% Nital and microstructures
were classified at the half thickness.
Selected dilatometric specimens and laboratory hot rolled plates were
subjected to a detailed microstuctural analysis by using field emission scanning
electron microscopy (FESEM), electron backscatter diffraction (EBSD) technique
and transmission electron microscopy (TEM). The procedure of characterisation
can be summarized as follows:
–

At the first instance, a general examination is performed at lower magnification followed by a detailed examination with a high resolution FEG-SEM in
which all microstructural constituents were classified.

–

EBSD mapping was applied to determine the distribution of misorientation
angles, effective grain size and the type of substructure/degree of lattice
imperfection.

–

Detailed characterization of second phase particles and fine microalloy precipitates were conducted in a TEM using both thin foils and carbon replicas.

Microstructures were identified according to the classification system proposed by
the Bainite Committee of ISIJ [36], since it was found that this classification
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system is the most useful and practical to describe all ferrite morphologies formed
by the decomposition of austenite in modern microalloyed steels with very low
carbon content. The characteristics of the classifications system are descried in
section
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8

Results

8.1

Influence of reheating temperature on the austenite grain
structure

The austenite grain size data as a function of reheating temperature for steels 1171
1172, 1175 1178 and 1179 is presented in Figure 59 a–e. A bimodal distribution of
austenite grains, especially at high reheating temperatures, was often observed and
therefore, the average sizes of “fine matrix grains” and “coarse or abnormal
austenite grains” were determined separately.
In the case of B-free steels (i.e. Steels 1171, 1172 and 1178) fine and uniform
austenite grain structure was observed at reheating temperatures from 1050°C to
1100°C. The average grain size grain was approximately 40–60 μm, as depicted in
Figure 60 a. An increase in austenizing temperature to 1125°C or above led to an
appearance of coarse abnormal grains ranging from 200 μm to as high as 900 μm.
Typically, coarse and fine grains were distributed non-uniformly as groups. At the
highest temperature (1200°C), the fine austenite grains were completely
eliminated in Steel 1171 and Steel 1178 and the grain structure consisted only of
coarse grains. On the other hand, Steel 1172 still exhibited a bimodal grain
structure at 1200°C.
In contrast to the B-free steels, B-bearing steels 1175 and 1179 exhibited
bimodal austenite structure even at the lowest temperature (Figure 60 b) and this
structure was rather stable with increasing temperatures. At the highest reheating
temperature studied (1200°C), the bimodal distribution of grains was still present
in steel 1175, whereas in Steel 1179, the finest grains disappeared completely and
the microstructure consisted essentially of coarse austenite grains sized between
200 μm and 900 μm.
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a

b

c

d

e
Fig. 59. Variation of austenite grain size as a function of reheating temperature for
Steels (a) 1171, (b) 1172, (c) 1175, (d) 1178 and (e) 1179. Bimodal distribution of
austenite grains is indicated by fine and coarse grains.

a

b

Fig. 60. Austenite grain structures of Steel 1171 after reheating at 1100°C for 2h (a).
Austenite grain structure of Steel 1175 after reheating at 1050°C for 2 h (b).
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8.1.1

Evolution of microalloy compounds during austenitization

In order to assess the solubility of microalloy MC, MN and M(C,N) compounds in
austenite, additional heat treatments for 2 h at various temperatures from 1050°C
to 1175°C followed by water quenching were performed for Steel 1172 and Steel
1179. The size and fraction of particles were examined on carbon extraction
replicas in a TEM. 50 fields sized of 550 x 737 mm were examined.
Figure 61 a–b show the particle size distributions of Steel 1172 and Steel 1179
after reheating at 1050°C. These two steels exhibit quite different particle structures. In Steel 1172, fine precipitates with the size below 20 nm were often
observed and their fraction of the total amount of precipitates was about 80%. The
fraction of coarse particles between 30–130 nm was around 10 %. In B-bearing
Steel 1179, the fraction of precipitates finer than 20 nm was less than 50% and the
precipitate structure was characterized by relatively high fraction (over 30%) of
precipitates sized between 30–113 nm. The average sizes of particles were 18 nm
and 31 nm for Steel 1172 and Steel 1179, respectively. The fractions of particles
were 0.85% and 0.71% for Steel 1172 and 1179. Also the number on particles
observed in 50 frames was totally different. In Steel 1172, the total number of particles was 408, whereas the number of particles was only 141 in Steel 1179. Typical size, shape and distributions of particles observed in the extraction replicas in
Steel 1172 and Steel 1179 after reheating at 1050°C are shown in Figure 62.
An increase in reheating temperature from 1050°C to 1125°C caused the
disappearance of the finest particles sized below 20 nm. The average particle size
increased to 71 nm in Steel 1172 and 51 nm in Steel 1179. On the other hand, the
number of particles in 50 frames was drastically reduced to ~50–60 in both steels,
Figure 63. The increase of reheating temperature to 1150°C or 1175°C did not
cause any significant change in particle size distribution compared to the particle
size distribution in specimens reheated at 1125°C; only few particles sized
between 20–150 nm were observed in the specimens and their distribution was
rather sparse.
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Fig. 61. Precipitate size fractions after reheating at 1050°C (a) Steel 1172 and (b) Steel
1179. Np refers to number of precipitates observed in 50 frames.

Fig. 62. Typical size, shapes and distributions of precipitates observed after reheating
at 1050°C on the extraction replicas in (a) Steel 1172 and (b) Steel 1179. The scale bar
length is 100 μm.

Fig. 63. Precipitate size fractions of (a) Steel 1172 and (b) Steel 1179 after reheating at
1125°C for 2h. Np refers to number of precipitates observed in 50 frames.

The compositions of typical particles after reheating at 1050°C were found to
contain Nb and Ti, so that ~65–85 wt-% of particles were composed of Nb and rest
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consisted of Ti. Figure 64 a shows a typical EDS spectrum from a 40 nm diameter
(Ti,Nb) particle in Steel 1179. As the reheating temperature was increased to
1125°C, the chemical composition of precipitates altered to more Ti-rich type. The
typical chemical composition of particles after reheating at 1125°C was circa 55–
80% of Ti and 20–45% of Nb. When reheating temperature was further increased
to 1175°C, the particles were mainly composed of Ti, but they still showed some
fractions (~20%) of Nb.

Fig. 64. Typical EDX spectrum and analysis of a (Ti, Nb) particle in Steel 1179 after
reheating at 1050°C for 2 h. Cu peaks are due to specimen holder.

8.2

Static recrystallization kinetics of austenite

In order to model the SRX kinetics, the well-established Equations (53) and (54)
describing SRX kinetics of austenite were employed.
Due to large number of variables in Equations (53) and (54), some
simplifications had to be adopted. Here, p was taken as -2.8 and q as -0.23. A value
of 400 kJ/mol for Qdef was set as a suitable value for Nb and Nb-Ti steels.
Discussion of the validity of these material constants can be found in Reference
[217]. In addition, the power of the grain size, s, in Equation 53 depends on the
grain size according to Equation 68 [217]:
s = 2.14d-0.105,

(68)

where d = grain size in μm determined by the linear intercept method.
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Figure 65 shows an example of times for 50% recrystallized fraction (t50)
determined from the stress relaxation curves plotted as a function of the inverse of
absolute temperature (1/T) for two of the steels studied. On the logarithmic scales,
these data points fall in a straight line with the slope relative to the apparent
activation energy of SRX, Qapp (Slope ≈ Qapp/2.303R).

Fig. 65. t50 vs. plots 1/T for 0.014C-1.36Mn-0.61Mo-0.44Nb-0.1Ni-0.0017B (Steel 1147)
and 0.020C-2.09Mn-0.11Mo-1.0Ni-0.48Nb steels (Steel 1146), respectively.

The relationship between Qapp and Qrex can be written in the form:
Qapp = Qrex + qQdef

(69)

Qapp values were determined for all investigated steels in the manner as shown in
Figure 65 and Qrex values were calculated by using Equation (69). Adopting linear
regression analysis, Qrex was modelled as a function of chemical composition.
Two approaches for the influence of B were adopted. In the first method, the
influence of B content was assumed to depend linearly on its weight percentage. In
the second approach, a boron level term (BL) was used to indicate either no
deliberate addition of boron (BL = 0) or a boron addition, which was nominally 20
ppm but which varied from 11 to 27 ppm in practice (BL = 1).
Statistically significant factors were found for Mo, Nb and B. Other elements
such as Mn, Cr, Ni and C had coefficients with large P values indicating a poor
statistical significance and they were omitted. As shown below, the boron-level
approach gave better fits than the approach based on the weight percentage of B.
Using the percentage boron approach, the activation energy for SRX can be
written as:
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Qrex (kJ/mol) = 241 + 105Mo + 25741B + 998Nb; R2 = 0.887, Stdev = 19.3 (70)
where Mo, Nb and B are concentrations in wt %, R2 = correlation coefficient
and Stdev = standard deviation. In the other approach, using the boron-level term
BL, Qrex can be written in the form:
Qrex (kJ/mol) = 248 + 97Mo + 55BL + 957Nb; R2 = 0.982, Stdev = 7.6. (71)
In Equation 53, the constant A can be expressed as follows
⎡ ⎛ Qdef ⎞⎤q
A = A' /⎢ exp⎜
⎟⎥ .
⎣ ⎝ RT ⎠⎦

(72)

According to simple linear regression analysis the constant A` can be expressed in
terms of chemical composition
log A` = 13.7 - 3.5Mo - 909B - 32.3Nb; R2 = 0.876, Stdev = 0.67.

(73)

By using the boron-level approach, the regression equation for A` takes the form:
log A` = 14.0 - 3.2Mo - 1.9BL - 30.3Nb; R2 = 0.980, Stdev = 0.2.

(74)

Now, taking into account the regression equations for Qrex and A`, (Equations 69–
74), Equation (53) can be employed to calculate t50 at a constant temperature for
the steels that fall in the composition ranges studied here. The accuracy of the
model is demonstrated in Figure 66, where the experimental t50 values are plotted
as a function of predicted t50. The value of R2 of 0.94 and the standard error of 1.7
s indicate that the model is satisfactory.

Fig. 66. Agreement between experimental and predicted t50 using the boron-level
approach. R2=0.94 and Stdev. = 1.7s.
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The recrystallization kinetics (i.e. fraction of recrystallized austenite, X, as a
function of time) can then be expressed by an Avrami type of equation:
⎛
⎛ t ⎞k ⎞
⎜
X = 1 − exp −0.693⎜ ⎟ ⎟ ,
(75)
⎜
⎝ t 50 ⎠ ⎟⎠
⎝
where, t = time, k = material-dependent constant. The constant k was found to lie
in the range 1.4–1.8 in the stress relaxation experiments and the value of 1.7 was
adopted for modeling in the discussion section.
8.3

Phase transformation characteristics

In the present chapter, the microstructures observed from dilatometric tests are
classified according to their appearance in OM, SEM and EBSD imaging. The
phase transformation kinetics are revealed by CCT-diagrams in conjunction with
transformed microstructures. Finally, regression models for the phase
transformation temperatures are given.
8.3.1

Microstructures formed during continuous cooling

Polygonal ferrite
The LOM, SEM and SEM-EBSD micrographs of polygonal ferrite are shown in
Figure 67. This ferrite morphology was observed to form at highest temperatures
between 680°C-800°C and lowest cooling rates. The polygonal ferrite is expected
to nucleate as grain boundary allotriomorph and grow into equiaxed ferrite grains.
Therefore polygonal ferrite is often referred as equiaxed ferrite [28].
Polygonal ferrite is readily identified in light microscope and it is
characterized by almost negligible substructure as shown by SEM-EBSD
micrographs in Figure 67 e and f. This is consistent with the TEM observations,
which have confirmed the absence of dislocation substructure in conjunction with
low dislocation densities [294].
The dark etching regions observed in the LOM micrographs (Figure 67 a and
b) can be expected to be high in carbon, because ferrite itself has a very low solid
solubility for C [28]. Therefore, it is expected that these dark etching are able to
transform into classical upper and lower bainite and even to martensite. This is
clearly observed in FEGSEM micrographs shown in Figure 67 d, where magnified
view of type of “dark etching area” is shown. Signs of upper bainite is detected at
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the periphery of the region, but also (auto-tempered) martensite can be observed in
the centre. This is consistent with the OM micrographs in Figure 67 a and b, where
white etching regions are observed in the center of the “dark etching area”. This is
due to poor etching response of martensite for Nital etching reagent.
As expected by the high transformation temperatures of polygonal ferrite, the
prior austenite grain boundaries rendered indistinguishable, Figure 67. This
indicates that ferrite interfaces cross the original austenite grain boundaries. This is
because the growth of polygonal ferrite is controlled by rapid substitutional atom
transfer across partially coherent boundaries and long range diffusion of carbon
atoms, which have been rejected from the growing ferrite. Partitioning of
substitutional alloying elements may occur at the interfaces of polygonal ferrite, a
phenomena, which may cause significant reduction in growth rates of grain
boundary ferrite allotriomorphs [34].
Quasi-polygonal ferrite
Figure 68 shows an example of quasi-polygonal ferrite in Steel 1144 cooled at
different rates. The microstructure of quasi-polygonal ferrite is characterized by
relatively coarser ferrite plates, whose boundaries are irregular and undulating.
Due to these reasons, quasi-polygonal ferrite is often termed as massive ferrite
[28,34]. The quasi-polygonal ferrite transformation during continuous cooling
takes place below the temperature range for polygonal ferrite, roughly between
610-670°C. Similarly as polygonal ferrite, the prior austenite boundaries are
eliminated in quasi-polygonal ferrite, Figure 68 a-d. Because the parent austenite
and the product ferrite involved in massive transformation ideally have the same
composition, the transformation can be accomplished by the short-range diffusion
across transformation interfaces [295]. However, interstitial or substitutional atom
partitioning may occur at the migrating interfaces causing the irregular growth and
jagged boundaries of quasi-polygonal ferrite (massive ferrite) [296]. Occasionally,
MA islands can be detected in microstructure, as seen in Figure 68 e. However, the
MA microconstituents were not frequently observed inside the quasi-polygonal
ferrite crystals, but these were more often located in the granular bainitic ferrite
part of the microstructure, which was often an indispensable part of the
transformation. The ragged-like high angle boundary structure of quasi-polygonal
ferrite is clearly revealed in the Figure 68 e, as a clear contrast to the high angle
boundary structure of polygonal ferrite shown in Figure 67 e. In contrast to
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polygonal ferrite, quasi-polygonal ferrite as revealed by the SEM-EBSD, contains
a dislocation substructure as seen Figure 68 c.

a

b

c

d

e

f

Fig. 67. Polygonal ferrite formed in Steel 1151 as observed in LOM (a) and (b), in
FEGSEM (c) and (d) and in SEM-EBSD micrographs (e) with misorientations higher
than 15°C and (f) with misorientations above 2°; red lines represent misorientation
between 2–15° and white lines are for misorientations above 15°.
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f

Fig. 68. Typical features of quasi-polygonal ferrite formed in Steel 1144 as detected in
LOM (a and b), in FESEM (c and d) and in EBSD imaging (e and f). White lines in (e) and
(f) represent boundaries with the misorientation higher than 15° and the red lines in (f)
are for the misorientation betweens 2.5–15°.
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Granular bainitic ferrite
The microstructure consisting of irregular shaped ferrite and granular MA
microconstituents that forms below the temperature range of quasi-polygonal
ferrite is termed as granular bainitic ferrite. Typically phase transformation starts
between 620–580°C and is completed roughly between 570–550°C. Granular
bainitic ferrite has many similarities in morphology with quasi-polygonal ferrite,
such as in respect of irregular shaped ferrite and granular shaped MA
microconstituents, but there are also some morphological differences that indicate
separate austenite-to-ferrite transformations. Due to morphological similarities,
there exists a risk of confusion between these two microstructures. Especially the
determination of exact phase transformation fractions is difficult, because
quasi-polygonal ferrite formation is often detected to have preceded the granular
bainitic ferrite formation.
LOM micrographs of granular bainitic ferrite are shown in Figure 67 a and b.
The ferrite matrix with dispersed granular or equiaxed secondary
microconstituents are clearly detected. The etching response of the ferrite matrix
seems to be weak, although the prior austenite grain boundaries are clearly etched.
Although granular bainitic ferrite contains many similarities with quasi-polygonal
ferrite, the preservation of prior austenite grain boundaries and formation of
uniformly distributed secondary microconstituents in granular bainitic ferrite are
the most striking differences when compared to quasi-polygonal ferrite. Further,
the shape of ferrite crystals in granular bainitic ferrite is relatively more
regular-like and less ragged.
The FEG-SEM micrographs shown in Figure 69 c and d show the relatively
uniformly dispersed secondary microconstituents. These islands can be classified
as MA islands. Occasionally, MA microconstituents are distributed in a ferrite
matrix with poorly etched boundaries and ferrite matrix appears to be monolithic
like in natal-etched specimens, as seen in Figure 69 c. This is especially true in the
case, where granular bainitic ferrite forms as a single ferrite morphology from
rather coarse-grained austenite. However, when granular bainitic ferrite forms in
conjunction with quasi-polygonal ferrite and/or fine grained austenite, there
appears to be clearly etched grain boundaries connecting the MA
microconstituents and the microstructure gives an impression of steel having fine
grained ferrite in which the MA microconstituents are distributed rather uniformly,
Figure 69 d.
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The SEM-EBSD micrographs in Figure 69 e confirmed the LOM observation
that the prior austenite grains boundaries are preserved in the granular bainitic
ferrite transformation. There are also high angle boundaries inside the prior
austenite grains. The most noticeable difference between quasi-polygonal ferrite
and granular bainitic ferrite is that latter seems to contain rather finer and
well-developed substructure, as seen in Figure 69 f.

a

b

c

d

e

f

Fig. 69. Granular bainitic ferrite as observed in LOM (a and b) and in FESEM (c and d).
SEM-EBSD micrographs with boundaries, (e and f) showing boundaries with
misorientations higher than 15° (white lines) and those with the misorientations in the
range 2–15° (red lines).
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Bainitic ferrite
With increasing cooling rates and alloying content austenite transforms at
temperatures below 560–540°C to fine lath-like ferrite termed as bainitic ferrite
according to Bainite Committee of ISIJ [36]. Typical features of bainitic ferrite in
OM are the preservation of the prior austenite grain boundaries and the lath-like or
acicular ferrite, forming as parallel groups or packets, as depicted in Figure 70 a
and b.
In FEGSEM micrographs, the parallel lath-like structure is revealed, as in
Figure 70 c and d. The laths are clearly separated by the secondary
microconstituents, whose shape seems to adopt the acicular or needle-like shape.
These can be classified as MA microconstituents similarly as in the case of
granular bainitic ferrite.
SEM-EBSD micrographs revealed the lath-like structure formed by the
boundaries, whose misorientation is higher than 15° (i.e. high angle boundaries).
The extremely fine and well-developed lath-like substructure formed by the
boundaries with the misorientation below 15° are found inside the lath-like
structure formed by the high angle boundaries.
The SEM-EBSD micrographs in Figure 69 e confirms the observation made in
OM that the prior austenite grains boundaries are preserved in the granular bainitic
ferrite transformation and there seems to be high angle boundary between adjacent
austenite grains. There are also high angle boundaries inside the prior austenite
grains. The most noticeable difference between quasi-polygonal ferrite and
granular bainitic ferrite is that the latter seems to contain more finer and
well-developed substructure as evident in Figure 69 f.
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Fig. 70. Bainitic ferrite formed in Steel 1152 as seen in LOM (a and b), and in FESEM (c
and d). EBSD micrographs are shown in (e and f), where the boundary colouring
schemes are identical to those given in Figure 69.

8.3.2

Continuous Cooling Transformation (CCT) diagrams

CCT diagrams of Steels 1144, 1142 and 1143 are plotted in Figure 71 a–c,
respectively. The only variable in these steels was the C content. When comparing
the CCT diagrams of Steels 1142 and 1143 (Figure 71, b and c) it can be seen that
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at low or medium cooling rates microstructures consisted of mixtures of
quasi-polygonal ferrite and granular bainitic ferrite. At higher cooling rates, some
bainitic ferrite was detected in the microstructures. However, in Steel 1143 with
the highest carbon content (0.043 wt%), the bainitic ferrite fraction was higher
than that in Steel 1142 over a certain range of cooling rates. Bainitic ferrite field
was also extended towards lower cooling rates in Steel 1143. For Steel 1144 with
the lowest carbon content, the bainitic ferrite field was almost completely
eliminated in the studied range (Figure 71 a). The metallographic investigations
revealed that the microstructure consisted of quasi-polygonal ferrite with an
increasing fraction of granular bainitic ferrite at higher cooling rates. Steel 1144
(0.011 wt-% C) exhibited the higher phase transformation temperatures and lower
hardness than those in Steels 1142 and 1143. It should be noted that the hardness
and phase transformation temperatures were very insensitive to cooling rate over
the wide range studied (0.4–48°C/s). Also, Steel 1142 showed only a moderate
increase in hardness (less than 10 HV10) with increasing cooling rate from 0.4°C/
s to 48°C/s, whereas in Steel 1143 the corresponding hardness increment was more
than 15 HV10.
Figure 72 summarizes the influence of C content on the microstructural
features of Steels 1142–1144 after deformation at 850°C to a strain of 0.6 at a
strain rate of 0.1 s-1 and cooled at 48°C/s to room temperature. In steel 1144 with
0.011 wt-% C, the microstructure consisted mainly of quasi-polygonal ferrite with
small fractions of granular bainitic ferrite, Figure 72 a and b. Traces of bainitic
ferrite were detected. Steel 1142 with 0.024 wt-% C consisted of mixture of
quasi-polygonal ferrite and granular bainitic ferrite, Figure 72 a and b. In Steel
1143 with 0.043wt-% C, the formation of quasi-polygonal ferrite was suppressed
to a large extend and microstructure consisted mainly of granular bainitic ferrite
and bainitic ferrite. The volume fraction of second phase microconstituents was
considerably higher in Steel 1143 than in Steels 1144 and 1142.
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a

b

c
Fig. 71. CCT diagrams (for a base composition of 2.0Mn 0-0.8ni-0.26Mo-0.05Nb) with
different C contents: (a) Steel 1144 with 0.011 wt-%C, (b) Steel 1142 with 0.024 wt-% C,
and (c) Steel 1143 with 0.043 wt-% C.

CCT-diagrams for Steels 1145–1152, whose chemical compositions are designed
according to L8 matrix are presented in Figure 73 a-h. Generally, in Steels 1145–
1152 only one phase transformation start and one finish temperature were
discerned. The exceptions to this were Steels 1148 and 1151, where a clear
polygonal ferrite field was distinguished at the lower cooling rates (0.4–6°C/s), see
Figure 73 d and g. Especially, in Steel 1151 the polygonal ferrite field was
pronounced and formation of polygonal ferrite was also attributed to the formation
of secondary, dark etching, phase which could be classified as upper bainite in OM
and FEG-SEM. In Steel 1148, polygonal ferrite and second phase constituents
were finer than in Steel 1151. When cooling rate increased over 6°C/s, polygonal
ferrite field was eliminated in both steels and microstructures exhibited
quasi-polygonal ferrite-granular bainitic ferrite in Steel 1148 and granular bainitic
ferrite -bainitic ferrite in Steel 1151. As expected, the formation of polygonal
ferrite to a large extent was associated with a pronounced decrease in hardness.
Both these steels had somewhat “high” C content (~ 0.04 wt-%) which shows that
“high” C alone does not guarantee high hardness and low transformation
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temperatures, especially at lower cooling rates: the choice of other alloying
elements is important instead.

a

b

c

d

e

f

Fig. 72. FEG-SEM micrographs of microstructures observed in Steels 1142-1144 cooled
at 24°C/s to room temperature after deformation to strain of 0.6 at 850°C. Steel 1144
with 0.011C, quasi-polygonal ferrite - granular bainitic ferrite (a-b), Steel 1142 with
0.024C, quasi-polygonal ferrite-granular bainitic ferrite - bainitic ferrite (c and d), and
Steel 1143 with 0.043C, granular bainitic ferrite - bainitic ferrite.
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Fig. 73. CCT diagrams for Steel from 1145 to 1152 (a)-(h).

The microstructure of Steel 1152 was significantly different from other L8 matrix
steels. In Steel 1152 microstructure essentially consisted of bainitic ferrite. Some
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granular bainitic ferrite formation was also discerned at lowest cooling rates.
Otherwise, the microstructure of Steel 1152 was almost single-phase bainitic
ferrite. At the highest cooling rates, some martensite formation may take place, but
more detailed metallographic analysis are required to confirm the martensite
formation. As typical for bainitic ferrite microstructures Steel 1152 exhibited the
highest hardness and the lowest phase transformation temperatures among the L8
matrix steels. Phase transformation start temperatures were well below 550°C,
even at the lowest cooling rates and the phase transformation finish temperatures
were suppressed as low as 350°C at the highest cooling rate studied (48°C/s).
The L8 matrix steels typically comprised of mixtures of quasi-polygonal
ferrite and granular bainitic ferrite. The fractions of the microstructural
constituents are difficult to estimate by LOM due to the microstructural
similarities between quasi-polygonal ferrite and granular bainitic ferrite.
The CCT diagrams for the Steels 1180, 1182, 1183 and 1184 are presented in
Figure 74 a-d. It should be emphasized that Steel 1180 was designed as a 355MPa
grade with no Mo, Ni Cr or B, which explains its completely different
CCT-diagram compared to the other steels studied. The CCT-diagrams for Steels
1182 and 1183 were rather similar, so that the granular bainitic ferrite was
gradually substituted by the bainitic ferrite field with increasing cooling rates. For
Steel 1184, the CCT diagram was almost same as those of Steels 1182 and 1183,
but in Steel 1184 the granular bainitic ferrite field was slightly extended towards
higher cooling rates.
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Fig. 74. CCT-diagrams for Steels 1180 (a), 1182 (b), 1183 (c) and 1184 (d).

The CCT-diagrams of investigated Steel 1170–1179 are presented in Figure 75 a–f.
With the exception of Steels 1174, 1175 and 1179, clear polygonal ferrite fields
were detected at the lowest cooling rates (0.4–0.7°C/s) for all other steels in this
group. At medium or high cooling rates, CCT-diagrams showed almost flat
“bainitic field or nose” with microstructures consisting of mixtures of
quasi-polygonal ferrite, granular bainitic ferrite and bainitic ferrite. Further
“bainitic field” was characterized by relatively low phase transformation
temperatures taking place between 650°C and 450°C.
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Fig. 75. CCT diagrams for Steel from 1170–1179 (a)–(f).
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8.3.3

Modelling of Ar3 and Ar1 temperatures during continuous
cooling

The effect of chemical composition and average cooling rate (Vr) on the Ar3 and
Ar1 temperatures and hardnesses associated with the CCT diagrams can be
modelled by using linear regression analysis. Comparison of various types of
analysis showed that the effect of cooling rate depends on the chemical
composition. Ar3 and Ar1 temperatures and hardness could be expressed by
equations having the general form:
Ar3, Ar1 or HV10 = k0+k1•log Vr ,

(76)

where k0 = constant depending on the composition, k1 = composition dependent
factor describing the influence of cooling rate on Ar3, Ar1 and hardness and Vr is
the average cooling rate between 850 and 300°C in °C/s. In other words, k0 gives
Ar3 or Ar1 when the cooling rate is 1 °C/s and k1•log Vr gives the correction for
other cooling rates.

k0 and k1 can be expressed in the general form:
k0 or k1= a+axX+ ayY+... ,

(77)

where a = constant, ax, ay...= coefficients for the alloying elements X and Y,
respectively. X, Y = wt-% of elements X and Y, respectively.
Ar3 temperature
According to linear regression analysis, the expression for Ar3-temperature as a
function of chemical composition and cooling rate can be given as:
Ar3(°C)=954-645C-94Mn-38Cr-51Ni-87Cu+14ln(Cu)-73Mo-35BL+
(-85-321C-37Si+19Mn+11Ni+48Cu-13ln(Cu)-18BL+136Nb)log Vr
(σ=12.1°C, R2=0.92),

(78)

where σ = standard deviation and R2= R-squared value.
Linear dependencies on the k0 term were found for C, Mn Cr, Ni and Mo,
whereas influence of Cu, in addition to linear dependency, was found to obey also
an ln curve. BL approach, as introduced in section Static recrystallization kinetics
of austenite was found to give slightly better fitting than the approach based on the
wt-% of B. No statistically significant influences for Nb and Si were detected. As
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expected, all alloying elements that gave statistically significant influence on the
k0 term had a negative sign (i.e. decreased Ar3).
The k1 term was found to be dependent on the C, Si, Mn, Ni, Cu and Nb
contents. B gave its contribution via BL approach. While significant positive signs
were determined for Mn and Ni, which indicates that they even out the influence
of cooling rate, whereas signs for other alloying elements were negative and
indicating that these increase the effect of cooling rate. Contribution of Nb and Si
on the k1 term was found.
It should be emphasized that k0 term contains much better statistical certainty
than k1 term does. The standard deviation (σ) of predicted values was 12.1°C. This
value can be considered as reasonable value bearing in mind that the accuracy of
graphically determined Ar3 temperatures is within ±5–10°C. The combined
R2-value was 0.92. This value indicates that 92% of the variance in the observed
values of the dependent variable is explained by the model, and remaining 8% of
those differences remain unexplained in the error term.
The validity of the model can be seen in Figure 76, where the measured
Ar3-temperatures are plotted as a function of the predicted Ar3-temperatures as
calculated according to Equation (78). The lines for Ar3+2σ and Ar3-2σ are
included in the Figure 76. This means that approximately 95% of the predicted Ar3
values are within two times the standard deviation (±2σ).

Fig. 76. Results of multiple linear regression analysis showing the measured Ar3 vs.
the predicted Ar3 temperatures.

Ar1 temperature
The same kind of approach that was applied for the modelling of Ar3 temperatures,
can also be used for modelling of the Ar1 temperatures. Ar1 temperature can be
now expressed as a function of chemical composition and cooling rate by:
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Ar1 (°C) = 697-1026C-62Mn-19Cr-32Ni-28Cu-54Mo-20BL+
(9-23Si-8Mn-8Cr-14Ni-7Cu-19BL+102Nb) • log Vr
(σ=11.2°C, R2=0.92),

(79)

where σ = standard deviation and R2= R-squared value.
Similar to the results of Ar3 temperature model, k0 was dependent on the C,
Mn, Cr, Cu Mo and B contents, whereas no significant influence of Si and Nb was
detected. Cu content also exhibited linear dependency.
k1 term was dependent on Si, Mn, Cr, Ni, Cu, Nb and B contents. All these
elements increased the effect of cooling rate with the exception of Nb. Influence of
Nb in this sense was similar to that in k1 term of Ar3 model in Equation (78).
The standard deviation of predicted and measured Ar1 temperatures is 11.2°C
and the combined R2 values is 0.92. The validity of model is represented in Figure
77, where the measured Ar1 temperatures are plotted against the predicted Ar1
temperatures. As detected in Figure 77, the model for Ar1 temperatures, as given
in Equation (79), can adequately predict the Ar1 temperatures in the temperature
range 330–550°C. A majority of predicted Ar1 values fall within the range of ±2σ.

Fig. 77. Results of multiple linear regression analysis showing the measured Ar1 vs.
the predicted Ar1 temperatures

Modelling of hardness
The results of regression analyses for hardness are given in Equation (80). The
B-level approaches were used here as well and again a log Vr term was found to
give better fits than a linear Vr term over the wide range of cooling rates studied.
Thus, the hardness can express as follows:
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HV = 57+812C+47Mn+32Cr+28Ni+17Cu+61Mo+BL+
(-3+359C+6Cr-12Mo+9BL) • log Vr
(σ=10.4 ΗV10, R2=0.92),

(80)

where σ = standard deviation and R2= R-squared value.
Statistically significant influences of C, Mn Cr, Ni Cu, Mo and B on k0 term
were found. Similarly as seen for Ar3 and Ar1 models, no influence of Nb on k0
term was detected. The determination of influence of Si on the hardness was not
possible, because the Steel 1181 (containing 0.6wt-% of Si) was not included from
the modelling and hence all modelled steel chemistries contained practically
constant Si content.
K0 term was dependent on the C, Cr, Mo and B contents, whereas C, Cr and B
increase the influence of cooling rate. Cr tended to even out the influence of
cooling rate marginally.
The plot of measured vs. predicted hardness values are shown in Figure 78.
Hardness values can be predicted satisfactory in the range from 200 to 350 HV by
using Equation (80).

Fig. 78. A Plot of measured HV values vs. the predicted HV values.

8.4
8.4.1

Mechanical properties of hot rolled and heat-treated plates
General trends in tensile properties

Summaries of the tensile properties of the plates in as-rolled condition and after
heat treatment at 600 °C are shown in Figure 79. Yield strengths from 400 MPa to
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slightly above 800 MPa, and tensile strengths from 500 to 1100 MPa were reached
in as-rolled (TMCP-ACC) plates. Higher yield strengths, from 450 MPa up to 970
MPa were reached using heat treatment at 600°C for 1h. Tensile strengths were not
considerably influenced by the heat treatment. This trend was observed as increase
in the Rp0.2/Rm-ratios that were between 0.85-0.95 in case of heat-treated
specimens. However, Rp0.2/Rm-ratio did not exceed 0.95, which is considered as
the limit for safe structural part design according to EN 1993-1-12 [297]. In
as-rolled state, the Rp0.2/Rm-ratio increased with increasing strength levels, but
remained always below the value of 0.85.

Fig. 79. Yield and tensile strengths of all investigated heats. Open circles are for
as-rolled specimens and solid circles stand for heat-treated specimens.

The dependency of yield strength on tensile strength in as-rolled state can be
expressed by:
Rp0.2(MPa) = 0.821Rm-37
(R2=0.93).

(81)

In heat-treated state the aforementioned dependency is:
Rp0.2 (MPa) =1.03 Rm -99
(R2=0.99).

(82)

Total elongation as a of function tensile strength is shown in Figure 80. As
anticipated, the trend of decrease in total elongation with increasing tensile
strength is clearly visible. In general, heat treatment at 600oC leads to better total
elongation values for a given tensile strength, especially at the highest strength
levels.
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The product of tensile strength and total elongation (Rm*A5) is popularly
considered as a rough measure of formability [298]. A major portion of steels fall
in the Rm*A5 product range from 14000-1900 MPa%, as indicated by the solid
lines in Figure 80. This indicates an adequate formability.
The total elongation vs. yield strength is plotted in Figure 81. It was found that
dependency of total elongation (A5) on Rm can be rather well described by
following equation:
A5=10510*Rm-0.9847
(R2=0.99).

(83)

A similar type of relationship between total elongation and yield strength was
found also in heat- treated condition, but the fitting was clearly inferior compared
to as-rolled condition.

Fig. 80. Total elongation (A5) vs. tensile strength for all plates in as-rolled and
heat-treated condition. Solid lines indicate products of Rm*A5 of 14000 MPa% and
19000 MPa%. Open circles are for as-rolled specimens and solid circles stands for
heat-treated specimens.
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Fig. 81. A plot of total elongation vs. yield strength in both as-rolled and heat-treated
conditions. Open circles are for as-rolled specimens and solid circles stands for
heat-treated specimens.

Mean through-thickness hardness values together with measured tensile strength
values are given in Figure 82. Generally hardness profiles were quite uniform
through the plate thickness. Therefore, it is reasonable to take the mean as
representative value for the plates. There is a good correlation between hardness
and tensile strength, as expected. The best least squares fit with the intercept set to
zero provides a good relationship.

Fig. 82. Relationship between mean plate hardness as measured through the thickness
and tensile strength in the longitudinal direction.
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Tensile strength as function of HV can be calculated by:
Rm (MPa) = 3.09 HV.

(84)

Equation (84) is consistent with the well-established fact that the tensile strength (in
MPa) is roughly three times the hardness value in Vickers scale.
8.4.2

General trends in strength-toughness balance

Figure 83 shows Charpy-V upper shelf energy as a function of tensile strength.
The general trend is as expected, but there are a number of exceptions that fall
below the general trend line. They are all heat -treated at 600°C but such a heat
treatment does not generally lead to low upper shelf toughness. This trend is more
apparent at high tensile strength levels. At lower tensile strength levels below
750MPa, upper shelf energies do not differ significantly from each other, although
some exceptions may be observed.

Fig. 83. Charpy-V upper shelf energy vs. tensile strength for as-rolled and heat-treated
steels. Open and solid circles refer to as-rolled and heat-treated specimens,
respectively.

A plot of DBTT vs. yield strength is shown in Figure 84. In general, for a given
effective grain size, DBTT should increase as the strength increases due to the
critical cleavage stress being attained earlier in the fracture process. This trend is
apparent in the Figure 84, but there are points lying outside this trend, which
indicate that either the effective grain size is smaller or larger in some cases, or that
the cleavage fracture nucleation site characteristics have been changed.
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It is worth noting that an increase in DBTT with increasing yield strength is
much greater in as-rolled specimen than for heat-treated specimens. In the case of
as rolled plates, BDTT increases approximately 0.35–0.45°C/MPa, whereas the
slope for the increase in DBTT with increasing yield strength in heat-treated
specimens is smaller, approximately between 0.25–0.35°C/MPa and there are few
data points that fall outside this trend in heat-treated steels, as mentioned above.
It can also be seen in Figure 84 that, by applying the processing conditions
used in the present work, a DBTT below -50°C in the 500 MPa grade LCB steel is
rather easily achieved in as- rolled condition with various alloying systems. On the
other hand, reaching DBTT below -50°C in a 700MPa steel LCB steel is much
more challenging. The heat-treatment at 600°C offers few opportunities to reach
this goal.

Fig. 84. A plot of DBTT vs. yield strength for as-rolled and heat-treated plates.
Interesting cases with good and as well as poor strength-toughness balance are
enclosed in rectangles. Numbers refer to steel numbers. (Open circles = as-rolled
specimens, solid circles = heat-treated specimens).

An overview of the T27J transition temperatures as a function of yield strength is
shown in Figure 85. In general, for a given effective grain size, T27J should
increase as the strength increases because the critical cleavage stress is reached
earlier in the fracture process. This trend is apparent in the Figure 85, but there are
points lying outside this trend as well.
The trend for an increase in T27J with increasing yield strength is
approximately 0.22–0.35°C/MPa and no clear difference in this general trend
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between the as-rolled and the heat-treated specimens can be detected, although
some outliers in heat-treated steels can be observed, similar to those of DBTT.

Fig. 85. Diagram showing T27J transition temperatures and yield strengths for all
plates in as-rolled and heat-treated condition. Interesting cases with good strength–
toughness combinations as well as poor strength-toughness combinations are
marked. Numbers refer to steel numbers.

The transition temperatures T27J and DBTT are closely related to each other.
Figure 86 shows that the difference between the two is 18°C on an average, but
with a slight tendency for the difference to be smaller for low transition
temperatures and higher for high transition temperatures. The dependency of
DBTT on the T27J transition temperature is:
DBTT (°C) = 1.02xT27J+18.

(85)

Fig. 86. A plot of DBTT vs. T27J for all the values from the rolled plates in the as-rolled
and heat-treated condition (600°C/1h).
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If DBTT dependency on the T27J is considered as separate cases for as-rolled and
heat-treated specimens, as shown in Figure 87, it is seen that in heat-treated specimens,
the DBTT equals the T27J at lower transition temperature, while difference increases
as transition temperatures becomes higher. In as-rolled specimens, such a trend is not
clearly detectable, but difference between DBTT and T27J remains roughly constant at
28°C. The relationship between BDTT and T27J in as rolled condition can be written
as:
DBTT (°C) = 1.01x T27J+28.

(86)

A similar relationship in heat-treated condition (600°C/1h) is given by:
DBTT (°C) = 1.15x T27J+15.

(87)

Fig. 87. Relationship between DBTT and T27J for both as-rolled and heat-treated
specimens. In the heat-treated specimens the difference between DBTT and T27J
decreases with decreasing transition temperatures, while in as-rolled specimens, the
difference between DBTT and T27J remains roughly constant at 28°C.

In practical applications, the toughness properties are not determined either by
DBTT or T27J, but absorbed impact energies at a certain temperature. Typical
temperatures, at which the impact energies are determined, are from -20°C to
-60°C and the typical requirement for absorbed energy is 27J. This is especially
true for the steels for structural applications, but the requirements can be more
severe for linepipe application [4,25]. Therefore, it is interesting to see how impact
energy at a certain temperature changes with yield strength, as shown in Figure 88,
where a plot of absorbed Charpy-V energy at -60°C vs. yield strength is presented.
From Figure 88, it is seen that 500 MPa yield strength with KV(27J) below –60°C
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can be easily reached in as-rolled state. However, to reach yield strength over 690
MPa with impact toughness fulfilling the requirements of 27J at -60°C or even at
-40°C is extremely difficult in as-rolled state.

Fig. 88. Absorbed energy at –60°C in Charpy-V test plotted against the yield strength
measured at room temperature for all plates.

Influence of heat treatment on the strength-toughness balance
As shown in Figure and 84 Figure 85, heat treatment can significantly influence
the strength-toughness balance of LCB steels. In conventional microalloyed
HSLA steels heat treatment at temperatures around 550–650°C is expected to
increase the yield strength due to precipitation of fine microalloy precipitates. In
polygonal ferrite-dominated matrix toughness, however, decreases, as
precipitation increases the yield strength, without refining the effective grain size.
Gladman [79] reported that precipitation strengthening increases ITT by 0.26°C/
MPa. This trend is obvious for part of LCB steel, as seen in Figure 89, where
ΔRp0.2 (Rp0.2 (heat-treated) - Rp0.2 (as-rolled)) is plotted as a function of ΔDBTT
(DBTT (heat-treated)- DBTT(as-rolled)). The increase of DBTT with increase of
yield strength is in the range from 0.15°C/MPa to 0.30°C/MPa for a part of the
steels.
In conventional quenched and tempered steels with martensitic
microstructures, the impact toughness properties are improved due to heat
treatment at temperatures around 600°C. This is caused by relieving martensite
tetragonality caused by the C supersaturation and subsequent precipitation of
cementite. However, tempering of martensite is often linked with the loss of
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strength, although in some high alloy steels secondary hardening may compensate
the decrease of strength during heat treatment [299].
Some of the LCB steels seem to break the conventional heat treatment
behaviour of HSLA steels or quenched and tempered steels, since yield strength
increment is attributed to the decrease in DBTT (Figure 89) as well as in T27J
(Figure 90). In some LCB steels, DBTT and T27J remain practically unchanged,
but their yield strengths increase by about 160 MPa. It is interesting to note that
there seems to be a trend, as an increase in strength and a decrease in DBTT or
T27J is possible only in steels that have “high” yield strength (~700 MPa or above)
in as-rolled state. The steels with yield strength between 450–600 MPa in as-rolled
condition have a tendency to demonstrate an increase in yield strength after
tempering, but this is generally attributed to an increase of DBTT or T27J.

Fig. 89. ΔRp0.2 vs. ΔDBTT for the investigated steels. Heat treatment increases yield
strength in all investigated steels from 20MPa up to 160, but the response of heat
treatment on the DBTT varied significantly.

As mentioned above, similar trends in ΔRp0.2 vs. ΔT27J behaviour was found as
seen in the case of ΔRp0.2 vs. ΔDBTT. Similar to DBTT, the maximum decrease in
T27J was about -40°C in some steels with “high” strengths (higher than ~700
MPa). In steels with lower yield strengths (~500–650 MPa) in as-rolled conditions,
the T27J increases with increasing yield strength. The T27J increased at a rate of
about 0.15–0.40°C/MPa.
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Fig. 90. ΔRp0.2 vs. ΔT27J for all investigated steels.

8.4.3

The effect of carbon on mechanical properties of S 500 MPa
grade steel

Steels 1142–1144, referred to as the C 500 series of experiments, show the effect
of C content on the properties of an S500 grade with a base composition
2.0Mn-0.8Ni-0.26Mo-0.05Nb-0.18Si and C varying from 0.011 to 0.043 wt-%.
Apart from C, the alloy content of the three heats is maintained at the same level,
so property changes can be simply assigned to the changes in C content.
The effects of carbon on tensile and impact transition properties in both
as-rolled and heat-treated states are shown in Figure 91 Figure 92, respectively. All
cases, water cooled or heat-treated, meet the tensile property requirements of Rp0.2
> 500 MPa, Rm > 600 MPa and A5 > 17%.
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Fig. 91. Effect of C on yield and tensile strengths for Steels 1142–1144 in both as-rolled
and as heat-treated condition (a), on total elongation (b), on Rm*A (c) and on yield to
tensile strength ratio (d).

In the as-rolled condition, Rp0.2 is only slightly affected by carbon as seen in
Figure 91 a, but Rm is affected more strongly. Total elongation decreases
marginally as the C content exceeds 0.011wt-%, but remains practically constant at
high C contents, Figure 91 b. A product of Rm*A that can be considered as a rough
measures of formability, shows quite constant values between 14000–15500
MPa% as shown in Figure 91 c. Yield to tensile-ratios in as-rolled condition were
always below 0.85 and these have a tendency to decrease with increasing C
content, exhibiting a Rp0.2/Rm ratio of 0.72 at 0.043 wt-% of C, Figure 91 d.
T27J is unaffected by carbon content, while DBTT increases with increasing
carbon, Figure 92 a and b. Consequently KV(-60°C) also drastically falls as the C
content increases, Figure 92 c. The upper shelf energy is deteriorated slightly by
increasing C content, as depicted in Figure 92 d.
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Fig. 92. Effect of C on transition temperature of 27J (a), on DBTT (b) on Charpy V
impact energy at -60°C (c), and on Charpy V upper shelf energy (d) for Steels 1142-1144
in as-rolled condition and as heat-treated at 600°C for 1h

The effect of heat treatment at 600°C depends on the carbon content. At the lowest
level of C (0.011 wt-%) yield strength remains unchanged while tensile strength
decreases slightly (Figure 91 a). Transition temperatures are also slightly improved
(Figure 92 a). Nevertheless, the upper shelf energy drops drastically (Figure 92 d).
The reason for this has not been clarified, but the effect is clear. For higher carbon
contents of 0.024 and 0.043%, heat treatment at 600°C raises yield strength by
about 150 MPa relative to the as-rolled state. Consequently transition temperatures
are increased and impact toughness at -60oC is reduced (Figure 92 c). Upper shelf
toughness is largely unchanged apart from the exception of Steel 1144 with
0.011wt-% C (Figure 92 d). As regards tensile ductility (total elongation, A5) heat
treatment at 600oC has a very beneficial effect giving the best combination of
Rm*A, as shown in Figure 91 c, despite the highest Rp0.2/Rm values (Figure 91 d).
The effect of heat treatment at 600°C on properties is consistent with the
precipitation of NbC, which seems to be absent when there is only 0.011wt% C
together with 0.05 wt% of Nb.
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8.4.4

Effect of Nb content in 500 MPa grade steel

Figure 93 a shows the increase in yield and tensile strengths of “base” or reference
composition (0.022C-0.2Si-1.9Mn-0.26Mo-0.8Cr) as a result of 0.054 wt-% and
0.094 wt-% Nb (and 0.017 wt-% and 0.03 wt-% Ti) alloying in as-rolled condition
and as heat-treated condition (600°C/1h). As seen from the figure, 0.054Nb0.017Ti (total 0.066 wt-%) alloying increases the yield strength by about 134 MPa
in the TMCP-ACC condition. 0.095Nb+0.030Ti (total 0.125 wt-%) alloying
increases the yield strength of base composition by about 169 MPa. Tensile
strength of base steel is increased by about 88 MPa and 124MPa by the
0.054Nb-0.017Ti and 0.095Nb+0.030Ti alloying, respectively. It is evident that
small additions of 0.054Nb and 0.017Ti to the base composition can lead to a significant increase in yield strength in as-rolled condition, but further increase in Nb
content to 0.094wt-% enhances the yield strength only marginally.
Heat treatment at 600°C for 1h does not significantly influence the yield
strength of base composition and the increase in yield strength is only 20 MPa.
Tensile strength is decreased by about 100 MPa. 0.054Nb-0.017Ti alloying
increases the strength of as-rolled plate by 107 MPa in heat-treated condition
leading to a yield strength of 650 MPa, whereas the tensile strength is only slightly
increased by the heat treatment. Further increase in Nb content to 0.094 wt-%
leads to a yield strength of 700 MPa in the heat-treated condition i.e. an increase of
135 MPa in yield strength as compared to as-rolled plate. It is interesting to notice
that 0.094Nb-0.030Ti alloying after heat treatment at 600°C can increase the yield
strength of the base composition by almost 300 MPa.

205

a

b

c
Fig. 93. Contribution of Nb and Ti to the yield and tensile strengths of low carbon
bainitic steels (a). Influence of Nb alloying on the strength-DBTT balance (b) and yield
strength- T27J balance (c).
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It is reasonable to assume that the observed increase in the strength with increasing
Nb content is mainly caused by the phase transformation strengthening and
precipitation strengthening by NbC. However, to estimate the contribution of Nb
to precipitation strengthening, the influence of Nb on other strengthening
mechanisms, such as grain boundary strengthening and dislocation strengthening
has to be taken into account. The influence of Ti on the precipitation strengthening
is assumed to be small, because a major part of Ti is expected to be bound by N,
forming highly stable TiN, which efficiently restricts the austenite grain growth,
but its contribution to precipitation strengthening is negligible.
As expected, while the strength is increased by the precipitation of NbC, the
impact toughness properties are consequently impaired. This is clearly detected in
Figure 93 b, where the increase in yield strength, caused by the different levels of
Nb addition, is plotted against DBTT both in as-rolled and heat-treated condition.
Nb alloying significantly increases the DBTT of as-rolled plates, but their DBTT’s
still remain at adequate levels, below -50°C. It is also interesting to note that
despite a much higher increase in yield strength in heat-treated plates, their
DBTT’s are not significantly impaired as compared to those of their as-rolled
variants. This is especially true for the 0.054 wt-% Nb containing steel. It is also
detected that DBTT increases roughly at the rate of 0.2-0.3°C/MPa increase in the
yield strength. Figure c is a plot of T27J vs. yield strength. Trends in yield
strength-T27J balance are similar to those of yield strength vs. DBTT, but now in
as-rolled condition T27J temperature in Nb-bearing steels are clearly lower than
corresponding T27J in heat-treated conditions. In fact, in as-rolled condition,
temperature difference between DBTT and T27J in Nb-bearing steels is 15-25°C,
whereas in heat-treated condition DBTT and T27J are very close to each other,
temperature difference being less than 10°C.
Total elongation in as-rolled condition seems to decrease with increasing Nb
contents. In heat-treated condition total elongation is not largely changed
compared to the as-rolled state, although there is a distinct drop in total elongation
in heat-treated Steel 1171 with 0.054Nb and 0.017Ti, Figure 94 a. The products
Rm*A, seem to be at slightly lower levels in heat-treated condition, when Nb is
below 0.054 wt-%, but the situation is reversed at higher Nb contents; heat-treated
specimens showed higher product of Rm*A than those in as-rolled condition,
Figure 94 b.
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a

b
Fig. 94. Influence of Nb content on the total elongation (a) and on Rm*A product (b)
both in as-rolled and heat-treated condition.

In summary, Figure 93 gives the following messages: i) Nb can significantly
contribute to strengthening of as-rolled plates and further increase in strength can
be obtained by using a subsequent heat treatment at 600°C, which enables to reach
high strength levels (Rp0.2~700MPa) in low carbon steels. It is reasonable to
assume that a major part of this strength increase is a result of the NbC
precipitation. To analyze more specifically the contribution of NbC precipitation to
strengthening, the influence of Nb other strengthening mechanisms has to be taken
account. ii) As the main part of strength increment is expected to be caused by the
precipitation strengthening, the impact toughness properties are impaired as a
consequence, which indicates that the microstuctural refinement has to be
increased if precipitation strengthening ought to be utilized.
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8.4.5

Effect of Cu content on the mechanical properties of 500 MPa
grade LCB steel

Evidences of the effect of Cu on the mechanical properties of 500 MPa grade LCB
steel can be obtained by comparing the mechanical properties of Steels 1171, 1173
and 1174, since their composition are identical with the exception of Cu content.
The Cu contents are 0.012, 0.71 and 1.15wt-% for Steels 1171, 1173 and 1174,
respectively.
As seen in Figure 95 a, an increase in Cu content from its residual level to 0.71
wt-% increases the yield strength by about 50 MPa in as-rolled condition. Further
increase in Cu content to 1.15 wt-% does not seem to bring about significant
increase in yield strength. In fact, yield strength seems to decrease slightly from
those of Cu content at 0.71wt-%. Tensile strength in as-rolled condition increases
almost linearly with increasing Cu content, so that the increase in tensile strength
is approximately 60 MPa caused by the increase of Cu from its residual levels to
1.1 5wt-%. In heat-treated condition tensile strength increases by about 80 MPa,
when Cu content increases from 0.013 wt-% to 1.15 wt-%, so that Steel 1174 with
1.15 wt-% of Cu exhibits a yield strength of 740 MPa. Tensile strength does not
increase significantly from that of as-rolled condition, but is consistently higher by
about 20-40 MPa.
Both DBTT and T27J did not pronouncedly change in as-rolled condition with
increasing Cu content from residual levels to 0.71wt-%, although T27J seem to
decrease slightly due to same t increment in Cu content. Further increase in Cu
content to 1.15 wt-% increases both DBTT and T27J by about 16–17°C, Figure 95
b. Similarly in heat-treated condition, an increase in Cu content from 0.014 to 0.71
wt-%, does not change the DBTT significantly, but further increase in Cu content
causes a 20°C increment in DBTT. In addition, DBTT is not significantly
increased by heat treatment. For instance, at the highest Cu content DBTT
increases by less than 10°C due the heat treatment, although yield strength
increases by 150 MPa. On the other hand, DBTT and T27J become very close to
each other, indicating that steels start to exhibit low impact energy values as soon
as the temperature drops below DBTT.
Total elongation (A5) in as-rolled condition decreases from 24% to 19% as the
Cu content increases from its lower limit to 0.71 wt-%, Figure 95 c. Further
increase in Cu does not seem to affect pronouncedly. A reversed effect of Cu on
the total elongation is observed in heat-treated condition. Total elongation is
increased from 19% to 23%, as the Cu content is increased from 0.012wt-% to

209

0.71 wt-% but a further increase in Cu content slightly deteriorates the total
elongation. However, total elongation in Cu-bearing steels is always higher in
heat-treated steels than in as-rolled condition. Heat-treated Cu-bearing steels
exhibited rather high elongations with respect to their strength levels. This resulted
in high Rm*A5 values for heat-treated Cu–bearing steels. Rm*A5 is
conventionally considered as a rough measure of formability of steel, Figure 95 d .

a

b
Fig. 95.
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c

d
Fig. 95. Influence of Cu on the strength (a), toughness (b), ductility (c) and Rm*A5
product (d) in of 500-600 MPa LCB-steels both in as-rolled and heat-treated condition.

In summary, an addition of 0.7 wt-% of Cu seems to be beneficial in 500-600 MPa
LCB steels, since Cu can increase yield strength by about 50 MPa without
significantly affecting the impact toughness properties. Although total elongation
is slightly deteriorated with 0.7wt-% Cu alloying, it still remains at an acceptable
level. Further increase in Cu content is unadvisable, because it does not bring
about any significant increase in strength, but causes a pronounced increment in
DBTT and T27J instead.
In heat-treated condition Cu alloying significantly increases yield and tensile
strengths with increasing Cu content from 0.012 wt-% to 1.15 wt-%. Until Cu
content of 0.71wt-% toughness properties are not pronouncedly affected, but a
further increase in Cu content to 1.15wt-% causes deterioration in toughness. Total
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elongations of heat-treated Cu-bearing LCB steels were superior to their as-rolled
counterparts. High Rm*A5 product of heat-treated Cu bearing steel indicated their
good formability.
Effect of Mo on the mechanical properties of 500-600 MPa grade steel
The influence of Mo in the range of 0.25-0.60wt-% on the mechanical properties
500-600MPa grade LCB steel can be revealed by comparing the mechanical
properties of Steels 1171 and 1176 as well as those in Steels 1172 and 1177. Steels
1171 and 1776 have practically identical compositions with the exception of the
fact that Steel 1171 contains ~0.25 wt-% of Mo, whereas Steel 1176 has ~0.6
wt-% of Mo. Nb content in theses steel is ~0.05 wt-% and hence these steels are
referred as low 0.05Nb steels as distinct of Steels 1172 and 1177 with 0.09 Nb
(referred as low 0.09Nb steel). Mo content in Steel 1172 and 1177 are 0.025wt-%
and 0.6wt-%, respectively. Hence, comparison of these steel reveals the influence
of Mo on the mechanical properties under two levels of Nb content.
Yield strength in as-rolled condition increases by about 35-55 MPa due to an
increment in Mo content from ~ 0.02 wt-% to ~0.6 wt-% and yield strength
reaches about 600 MPa in high Mo steels, irrespective of Nb content. In
heat-treated condition, yield strength in ~0.6wt-% Mo containing steels increases
pronouncedly by about 100-130 MPa. High 0.6 wt-% of Mo containing steel yield
strength exceeds slightly above 700 MPa, Figure 96. It seems that higher Mo does
not lead to higher strengthening capacity during heat treatment, but higher strength
in high 0.6 wt-% of Mo containing steels is attributed to their higher strength in
as-rolled condition. Further, Mo does not seem to fortify markedly the
strengthening effect of Nb during heat treatment. Tensile strength increases with
increasing Mo content in as-rolled condition, which is roughly of the same
magnitude as the increase in yield strength in as-rolled condition. Following the
heat treatment the tensile strength does not increase as much the yield strength
does, which results in higher yield to tensile strength ratios. However, tensile
strength increases with increasing Mo content in heat-treated condition.
DBTT increases with an increase in Mo content in as-rolled condition, the
increment being approximately 20-25°C as seen in Figure 97. Interestingly,
0.09Nb steels exhibit lower DBTT, than their lower Nb counterparts. T27J
temperatures increase in high Nb steels with increasing Mo content, but in 0.05Nb
steels T27J lowers with a decrease in Mo content. This is the only exception
showing a negative effect of the increasing Mo content on the DBTT and T27J.
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In heat-treated condition, the DBTT increases by approximately 20°C, but still
the high 0.09Nb Steel 1177 exhibits lower tensile DBTT than its lower Nb
counterpart Steel 1176. T27J temperatures increase also with an increase in Mo
content and become very close to DBTT.
Total elongation is slightly decreased due to an increment in Mo content in
as-rolled condition, Figure 98. In heat-treated condition there is no pronounced
effect of Mo content on the total elongation, although it increases slightly with
increasing Mo content in low 0.05Nb steels.

Fig. 96. Effect of Mo in the range of 0.25-0.60 wt-% on the tensile properties of Steel
1771, 1172, 1176 and 1177 both in as-rolled and heat-treated condition.
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Fig. 97. Effect of Mo in the range of 0.25-0.60 wt-% on the DBTT and T27J temperatures
of Steel 1771, 1172, 1176 and 1177 both in as-rolled and heat-treated conditions.

Fig. 98. Effect of Mo on the total elongation of 500-600 MPa grade LCB steels.

214

In summary, Mo (in the range of 0.25–0.6wt-%) in as-rolled condition increases
yield and tensile strengths by about 30–60 MPa, but this increment is associated
with rather prominent increment of DBTT and T27J. There is no prominent effect
of Nb content between 0.05–0.09wt-% on the effectiveness of Mo on the strength
and toughness properties in as-rolled condition. Total elongation deteriorated
slightly due to increment in Mo content.
In heat-treated condition, the effect of Mo increment on the yield strength is
very similar than that of as-rolled plates, but likewise in as-rolled condition, this
increment was also attributed to a rather sharp increase in DBTT and T27J
temperatures. There was no dramatic change in total elongation due to Mo
addition.
8.4.6

Effect of B alloying on the mechanical properties of 500MPa
grade LCB Steel

Influence of B addition is revealed by comparing the mechanical properties of
Steel 1171 and 1175. The compositions are essentially similar, but Steel 1175
contains 28 ppm of B, whereas Steel 1171 contains no deliberated B alloying.
Addition of 28 ppm B significantly increases the yield strength as well as the
tensile strength, as can be easily found in Figure 99 a. B alloying increases yields
strength by 119 MPa and tensile strength by 129 MPa. However this increase is
attributed to the significant increase in DBTT and T27J by 35°C and 36°C,
respectively.
In heat-treated condition, the yield strength of B alloyed steel increases further
by 89 MPa reaching nearly 750 MPa level, whereas tensile strength remains
practically unchanged. Interestingly DBTT decreases slightly from -18 °C to
-30°C. However, DBTT and T27J are very close to each other, which indicate
change of fracture behaviour to brittle type and absorbed energy decreases rapidly
in a very narrow temperature range, as soon as the DBTT is exceeded.
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Fig. 99. Effect of B addition (28ppm) to the composition of ~0.028C-1.9Mn0.26Mo-0.8Cr-0.052Nb-0.02Ti (Steel 1171) on the strength (a) and toughness (b) of
500-600 MPa grade LCB steel.
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In summary, a 28ppm B addition to 500MPa grade LCB steel causes a significant
increase in tensile properties (Rp0.2 increases more than 100 MPa), but
unfortunately this increment is associated with sharp decrease in impact toughness
properties. Heat treatment of B alloyed steel at 600°C causes a further increase in
tensile properties by about 100 MPa. However, now DBTT does not increase, but
decreases by about 10°C. T27J temperature is not affected by heat treatment.
8.4.7

Regression analysis of mechanical properties

Regression analysis can be used to estimate the effects of individual alloying
elements. In such analyses, the aim is to find a solution with a high value of R2
(adjusted R2) and a low standard error for the predicted property. Because of the
limited amount of experimental data available, only linear regression analyses
have been used without interaction terms. In general, it is not recommended to use
terms in a regression equation with a P value greater than e.g. 0.05: otherwise there
is more than a 5% risk of the regression coefficient having the wrong sign.
However, in some cases, it is reasonable to assume that the addition of a given
alloying element will lead to an increase in strength, in which case it would be
unreasonable to omit that element from the regression equation even if it had P >
0.05. In such circumstances, the calculated coefficient will be associated with a
large uncertainty. The approach used in this report has been to accept P-values up
to about 0.4 provided the sign of the coefficient is metallurgically reasonable. If
the sign is unexpected, then the condition P < 0.05 has been used as a condition for
including the term.
8.4.8

Strength regression equations

The regression equations are based on the L8 matrix Steel 1142–1152,
confirmation Steels 1181–1184 and Steels 1171–1179. The hot rolling and heat
treatment parameters were held constant so that properties can be expressed only
in terms of compositions. The regression equations are naturally valid only in the
composition range studied and hot rolling schedule applied in the present work.
The yield strength in as-rolled condition can be expressed according to the
following equation:
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Rp0.2(MPa)=112+2499C+77Si+132Mn+10ln(Cu)+90Cr+70Ni+
162Mo+58762B
2
R = 0.91, Standard deviation = 28.5MPa.

(88)

The statistically significant influences were found for C, Mn, Cu, Ni, Mo and B.
On the other hand, Nb did not show statistically significant influence and its effect
on yield strength was omitted. The linear relationship was found to be valid for all
alloying elements with the exception of Cu, whose dependency was detected to
obey a logarithmic fit. This is an acceptable result, because Cu content was varied
at four levels: 0.01, 0.2 0.7 and 1.15 wt-%. The plot of predicted and measured
yield strength values in as-rolled condition is presented in Figure 100.

Fig. 100. Results of multiple linear regression analysis of yield strength and

composition for as-rolled plates.

However, if linear dependency for the influence of Cu is assumed, the yield
strength in as-rolled condition in terms of chemical composition can be expressed
as:
Rp0.2(MPa) = 81+2417C+74Si+132Mn+41Cu+86Cr+84Ni+158Ni+61096B (89)
R2 = 0.90, Standard deviation = 29.1MPa.
The fitting of Equation (89) is only slightly deteriorated as compared to the fittings
of Equation (88).
Tensile strength can be can represented in the terms of composition by the
following equation:
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Rm (MPa) = 224+4731C+93Si+116Mn+13ln(Cu)+102Cr+91Ni+
177Mo+66369B

(90)

R2 = 0.95, Standard deviation = 25.5MPa.
Similarly as in yield strength regression equations, statistically significant
influences were found for all alloying element variables with exception of Nb.
Further, the effect of Cu was found to obey logarithmic dependency. The fitting of
tensile strength was superior when compared to yield strength fitting as seen from
the smaller standard deviation and higher R2-values for tensile strength regression
equation. A fitting of measured and predicted Rm values in as-rolled condition is
presented in Figure 101.

Fig. 101. A plot of predicted vs. measured tensile strengths of as-rolled steels.

In heat-treated condition (600°C/1h), the yield strength can be expressed
according to the following equation:
Rp0.2(MPa) =
163+4703C+99Mn+81Cu+56Cr+98Ni+190Mo+644Nb+47438B
R2 = 0.90, Standard deviation = 33MPa.

(91)

Now, as expected, statistically significant influence for Nb was observed in
addition to other alloying variables. A linear dependency for Cu was found too.
The fitting of predicted versus measured values can be seen in Figure 102.
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Fig. 102. A plot of the predicted vs. measured yield strengths of heat-treated
specimens.

Tensile strength in heat-treated condition can be expressed according to following
equation:
Rm (MPa) = 252+4572C+127Si+90Mn+80Cu+57Cr+
65Ni+193Mo+636Nb+85BL
2
R = 0.91, Standard deviation=29.1MPa.

(92)

All alloying variables contribute to strengthening. The influence of Nb seems to be
clear; for instance an increase in Nb content from 0.045 wt-% to 0.090 wt-%
would increase tensile strength by about 30 MPa. The influence of B was observed
to obey a B-level dependency, as defined in section Static recrystallization kinetics
of austenite instead of linear wt-% dependency. The plot of predicted vs. measured
tensile strength values are presented in Figure 103.
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Fig. 103. A plot of predicted vs. measured tensile strengths for heat-treated specimens.

8.4.9

Toughness regression equations

The ductile to brittle transition temperature (DBTT) in as-rolled condition can be
expressed in terms of chemical composition by the following equation:
DBTT (°C) = -78+573C-13Mn+13Cr+63Mo+19Cu+52BL
R2 = 0.87, Standard deviation = 11.8°C.

(93)

Influences for C, Mn, Cr, Mo and B on DBTT were found. Mn was the only
alloying element that lowers the DBTT; other elements increase DBTT. Especially
detrimental influence on DBTT was detected for B. An addition of B (between
11-28 ppm) increases DBTT by 52°C. No influences of Nb, Si and Ni were
detected. However, it should kept in mind that Ni increases both the yield and
tensile strengths, but does not increase DBTT. In that respect, Ni is a preferential
alloying element in strength-toughness balance point of view. Nb additions
between 0.04–0.10 wt-% seems to be infective; Nb in this compositional range
does not influence on strength or DBTT. Also Si does not have influence on the
DBTT and yield strength. However, Si does have a small influence on the tensile
strength. The predicted DBTT values versus measured DBTT values are shown in
Figure 104.
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Fig. 104. Predicted vs. measured DBTT values in as-rolled condition.

The T27J transition temperature in as-rolled condition in the terms of chemical
composition can be expressed by:
T(27J) (°C) = -92-9Mn+13Cr-8Ni+54Mo+54BL+44Si
R2 = 0.92, Standard deviation = 8.9°C.

(95)

It is interesting to note, that statistically no significant effect for C was detected,
although C was found to increase the DBTT. However, some consistency with
DBTT regression equation, (Equation (93)), were found. Mn decreases both T27J
and DBTT, but its effect is quite small. For instance, the increase in Mn content
from 1.2 wt-% to 2.0 wt-%, would decrease the DBTT and T27J by 9°C and 6°C,
respectively. Taking into account the yield strength increasing effect of Mn, it can
be considered as an advantageous alloying element for improving
strength-toughness balance. Cr has a small increasing effect on both T27J and
DBTT (a 0.8 wt-% increase in Cr content would increase T27J and DBTT by
about 10°C), but the effect of Mo on both T27J and DBTT seems to be more
severe. For instance, an increase in Mo content from its lower limit (~0.2 wt-%),
studied in the present thesis, to its upper limit (~0.6 wt-%) would cause 25°C and
20°C increase in DBTT and T27J, respectively. Once again, B exhibited a
considerable negative effect on toughness. A deliberate addition of B between 10–
28 ppm increases T27J by about 54°C that is consistent with the increase in DBTT
(56°C) caused by alloying with B, as given in Equation (93). Ni was found to have
a minor positive effect on the T27J. Si was detected to increase T27J quite
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significantly. However, it should be kept in mind that the effect of Si relies only on
one heat, where its content was varied.
The accuracy of T27J regression equation can be seen in Figure 105, where
the measured versus predicted T27J in as-rolled condition are plotted. Equation
(94) can predict T27J with an adequate precision.

Fig. 105. Measured versus predicted T27J temperatures in as-rolled condition.

In heat-treated condition the DBTT can be expressed by:
DBTT(°C) = 53+1433C-79Mn-48Cr-17Ni+101Mo+21Cu+23BL
R2=0.82, Standard deviation=18.1°C.

(95)

As seen from Figure 106 and high standard deviation (18.1°C) and rather low
R2-value (0.82), the regression equation (i.e. Equation (95) for DBTT in
heat-treated condition is significantly more scattered as compared to that of
as-rolled condition and the Equation (95) can be considered as guideline from
engineering point of view. Some consistencies besides discrepancies can be found
with the DBTT equation in as-rolled condition. C, Mo, Cu and B increase the
DBTT in heat-treated condition similarly as for as-rolled plates, but in heat-treated
condition C and Mo seem to be far more detrimental than in as-rolled condition,
whereas the severity of B influence on DBTT is lowered. A deliberate addition of
B would increase DBTT only about 23°C. The influence of Cu is at the same level
as in as-rolled condition. Mn, Cr and Ni were found to decrease the DBTT.
Especially, the influence of Mn and Cr seems to be rather pronounced, whereas the
effect of Ni seems to be of smaller importance.
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Fig. 106. A plot of measured versus predicted DBTT in heat-treated condition.

Transition temperature for 27J in heat-treated condition is given by:
T27J (°C) = 14+1252C-59Mn-35Cr-17Ni+77Mo+28BL+17Cu
R2 = 0.80, Standard deviation=15.3°C.

(96)

Similarly as for DBTT regression equation in heat-treated condition, the Equation
(96) for T27J indicates that Mn, Cr and Ni alloying is beneficial for T27J, whereas
C, Mo Cu and B levels contribute negatively to T27J.

Fig. 107. A measured T27J values plotted against the predicted T27J values.

In general, all alloying elements studied seem to make a positive contribution to
yield and tensile strengths. In case of Charpy-V transition parameters, however,
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the situation is far more complex. Most alloying additions lower the upper shelf
energy, which is in line with their effect on strength. As regards transition
temperatures, some elements are detrimental and others have no detectable effect,
yet some others are beneficial. From the point of view of alloy design, alloy
elements that have no detectable effect on transition temperature can also be
considered beneficial since they increase the strength without raising the transition
temperature. From this point of view, Mn and Ni can be considered beneficial to
transition temperatures, T27J and DBTT. In addition, it is interesting to note that
carbon is not detrimental to T27J temperature in the as-rolled condition. It does,
however, raise DBTT, which will be seen as lower toughness values in the
transition region. The most detrimental addition, as far as transition temperatures
are concerned, is B. Roughly, the addition of B (~20 ppm) increases T27J and
DBTT by 50°C in as-rolled condition. Of the other alloying elements, on a weight
percent basis, Mo is the most detrimental to toughness.
The apparent accuracy of the toughness regression equations is usually good.
The standard error of the predicted values is 8–12°C for the as-rolled conditions,
while for the heat-treated conditions the standard error is about 15–20°C.
8.4.10 Effects of alloying elements on the strength-toughness
balance
In many practical applications, it is of interest to know how alloying elements
affect both strength and toughness and therefore, it is sometimes convenient to calculate sc. embrittlement vectors for strengthening by alloying elements. These
vectors show how impact toughness properties (DBTT or T27J) are changed with
respect to strength increment caused by a certain alloying element (i.e. ΔDBTT/
ΔRp0.2 or ΔT27J/ΔRp0.2). These embrittlement vectors are, of course, valid only
for the studied laboratory hot rolling and heat treatment schedules, since hot rolling can significantly influence the toughness and strength properties. Embrittlement vectors offer a simple approach for a tentative design of steel composition.
Further, they offer an opportunity to classify the effects of different alloying elements on strength and toughness.
An increase in DBTT as a function of yield strength increment caused by
different alloying elements (i.e. embrittlement vectors) as calculated using the
regression formulas given previously, are presented in Figure 108. Embrittlemt
vectors are calculated in the cases where alloying elements are increased from its
lower limits to the upper limits as investigated in the present work.
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As seen from Figure 108, Mn alloying is very beneficial for both strength and
toughness. As Mn content is increased from its lower level (1.33 wt-%) to its upper
level (2.43 wt-%), the expectable average yield strength increment is approximately 140–145 MPa, but at the same time DBTT is expected to decrease by about
15°C. Ni alloying is also a good option when designing high strength, high toughness LCB steels, because Ni increases yield strength without having any influence
on DBTT. Therefore, yield strength is increased by Ni alloying, while DBTT is
expected to remain at constant level. The expected strengthening by Ni, when its
concentration is increased from residual levels to 1.0 wt-%, is approximately 70
MPa. Cr is also a potential alloying element in LCB steels, since it offers rather
high strengthening potential with only a small increase in DBTT. C increases
DBTT by about 25°C as the anticipated strength increment is about 110 MPa,
when C content is increased from 0.011 wt-% to 0.056 wt-%. Strengthening potential of 0.6 wt-% of Mo addition corresponds roughly the strengthening caused by
1.0 wt-% Cr alloying. However, in the case of 0.6 wt-% of Mo alloying the expectable DBTT increase is much greater than that in 1.0 wt-% of Cr alloying. The
attainable strengthening caused by 1.15wt-% of Cu alloying is rather limited (less
than 50 MPa), but the DBTT is expected to deteriorate significantly. B is the most
effective alloying element to increase yield strength in LCB steels. The strengthening potential varies from 50–160 MPa depending on the B content. For example, a
20 ppm addition of B would cause a yield strength increment of 110 MPa. Unfortunately, B alloying is expected to increase DBTT by about 54°C, so far as deliberate B (11–30 ppm) alloying is concerned. Therefore, B alloying should be treated
with care in LCB steels. Nb alloying in the range 0.042–0.112 wt-% is infective,
since Nb does not have any significant influence on strength or impact toughness.
The unit embrittlement vectors, defined as ΔDBTT/ΔRp0.2 and ΔT27J/ΔRp0.2 are
listed in Table 19.
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Fig. 108. The embrittlement vectors for different alloying elements in as-rolled
plates. A linear dependency of alloying element on the strength is assumed.

The embrittlement vectors for alloying variables in heat-treated plates are
presented in Figure 109. Similar to as-rolled plates, high Mn, Cr and Ni alloying
seems to be beneficial in increasing yield strength and improving toughness in
heat-treated LCB steels. While being rather ineffective in as-rolled plates, an
increase in Nb content from 0.042 wt-% to 0.112 wt-% is expected to cause a yield
strength increment of about 40 MPa. However, this strength increment is not
expected to increase DBTT. While high Nb contents above 0.043 wt% seems to be
rather ineffective from strength and toughness point of view in as-rolled condition,
high Nb alloying seems to be beneficial in heat-treated LCB steel, since it offers
extra strengthening potential without sacrificing the DBTT. Cu and Mo offer rather
high strengthening potential, but this occurs at the expense of DBTT. C possesses a
high strengthening potential in heat-treated LCB steels, but partly due to large
strength increment, DBTT is also increased significantly. Mo (0.17 > 0.6 wt-%)
and Cu (0.01 >1.2 wt-%) alloying offer rather high strengthening potentials, but
these increments are also responsible for quite large DBTT increments, as seen in
Figure 109 and as indicated by the unit embrittlement vectors for Mo and Cu in
Table 20. Similarly as for as-rolled plates, B influences on strength on the wt-%
basis, but its influence on DBTT is determined by B-level concept. Therefore, the
influence of B on strength and toughness in heat-treated steel is described by a
family of embrittlement vectors. Anyhow, strengthening potential of B in
heat-treated steels is smaller than in as-rolled plates.
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Fig. 109. The embrittlement vectors for different alloying elements in heat-treated
plates. A linear dependency of alloying elements on the strength is assumed.
Table 19. Effects of alloying elements on the strength-toughness balance in as-rolled
condition in terms of DBTT and T27J. The valid compositional range is in brackets.
Alloying element

C (0.011-0.056wt-%)

ΔDBTT/ΔRp0.2

ΔT27J/ΔRp0.2

°C/MPa

°C/MPa

0.24

-

Si (0.17-0.68 wt-%)

-

0.56

Mn (1.32-2.02 wt-%)

-0.10

-0.07

Cr (0.03-1.00 wt-%)

0.15

0.15

-

-0.07

Ni (0.02-1.00 wt-%)
Cu (0.012-1.15 wt-%)

0.45

-

Mo (0.01-0.06 wt-%)

0.40

0.31

1169%C/52

1165

%B/BL**
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Table 20. Effects of alloying elements on strength toughness balance in heat-treated
(600°C/1h) condition in terms of DBTT and T27J.
ΔDBTT/ΔRp0.2

ΔT27J/ΔRp0.2

°C/MPa

°C/MPa

C (0.011-0.056wt%)

0.30

0.27

Si (0.17-0.68 wt-%)

-

-

Mn (0.17-0.68 wt-%)

-0.79

-0.59

Cr (0.03-1.00 wt-%)

-0.86

-0.63

Ni

-0.17

-0.17

Cu

0.26

0.21

Mo

0.53

0.40

-

-

0.00

0.00

Alloying element

Nb (0.042-0.112)
%B/BL**

8.4.11 The detailed microstructure characterization of selected hot
rolled plates
The aims of the microstructural analysis are understand better the structure –
property relationships of LCB steels. An important aspect of the project is to
acquire microstructural knowledge using sophisticated electron microscopy
suitable for the microstructural characterization of bainitic high strength.
The idea is to study some of the plate material hot rolled in the present work.
Due to large number of laboratory hot rolled plates it is not feasible to investigate
all the microstructures. Rather it is better to select the most interesting ones. The
basic idea is to select the microstructures with clearly different combinations of
strength and impact toughness (i.e. low strength low toughness, low strength high
toughness, high strength low toughness and high strength high toughness). A
suitable selection is shown in Figure 110.
Figure 110, which shows T27J transition temperatures and yield strengths for
plates water cooled to 20°C, either in the as-rolled condition or after heat treatment
at 600°C for 1h. Steels for microstructural analysis are ringed. The chemical
compositions of the steels can be found in 1112.
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Fig. 110. A diagram showing T27J transition temperatures plotted against yield
strengths for all plates in the as-rolled and heat-treated conditions for steels 1142–
1184. Cases for detailed microstructural characterization are ringed. Numbers refer to
steel codes.

In addition to the selection represented above, the steel with similar compositions,
but only one chemical composition variable were also subjected to detailed
microstructural characterization. These kinds of steels were Steel 1142–1144
(Steel 1142 is already included in Figure 110.
Figure 110, where only C-content was varied between 0.011–0.0.34 wt-% and
Steels 1170–1172, where the influence of Nb was investigated by altering the Nb
concentration between 0.002–0.094 wt-%. Steel 1173 and 1174 were included to
characterize the influence of Cu (in the range of 0.71–1.15 wt-%) on the
microstructure of 500MPa grad LCB steel. For the same reasons, Steel 1176 and
1177 were selected for microstructural characterization to reveal the effect of 0.6
wt-% of Mo on the microstructure of LCB steel as compared to their low Mo
counterparts (Steel 1171 and 1172). Steel 1175 is included to detect how B
alloying changes the microstructure of LCB steels.
8.4.12 Steel 1144 as hot rolled
Typical microstructures of Steel 1144 in as rolled condition as observed in
FEG-SEM are represented in Figure 111 a–d. The major findings are that the prior
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austenite grain structure is almost completely eliminated in the structure although
locally the prior austenite structure is present in some areas, and the microstructure
consist of irregular-shaped ferrite with bimodal grain size distribution. The coarser
grains were more jagged and irregular-shaped, whereas the smaller ones were
spherical-type. One major feature was that the microstructure contained fine
irregular secondary microconstituents, which were mainly classified as MA’s. The
sizes of these MA microconstituents were mainly in the range of 0.2–0.5 μm. The
volume fraction of these MA’s was estimated to be ~5 % by point counting
method. Also some spherical like secondary microconstituents, which could be
cementite or non-metallic inclusions, were detected.

a

b

c

d

Fig. 111. A general view of Steel 1144 in FEGSEM (a). The microstructure consist of
quasi-polygonal ferrite and granular bainitic ferrite. “Grain size” difference between
quasi-polygonal ferrite (as located in the middle of image) and granular bainitic ferrite
(at lower side of image) as observed in (b). A close-up of quasi-polygonal ferrite (c) and
granular bainitic ferrite (d).
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The size of these spherical-like particles is much smaller (~0.1 μm) than the MA
microcontituents. The microstructure is classified as a mixture of quasi-polygonal
and granular bainitic ferrite.
The EBSD orientation map is given in Figure 112 a, using an inverse pole
figure colouring scheme for the rolling direction (that is parallel to vertical
direction of the image). The low (1.5–15°) and high (>15°) angle boundaries are
coloured in grey and black, respectively. Consistent with FEG-SEM imaging the
irregular ferrite is clearly detectable. Generally an irregular ferrite grain is
surrounded by a high angle boundary but in some grains well developed low angle
boundary subgrain structure is observed. An interesting feature revealed in Figure
112 a is the banded bimodal grain distribution. The banded structure parallel to
rolling direction is evident, but these “bands” seem to clearly consist of grains of
same size within one band. Therefore bands parallel to rolling direction with rather
uniform grain size within a “single band” are found. Figure 112 a shows a local
misorientation map of same area as in Figure 112 b, indicating the variation of
local lattice strain on a 3x3 grid around each pixel. Brighter colours (i.e. yellow
and green) indicated more local orientation in the crystal lattice. The high local
misorientation (i.e. yellow and green areas) seems to correspond to areas with the
fine grains, whereas the low local misorientation areas (blue) are more related to
coarser grained areas.
These results are consistent with FEG-SEM study that indicated
quasi-polygonal grain to be much coarser and more irregular shaped than the
granular bainitic ferrite grains. From the size and shapes of the grains in
orientation maps, it can be deduced that the coarse grain areas in the orientation
map are quasi-polygonal ferrite and the smaller ones are granular bainitic ferrite.
Further, it is known that quasi-polygonal ferrite forms at higher temperatures than
granular bainitic ferrite and therefore, it is reasonable to assume that the local
lattice misorientation is higher in granular bainitic ferrite due to its lower phase
transformation temperature.
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a

b

c

d

Fig. 112. Orientation map, using an inverse pole figure (IPF) colouring scheme for the
rolling direction (right). The colours are superimposed over the band contrast map.
Boundaries are coloured in grey (1.5–15°) and black (>15°) (a). Local Misorientation
map, showing the variation of local lattice strain on a 3x3 grid around each pixel.
Brighter colours indicate more local orientation variations in the crystal lattice
orientation (b). Grain Size Distribution for the sample 1144, using different critical
misorientations to define the grains (c). Boundary Misorientation Histogram
Distribution. Nearest-neighbour pairs are shown in blue (“Correlated boundaries”)
while random neighbour pairs are in red (“Uncorrelated”) (d).
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The CCT-diagrams of Steel 1144 as represented in Conditinuous Cooling
Transformation (CCT) diagrams revealed that the phase transformation kinetics of
austenite is rather insensitive to cooling rate and therefore the formed
microstructure should be uniform through the thickness of the plate. This
assumption was tested by performing six EBSD runs on different depths. The first
map was measured 0.5 mm below the plate surface. The uniformity of the
microstructure was studied by the means of grain size, grain boundary
misorientation distribution and texture, Figure 113 a–c.
The results of the EBSD measurements were consistent with those of the-CCT
diagrams and supported the idea of uniform microstructure in the thickness
direction. The grain boundary misorientation distributions were practically
identical in thickness direction (Figure 113 a), so that microstructure contained
relatively high fraction of low angle boundaries with misorientation between 5°
and 10°, besides rather high fraction of high angle boundaries with misorientation
ranging from 50° to 60°. The grain boundary misorientation distribution resembles
to that reported for the granular bainite in Ref. [111], especially in the case of
broad range of high angle boundaries between 50° and 60°. The grain size was
determined by using 3°, 8° and 15° critical misorientation angles. As seen in
Figure 113 b, the variation in average grain size in the thickness direction is
negligible. Similarly, variation in texture, as determined as the J-index, is minor,
although at a depth of 1 mm below the plate surface, there is an slight increase in
J-texture, as seen Figure 113 c. The J-index, defined by Bunge [300] is a
commonly applied measure of fabric strength in the geological and materials
science literature. Mathematically, it is defined as the second moment of an
orientation distribution function (ODF), where an ODF is the distribution of
discrete crystal orientation data in the Euler angle space.
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a

b

c
Fig. 113. Comparison of the misorientation distribution frequency distributions for the
6 maps collected from Steel 1144 (a). Note that map 1 is closest to the edge of the
sample. Variation in mean grain size with distance from sample surface, using different
critical misorientation values to define the grain (b). Variation in texture intensity with
distance from the sample edge. The texture strength is represented by the J-index
[300] (as calculated from the ODFs). The J-index shows the strength of the texture
ranging from 1 corresponding to totally random state to infinity (c).
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8.4.13 Steel 1142 as hot rolled and heat-treated at 600°C for 1h
Representative micrographs of the microstructure of as-rolled plate are shown in
Figure 114 a-c.

a

b

c

d

Fig. 114. A general view of microstructure frequently observed in as-rolled Steel 1142
(a). Quasi-polygonal ferrite (b), granular bainite (c) and lath-like bainitic ferrite (d), as
observed in high resolution FEGSEM.

The prior austenite grain boundaries in the hot rolled sample 1142, Figure 114 a,
were less clear and can be distinguished in the microstructure as diffused lines
going from the left to the right of the micrographs. Some of the austenite grain
boundaries were eliminated during transformation by the growing ferrite.
Four different types of ferrite were distinguished within the pancaked
austenite structure; large quasi-polygonal ferrite (Figure 114 b), coarse granular
bainite (Figure 114 b), fine irregular ferrite and separated lath-like ferrite. The type
of ferrite developed within different austenite grains seems to be closely related
with the thickness of pancaked grains. This relationship is probably a direct effect
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of different amounts of accumulated strain in different austenite grains or the
different transformation kinetics of different sized pancaked austenite grains.
Large quasi-polygonal ferrite grew across the prior austenite grain boundaries
forming large grains, free from the second phase. Granular bainite formed also
large grains on one side of the austenite boundary with continuous change to more
lath-like type of ferrite. Granular bainite contained both a clear substructure and
second phases. The substructure was either granular or lath-like.
The fine irregular ferrite was concentrated around prior austenite grain
boundaries in thin pancaked grains or deformation bands forming necklace
structure. Finally, lath-like ferrite formed occasionally as separated elongated
grains or small packets of fine laths.
The mixture of coarse quasi-polygonal ferrite and granular bainite with fine
irregular and some lath-like ferrite is clearly seen in the EBSD orientation
micrographs in Figure 115 a-c. The grain boundary misorientation distribution in
Figure 115 d shows a very similar type of distribution as seen in 1144.

a

b

Fig. 115.
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c

d
Fig. 115. EBSD grain boundary map with high (a) and low magnification (b). Orientation
map of same area than c (d). Grain boundary misorientation distribution (d).

Grain size distribution of Steel 1142 determined by EBSD is represented in Figure 116.
The microstructure is characterized by fine domains of ferrite grains ranging from 1-6
μm, as calculated by using 15° misorientation angle as the critical angle. Cumulative
fraction distribution revealed that 90% of grains were finer than 10 μm. The average
ferrite grain size at 15° boundary misorientation was 5.15 μm.
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Fig. 116. The grain size distribution of Steel 1142 in as-rolled condition. 15°
misorientation angle was applied to determine the grain size. The cumulative fraction
distribution is also included in the figure.

The second phase was MA. The volume fraction and the shape of MA islands was
closely related to the type of the surrounding ferrite matrix which can, in turn, be
related to the transformation temperature. The quasi-polygonal ferrite was free
from the second phase. Granular bainite contained fine MA islands of low volume
fraction. High volume fraction of coarser MA islands formed between fine
irregular ferrite grains.
As heat-treated at 600°C
Representative micrographs of the heat-treated sample 1142 are shown in Figure
117 a-d.
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a

b

c

d

Fig. 117. A general view of microstructure frequently observed in heat-treated Steel
1142 (a). Granular bainite with a small fraction of quasi-polygonal ferrite(b), granular
bainite (c) and lath-like bainitic ferrite (d), as observed in high resolution FEGSEM.

Heating at 600°C for 1 hour leads to little change in the overall ferrite
microstructure. It was noticed, however, that the fraction of fine grains has slightly
increased. A similar rearrangement applies probably to all sub-boundaries as some
of them disappeared and the remainder were sharper and responded more readily
to etching. The average grain size decreased to below 5 μm.
A clear effect was exerted on the second phase. The MA islands, which were
predominantly martensitic after quenching have transformed to mixture of ferrite
and cementite rendering the microstructure typical of the tempered martensite in
micro-scale.
Some small MA islands within granular bainite have transformed to cementite
forming strings of small particles delineating previous sub-boundaries. Others
were probably more enriched in carbon and thus were more resistant to heating
and were still in the form of MA debris. Precipitation strengthening particles were
clearly seen in the ferrite matrix.

240

The as-hot rolled material 1142 has mainly a irregularly shaped ferrite grain
structure with occasional lath-like grains as imaged in Figure 114. The heat-treated
sample 1142, has the same ferrite structure but the secondary phase has been
tempered as can be seen in Figure 117.

a

c

b

d

Fig. 118. Orientation maps of heat-treated specimen 1142 showing high angle
boundaries highlighted as black (>15°) and low angle boundaries as white (2°-15°). A
map at high magnification (a) An orientation grain boundary map taken at “low”
magnification. High angle boundaries marked as black line and low angle boundaries
as grey (b). Orientation map of the same are than in b with high angle boundaries
highlighted as black (c). The grain boundary misorientation distribution from the area
presented in b and c (d).

The grain size distribution of heat-treated Steel 1142 is given in Figure 119.
Similar to its as-rolled counterpart, heat-treated specimen contained a high fraction
of fine ferrite domains ranging from 1 to 6 μm, besides some coarse grains up to
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20 μm. The cumulative fraction distribution revealed that 90% of grains were finer
than 9 μm.

Fig. 119. The grain size distribution of Steel 1142 in heat-treated condition. 15°
misorientation angle was applied to determine the grain size. The cumulative fraction
distribution showed that 90% grain are smaller than 9 μm.

TEM study of as-rolled and heat-treated steel 1142
The TEM micrograph in Figure 120 a shows the microstructure of Steel 1142 in
as-rolled condition, where some lath-like grains can be seen at the bottom of the
image and some granular MA islands are present at the centre and to the right. In
Figure 120 b, a tempered island of the second phase in the heat- treated material is
shown. In the heat-treated material the dislocation density appears to be somewhat
higher than that in the as-rolled material.
At higher magnification nano-sized particles can be seen in the ferrite grains
in the as-rolled material as well as in the heat-treated material, Figure 120 c and d.
However, in as-rolled material, the particle structure was not uniform throughout
the matrix, whereas in heat-treated specimen, particles were more uniformly
distributed. The average particle size is about 3.0 nm in the as-rolled material and
3.6 nm in the heat-treated material. The particle size distribution for heat-treated
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specimen is given in Figure 121, which indicates that a majority of the particles are
finer than 6 nm.

a

b

c

d

Fig. 120. TEM micrographs of Steel 1142 in as-rolled (a) and heat-treated condition (b).
Nano-sized particles are seen in both as-rolled (c) and heat-treated (d) materials,
respectively.
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Fig. 121. The precipitate size distribution in heat-treated Steel 1142.

8.4.14 Steel 1143 as hot rolled
The FEG-SEM images of the microstructure of Steel 1143 are presented in Figure
122. As compared to its lower C counterparts (Steel 1144 and 1142), the following
differences can be detected: i) the prior austenite grain boundaries is more clearly
detectable, although the structure is not completely preserved. ii) The fraction of
secondary MA microcontituents is clearly higher and their size is coarser. The
coarsest MA’s were of several micrometers. iii) The lath like ferrite structure is
more clearly present in the structure. The microstructure was classified as granular
bainitic ferrite and bainitic ferrite. Occasionally small fraction of quasi-polygonal
ferrite was detected too.
As discussed earlier, due to non-uniformity of austenite grain structure, the
varying sizes of austenite grains and different degrees of retained deformation
seem to have a tendency to decompose in different ways. Fine austenite grains
with high degree of pancaking or flattening have a tendency to transform into
granular bainite, whereas coarser and thicker austenite grains seem to decompose
to bainitic ferrite. This relationship is probably a direct effect of different amounts
of accumulated strains in different austenite grains or the different transformation
kinetics in pancaked austenite grains of different sizes.
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a

b

c

d

Fig. 122. A general view of microstructure of Steel 1143 (a). Mixture of granular bainitic
ferrite and bainitic ferrite formed in two different austenite grains (b). Fine grained
granular bainitic ferrite (c). Bainitic ferrite (d).

EBSD measurements revealed an irregular ferrite-like structure with bimodal grain
size distribution. Further, a clear low angle boundary structure detected inside the
ferrite grains, Figure 123 a. The MA microconstituents can be also detected from
the band contrast map, Figure 123 b. The darker areas are the MA
microconstituents. The contrast is poor due to low pattern quality of martensite.
The grain boundary misorientation distribution did not essentially differ from
those detected for Steels 1142 and 1144. A high fraction of low angle boundaries
between misorientation 5° to 10° and a broad peak of high angle boundaries
ranging form 50° to 60°, were the typical features as seen in Figure 123 c. The
grain size distribution is represented in Figure 123 d.
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a

b

Fig. 123.
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c

d
Fig. 123. Orientation Map using an inverse pole figure (IPF) colouring scheme for the
rolling direction (a). The colours are superimposed over the band contrast map.
Boundaries are coloured in grey (1.5-15°) and black (>15°) (b). Boundary Misorientation
Histogram Distribution. Nearest-neighbour pairs are shown in blue (“Correlated
boundaries”), while random neighbour pairs are in red (“Uncorrelated”)(c). Grain size
histogram based on different critical misorientation values (d).

An EBSD measurement at relatively high magnification was performed in order to
study the distribution of other phases such as austenite and cementite (Fe3C).
EBSD revealed some small austenite domains inside MA microconstituents.
However these domains were often sized of few pixels only. A larger domain of
austenite was observed in the upper side of Figure 124 a, but still its size was less
than 1 μm. Cementite (Fe3C) was also selected for indexing, but none was found
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in this area. The grain boundary misorientation distribution is shown in Figure 124
b, which is quite typical of those determined for the quasi-polygonal and granular
bainitic microstructures, indicating that this dataset was collected from
quasi-polygonal/granular bainitic ferrite area.

a

b
Fig. 124. Phase distribution map showing the location of a small grain of retained
austenite (blue). Although cementite (Fe3C) was also selected for indexing, none was
found

in

this

area

(a).

Boundary

Misorientation

Histogram

Distribution.

Nearest-neighbour pairs are shown in blue (“Correlated boundaries”), while random
neighbour pairs are shown in red (“Uncorrelated”) (d).

A dataset was collected using a lower accelerating voltage in order to improve the
spatial resolution, especially for analysing the high carbon content areas (i.e. MA
microconstituents). Unfortunately the very low beam current (probably <1nA)
meant that the speed was quite limited and the EBSP quality was relatively poor
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inside the ferrite, Figure 125 a. The fraction of non-index points inside the MA
microconstituent is high, but still fine ferrite laths (i.e. martensite laths or plates)
are discerned inside the MA’s, Figure 125 b. The local misorientation map, as seen
in Figure 125 c, shows that there are no significant local misorientations associated
in the vicinity of MA microconstituents.

a

b
Fig. 125.
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c
Fig. 125. The EBSP Quality - Band Contrast Map. The darker regions are MA microconstituents (a). Orientation Map, using an inverse pole figure (IPF) colouring scheme
for the rolling direction (right). The colours are superimposed over the band contrast
map. Boundaries are coloured in grey (1.5-15°) and black (>15°) (b). Local
Misorientation map, showing the variation of local lattice strain on a 3x3 grid around
each pixel. Brighter colours indicate more local orientation variations in the crystal
lattice orientation (c).

8.4.15 Quantitative microstructural characterization of steels 1142,
1143 and 1144
Steel 1142, 1143 and 1144 were subjected to quantitative microstructural analysis
utilizing EBSD and novel EBSD-IQ [301] technique. The complete results are
reported in Ref. [302]. Figure 126 is a graphical summarisation of the influence of
C on the microstructural characteristics of the investigated steels. At the lowest C
content the main ferrite morphology is quasi-polygonal ferrite with a faction of
66%, the granular bainitic ferrite fraction being roughly 24%. The fraction of carbon enriched secondary microconstituents (C-ESM), i.e., MA microconstituents,
is therefore about 9%. With increasing C content, the fraction of quasi-polygonal
ferrite is reduced and this is consequently attributed to an increase in the fractions
of granular bainitic ferrite and bainitic ferrite. As a natural consequence of increasing C content, also the fraction of C-ESM’s tends to increase. In 0.043C steel, QF
is no longer the main ferrite morphology, but the microstructure is dominated by
granular bainitic ferrite and bainitic ferrite. The volume fraction of C-ESM’s is
now increased beyond 20%, Figure 126 a. The fraction of C-ESM’s was also determined by the point counting method. The results were in line with the fraction
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determined by EBSD-IQ, although EBSD-IQ gave consistently somewhat higher
fractions than the point counting method, as seen in Figure 126. Influence of C on
(a) the volume fraction of various ferrite morphologies and (b) the crystallographic
packet and C-ESM size [302].
The average effective grain size (dcp) and the effective grain size fraction
coarser than 95% of all grains sizes (dcp95%) were slightly refined with increasing
C content (Figure 126 b), which is consistent with lower phase transformation
temperatures in higher C steels. On the other hand, maximum effective grain size
(dmax) size is quite significantly increased with C content. This can be attributed to
the local elimination of QF (often in coarse γ grains) and transformation of these γ
grains into a fully granular bainitic ferrite and bainitic ferrite structures
characterized by a rather coarse dcp. The sizes of both the average and the coarsest
C-ESM’s increase with C content. In 0.043C steel the maximum size of C-ESM’s
can reach several micrometers, whereas in 0.011C steels, both average and
maximum sizes are limited.

a

b

Fig. 126. Influence of C on (a) the volume fraction of various ferrite morphologies and
(b) the crystallographic packet and C-ESM size [302].

8.4.16 Steel 1147 as hot rolled
Representative micrographs of the microstructure in this plate are shown in Figure
127 a-d.
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a

b

Fig. 127.
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c

d
Fig. 127. Typical representative microstructure of Steel 1147 as observed in a FEG-SEM
(a). Completely preserved austenite grain structure (b). Coarse elongated MA
microconstituents located at prior austenite grain boundaries (c). An elongated MA
microconstituent (d).

It can be seen from Figure 127 a and b that the microstructure of this plate was
composed of coarser and finer bands delineating elongated, non-recrystallized
prior austenite grains. The prior austenite grain boundaries were in many areas
decorated by white particles of the second phase. Thin and extremely elongated
austenite grains were also observed in some areas between the coarse lens-like
austenite grains.
The prior austenite grain boundaries were not eliminated by transformation to
ferrite. This observation suggests that a polymorphic transformation mechanism
other than reconstructive transformation was operative during nucleation and
growth of the ferrite products within the pancaked austenite grains.
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The microstructure formed within the bands was composed of huge “massive”
ferrite grains with irregular grain boundaries. The EBSD data revealed that the
massive ferrite grains extended over large distances (~50 μm) filling the whole
space of the coarse pancaked grains between their boundaries. Thinner pancakes
were transformed to finer irregular type of ferrite.
The term “massive” is used here to emphasize the scale of ferrite grains.
However, some similarity to the massive transformation can be made. According
to literature data, interstitial or substitutional atom partitioning may occur at the
migrating interfaces causing irregular growth and jagged boundaries of massive
ferrite crystals [5]. Massive ferrite was found to contain a high dislocation density,
dislocation sub-boundaries and also MA constituents. The huge ferrite grains in
the investigated plate can not be classified as quasi-polygonal ferrite as they did
not cross grain boundaries. They show rather a subunit type of morphology. The
growth of subunits from austenite grain boundaries is typical for bainitic ferrite,
which suggests that the whole microstructure should be classified as granular
bainite.
These massive ferrite grains contained a clear substructure formed either as
granular sub-grains or lath-like sub-grains. The tendency towards formation of
lath-like morphology of substructure was more extensive in the thicker prior
austenite grains. The sub-laths were ordered in sub-packets and were usually
oriented at about 40-60° to the rolling direction. A closer look at the sub-grains
reveals that there is a second level of substructure within sub-grains. This
“sub-substructure” was, once again, either granular or lath-like. Coarse MA
microconstituents were occasionally located at the prior austenite grains
boundaries as shown in Figure 127 c.
The distribution of boundary misorientations in as-rolled specimen 1147 have
been characterised by the EBSD technique at two different magnifications in order
to reliably distinguish between the different types of sub-boundaries. Figure 128
a-d compares the grain and subgrain structures in the investigated plates and
Figure 129 shows the grain size distribution.
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a

b

Fig. 128.
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c

d
Fig. 128. Orientation maps of Steel 1147 in as-rolled condition. Map with high angle
boundaries (>15°) highlighted as black (a). Grain boundaries in the same area than in
(a) but low angle boundaries (2–15°) highlighted as grey (b). A “high” magnification
orientation map with high angle boundaries highlighted as black and low angle
boundaries as white (2°–15°) (c). The grain boundary misorientation distribution
extracted from the areas presented in b and c (d).
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Fig. 129. The grains size distribution of Steel 1147 as calculated by using 15°
misorientation as the critical angle that determines the grains.

8.4.17 Steel 1148 as hot rolled and heat-treated at 600°C for 1h
Representative micrographs of the microstructure in Steel 1148 are shown in
Figure 130 a-d. A detailed summary of the ferrite morphology and the type and
distribution of second phases and substructure as revealed by EBSD is shown in
Figure 131 a-d.
The microstructure of Steel 1148 was found to be similar to that of 1142
described above when comparing Figure 130 a and Figure 114 a. The prior
austenite grain boundaries were, however, somewhat sharper with less
quasi-polygonal ferrite across them, Figure 130 b. As the prior austenite grain
boundaries were partially present in the microstructure, coarse MA
microconstituents were observed to be located at these boundaries, Figure 130 c.
The general ferrite grain structure was also somewhat finer with a higher volume
fraction of lath-like morphology, as shown in Figure 130 d, when compared to that
of Steel 1142.
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Fig. 130. A typical microstructure commonly seen in as-rolled Steel 1148 (a). A bimodal
distribution of ferritic grains (b). Coarse MA microconstituents located at prior
austenite grain boundaries (c). Bainitic ferrite nucleating from prior austenite grain
boundaries (d).

The main ferrite components were, once again, coarse quasi-polygonal ferrite and
granular bainite with finer irregular ferrite and lath-like ferrite that was classified
as bainitic ferrite. Irregular substructure was observed in the quasi-polygonal
ferrite but lath-like substructure in granular ferrite. The mixed ferrite
microstructure of this specimen is shown in the EBSD orientation micrographs in
Figure 131 a-c. The local preservation of prior austenite structure is clearly
detected in Figure 131 a. In addition, some occasional MA microconstituents (dark
areas) can be seen on the prior austenite grain boundaries. In Figure 131 b and c,
the grain boundary structure maps reveal a bimodal grain size distribution, which
resembles closely those observed in Steels 1142 and 1144. Similarly, a rather dense
and well-developed sub-grain structure was observed inside the grains outlined by
the high angle boundaries. The grain boundary orientation distribution shows that
majority of grain boundaries are low angle boundaries 5° to 10°. The high angle
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boundaries are located in the misorientation range of 50-60° with peak
approximately at 58°

a

b
Fig. 131.
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d
Fig. 131. Orientation maps of as-rolled specimen 1148. Map with high angle boundaries
highlighted as black (>15°) (a). Grain boundaries in the same area as shown in (a) but
with low angle boundaries highlighted as grey (b). A high magnification orientation
map with high angle boundaries highlighted as black and low angle boundary as white
(2°-15°) (c). The grain boundary misorientation distribution extracted from the areas
presented in b and c (d).
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The ferrite grain size distribution is presented in Figure 132. The average ferrite
grain size at 15° boundary misorientation was 4.85 μm, but the non-uniformity of
grain size distribution is clearly detectable. The majority of grains are in the range
of 1-5 μm, but coarse grains in the range 10-20 μm also exist. The cumulative
grain size distribution shows that 90% grains are finer than 7 μm.

Fig. 132. The grain size distribution for the as-rolled Steel 1148.

Based on the FEG-SEM and EBSD observations the following sequence of the
microstructure development can be proposed. Austenite starts to transform to
quasi-polygonal ferrite at the early stage of cooling and then with increasing
carbon content in austenite the tendency of producing lath-like substructure is
increased. This leads to the formation of granular bainite, and finally lath-like
bainitic ferrite starts to form at the interface when the temperature becomes low
enough. The dominating second phase was MA distributed inside granular bainite
and on the grain/laths/boundaries in fine ferrite and lath-like ferrite.
Steel 1148 as heat-treated at 600°C
Representative micrographs of the heat-treated sample 1148 are shown in Figure
133 a-d.

261

a

b

c

d

Fig. 133. A general view of the microstructure frequently observed in heat-treated Steel
1148 (a). Coarse sphere-like carbide precipitation throughout the matrix (b) sphere-like
carbides distribution inside (bainitic) ferrite matrix (c), MA microconstituents after heat
treatment (d).

The general view of heat-treated steel shows that the structure of matrix is not
significantly altered, Figure 133 a. The most significant change is the precipitation
of coarse sphere-like carbides inside the (ferrite matrix. Particles are most likely
Fe3C. Heating at 600°C for 1 hour produced a tempering effect of larger MA
islands and a complete transformation of smaller MA’s to cementite. In most cases
there was no connection between cementite particles and the substructure. This
suggests that the sub-boundaries with the lowest misorientations were eliminated
by the heat treatment. Although the coarse MA islands seem to undergo
considerable tempering, but martensite structure is still present clearly.
The EBSD orientation map in Figure 134 a shows that the substructure is still
present after the heat treatment. An interesting feature in Figure 134 a is that there
are groups of extremely fine grains, which are most likely tempered MA
microconstituents, which in as-rolled specimen appeared as dark areas, since
SEM-EBSD system was not able to properly index these areas. Now, after
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tempering, when the C supersaturation of martensite is relieved and high
dislocation density is decreased, these areas are more easily detected by the EBSD.
The grain boundary map in Figure 134 b and c shows the bimodal grain structure
and a well-developed subgrain structure. The grain boundary misorientation
distribution was quite similar to that observed for the as-rolled specimen, Figure
134 d.

a

b
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Fig. 134. Orientation maps of heat-treated specimen 1148 with high angle boundaries
highlighted as black (>15°) and low angle boundary as white (2°-15°). A hig”
magnification picture (a). An orientation grain boundary map taken at relatively low
magnification. High angle boundaries marked as black line and low angle boundaries
as grey (b). Orientation map of the map in b with high angle boundaries highlighted as
black (c). The grain boundary misorientation distribution from the area presented in b
and c (d).
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The grain size distribution of Steel 1148 in the heat-treated condition is shown in
Figure 135. The grain size distribution complies with the distribution determined
for the as-rolled specimen, as comparing the fraction of fine and coarse grains and
the average grain size.

Fig. 135. The grain distribution of heat-treated Steel 1148 as calculated by using 15°
misorientation angle.

8.4.18 Steel 1183 as-rolled and heat- treated condition
Representative FEG-SEM micrographs and EBSD orientation imaging
micrographs of the microstructure in Steel 1183 are shown in Figure 136 a-d and
Figure 137 a-d, respectively.
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Fig. 136. A typical microstructure of as-rolled steel 1183 (a). Well preserved prior
austenite grain boundaries (b). Lath-like ferrite with MA’s between the laths, a typical
structure for bainitic ferrite (c). Occasionally detected granular MA’s (d).

Steel 1183 was characterized by a completely different microstructure than
observed previously for Steels 1142-144 and Steel 1148, as shown in from Figure
136 a. The pancaked austenite grain boundaries were clearly seen in the
microstructure as almost continuous straight lines, Figure 136 b. Only few ferrite
grains grew across the austenite grains eliminating the grain boundaries.
As seen from these figures, the microstructure of this plate was dominated by
lath-like ferrite morphology. In some pancaked austenite grains, the ferrite laths
formed long parallel sheaves extending between two adjacent prior austenite grain
boundaries, Figure 136 c. In other areas the ferrite laths were arranged in smaller
packets. Fine irregular ferrite grains were also observed in these areas.
The second main microstructure constituent was granular bainitic ferrite,
Figure 136 d. Granular bainitic ferrite formed either as separated huge grains
extending through the whole prior austenite pancaked grains or smaller grains
distributed between packets of the lath-like bainite. Some separated, smaller
quasi-polygonal ferrite grains were also preserved, predominantly at the prior
austenite grain boundaries.
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The EBSD orientation micrographs acquired at low and high magnifications,
shown in Figure 137 a-c, show the overall ferrite microstructure as well as the
internal substructures of lath-like and irregular ferrites. The formation of lath-like
ferrite morphology is clearly seen in this figure. Lath-like ferrite crystals grow
with an almost uniform orientation inside coarser pancake austenite grains. They
have a very fine internal substructure consisting of sub-grains and areas with
continuous contrast changes suggesting a high dislocation density. Granular
bainite had more diffused lath-like substructure and in some areas, even granular
substructure. The distribution of boundary misorientations shown in Figure 137 d
revealed that the number of low angle boundaries with misorientation below 15°
was approximately the same as the number of high angle boundaries with high
misorientations.

a

b
Fig. 137.
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Fig. 137. Orientation maps of as-rolled specimen 1183 with high angle boundaries
highlighted as black (>15°) and low angle boundary as white (2°-15°). A view of high
magnification (a) An orientation grain boundary map taken at low magnification. High
angle boundaries marked as black line and low angle boundaries as grey (b).
Orientation map of the same map as in b with high angle boundaries highlighted as
black (c). The grain boundary misorientation distribution from the areas presented in b
and c (d).
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The second phase was exclusively MA. No cementite particles were found in the
microstructure. The MA islands were distributed on lath boundaries in lath-like
bainite and inside the grains in granular bainitic ferrite.
The lath-like bainite with the second phase distributed on lath boundaries is
classified as upper bainite. However, bainite, according to the definition, is an
eutectoid structure, i.e. mixture of ferrite and cementite. The formation of MA
instead of cementite on lath boundaries is not a eutectoid structure. Therefore, the
lath-like ferrite with intralath MA is termed here as bainitic ferrite. This type of
upper bainite is a product of incomplete transformation in which the residual
austenite remains untransformed or transforms completely or partially to
martensite after end of the bainitic ferrite reaction.
The grain size distribution was quite narrow. The majority of grains are in the
range of 1-4 μm, but still few grains of nearly 20 μm are still present. Cumulative
grain size distribution showed that 90% of grains were finer than 6 μm. The
average ferrite grain size at 15° boundary misorientation was 3.15 μm, Figure 138.

Fig. 138. The ferrite grains size distribution of as-rolled steel 1183. The misorientation
angle for the grain size calculation is 15°.

Steel 1183 as heat-treated at 600°C/1h
The microstructure of the heat-treated sample 1183 is shown in Figure 139 a-d.

269

a

b
Fig. 139.

270

c

d
Fig. 139. Typical tempered microstructure frequently observed in the heat-treated steel
1183 (a). The prior austenite structure is not completely preserved (b). Bainitic ferrite
with spherical cementite at the vicinity of prior MA microconstituents (c). Tempered
granular bainitic ferrite structure with coarse spherical cementite inside the ferrite and
some finer particles located as grain boundaries and at the periphery of MA
microconstituents (d).

The general ferrite microstructure was not changed by heating at 600°C for 1 hour,
Figure 139 a. The as-hot rolled Steel 1183 has a mainly lath-like ferrite grain
structure with occasional irregular grains as displayed in Figure 136 a-d. The Steel
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1183 in heat-treated condition has the same ferrite structure but the secondary
phase has disappeared and, instead, carbides formed on lath boundaries, as can be
seen in Figure 139 b-d.
According to the EBSD data some subgrain boundaries were eliminated in the
granular bainitic ferrite. The microstructure of bainitic ferrite was quite resistant to
heating as the initial misorientation between the laths is typically high. The
average ferrite grain size at 15° misorientation was at the same level as in as-rolled
condition, Figure 140. Approximately 90% of grains were smaller than 6 μm, as
can be seen from cumulative fraction in Figure 140.

Fig. 140. Grain size misorientation distribution for the heat-treated Steel 1183.

Heat treatment transformed all the MA microconstituents to cementite. The
elongated MA islands on lath boundaries decomposed to small, round or elongated
cementite particles. Larger MA islands formed strings of small particles with fine
ferrite, Figure 139 c. In the fine irregular ferrite areas some cementite strings were
formed on grain boundaries.
8.4.19 Steel 1183 in TEM
The TEM micrographs in Figure 141 a-c show typical lath-like ferrite grains in
as-rolled and heat-treated specimens. The phases decorating the lath boundaries in
the heat-treated material can clearly be seen as brightly coloured bands on the lath
boundaries.
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No particles could be seen in the as-rolled material (Figure 141 c), but in the
heat-treated material nano-sized particles have formed, as shown in Figure 141 d.
The size distribution of the particles can be seen in Figure 142. It has a clear peak
at 3 nm and the maximum particle size is 8 nm. The average particle size is 3.9 nm
and 90 % precipitates are finer than 6 nm.

b

a

c

d

Fig. 141. TEM micrographs of lath-like grains in the as-rolled (a) and heat-treated (b)
Steel 1183. In (c) a higher magnification picture of Steel 1183 in as-rolled condition is
shown and in (d) the nano-sized particles of heat-treated specimen.
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Fig. 142. The precipitate size distribution of heat-treated Steel 1183.

8.4.20 Steel 1184 as-rolled and heat-treated
Representative micrographs of the bulk microstructure for Steel 1184 in as-rolled
condition are shown in Figure 143 a-c.
The grain boundaries of pancaked austenite were sharper in this steel as
compared to that of 1183 with almost no ferrite grains crossing the pancaked
boundaries. The microstructure of this plate consisted almost exclusively of
bainitic ferrite. Granular bainitic ferrite was observed predominantly at prior
austenite grain boundaries and was typically followed by formation of bainitic
ferrite. It seems that both granular and upper bainites follow the same sequence of
two-step transformation: i) the formation of ferrite laths and ii) the subsequent
decomposition of carbon enriched retained austenite. The carbon-enriched
austenite decomposes to a mixture of martensite and austenite (MA). The sub-laths
in granular ferrite were consistently wider and the residual MA islands coarser and
more “granular” than those of lath-like bainite. This is a typical effect of the
transformation at higher temperatures.
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Fig. 143. A general view of the microstructure formed in as-rolled Steel 1184 (a). Sharp
austenite grain boundary structure with bainitic ferrite inside the austenite grains (b).
Grain boundary MA microconstituents (c). Bainitic ferrite (d).
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Fig. 144.
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Fig. 144. Orientation maps of as-rolled specimen 1184 with high angle boundaries
highlighted as black (>15°) and low angle boundary as white (2°-15°). A high
magnification image (a). An orientation grain boundary map taken at low magnification.
High angle boundaries marked as black line and low angle boundaries as grey (b).
Orientation map of the same image as b with high angle boundaries highlighted as
black (c). The grain boundary misorientation distribution from the areas presented in b
and c (d).
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The characteristic feature of granular bainitic structure was globular morphology
of dispersed island of MA in a relatively lath-less ferritic matrix. Bainitic ferrite
was composed of elongated MA islands on lath boundaries. Some of the ferrite
laths were not developed completely and were filled with small irregular grains
with MA on their boundaries. Some lower bainite with intralath carbides were also
observed in this microstructure.

Fig. 145. The grain size distribution of as-rolled Steel 1184.

Steel 1184 as heat-treated at 600°C
Typical microstructure of the heat-treated Steel 1184, as observed in FEG-SEM is
shown in Figure 146 a-c. Well-developed and fine cementite particles, evenly
distributed on the lath boundaries, were the characteristic feature of the
heat-treated Steel 1184. The formation of fine cementite particles is directly
related to the fine scale of lath-like bainite microstructure in the hot rolled and
water cooled plate, which limits the carbon enrichment in MA constituents.
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Fig. 146.
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Fig. 146. Typical structure of heat-treated Steel 1184 (a). Bainitic ferrite with coarse
spheridiozed cementite (b). Decomposition of MA microconstituents into spherical and
filament-like cementite (c) and (d), respectively.

280

a

b
Fig. 147.

281

c

d

d
Fig. 147. Orientation maps of heat-treated specimen 1184 with high angle boundaries
highlighted as black (>15°) and low angle boundary as white (2°-15°). A high
magnification image (a). An orientation grain boundary map taken at low magnification.
High angle boundaries marked as black (b). Orientation map of the same image than in
b with high angle boundaries highlighted as black (c). The grain boundary
misorientation distribution from the areas presented in b and c (d).
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Fig. 148. Grain size distribution of heat-treated Steel 1184. Grain size is determined by
selecting a critical misorientation greater than 15°.

8.4.21 Steel 1170 in as-rolled condition
A representative microstructure of Steel 1170 in as-rolled condition is shown in
Figure 149 a. The dominating ferrite morphology in the microstructure was
polygonal ferrite (Figure 149 d) whose grain size was estimated to be ~10 μm by
the mean linear intercept method. The existence of polygonal ferrite was observed
to be present with the rather uniformly distributed second phase microconstituents,
which were found to consist of classical upper and lower bainite and sometimes
even auto-tempered martensite, Figure 149 b and c. The fraction of secondary
microconstituent was evaluated to be ~20-25% by using the point counting
method.
The formation of dual-phase structure consisting of polygonal ferrite with
secondary microconstituents in Steel 1170 is in good agreement with its CCT
diagram, which exhibits a pronounced polygonal ferrite field up to the cooling rate
of 24°C/s. Polygonal ferrite field was followed by the lower phase transformation
temperature field, where the carbon enriched residual austenite transformed into
classical bainites and martensite. The CCT diagram of Steel 1170 is represented in
section Continuous Cooling Transformation (CCT) diagrams.
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Fig. 149. A representative microstructure of Steel 1170 in TMCP-ACC condition as
observed in FEG-SEM (a), polygonal ferrite grains with secondary microcontituents
consisting of classical upper and lower bainite and martensite (b) and (c) a polygonal
ferrite grain (d).

The SEM-EBSD measurements supported the microstructure characterization in
FEG-SEM. As detected from the Figure 150 a, the polygonal ferrite grains are
practically free of low angle boundaries (i.e. boundaries with misorientations
between 2.5–15°), although some scattered low angle boundaries were
occasionally detected inside polygonal ferrite grains. The areas with dense
distribution of low angle boundaries were attributed to presence of the secondary
microconstituents, which are highly expectable, because bainite and martensite are
well-known to contain a large fraction of low angle boundaries as well.
The grain size map, as constructed by using 15° misorientation as the angle
that defines the “grain”, is shown in Figure 150 b. It is in agreement with the mean
linear intercept method measurements of 10 μm average grain size.
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b
Fig. 150. The grain boundary misorientation in Steel 1170. Red lines are for the
misorientation between 2.5°-15°, white lines stand for the misorientations greater than
15° (a). The grain size map as determined by using 15° misorientation angle (b).

8.4.22 Steel 1171 in as-rolled condition
The microstructure of 0.052Nb-containing Steel 1171 was characterized by a
completely different microstructure compared to that observed in Steel 1170. The
main ferrite morphologies were classified as granular bainitic ferrite,(Figure 151
a) and as quasi-polygonal ferrite (Figure 151 b). The granular bainitic ferrite was
characterized by the irregular-shaped ferrite with granular-shaped MA
microconstituents distributed inside the ferrite. The prior austenite grain structure
was partially preserved (Figure 151 c).
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Quasi-polygonal ferrite is characterized by essentially irregular-shaped ferrite
than that in granular bainitic ferrite. A typical feature of quasi-polygonal ferrite is
the lack of secondary phase microconstituent inside the ferrite (Figure 151 d).
Another typical feature of the quasi-polygonal ferrite is the lack of prior austenite
grain boundaries in the structure, as seen in Figure 151 b and d.
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Fig. 151. Granular bainitic ferrite (a) and (c) and quasi-polygonal ferrite (b) and (d) in
Steel 1171.

As detected in Figure 152 a, the microstructure of Steel 1171 is not only
characterized by fine grain size as defined by the high angle boundaries, but also
by the relatively dense distribution of substructure determined by the low angle
boundaries. The average grain size was determined by using the misorientation
angle of 15°, that yielded to an average equivalent circle diameter (ECD) of 6.0
μm. The grain size was fine, although some coarse grain were also observed, as
shown in Figure 152 b.
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b
Fig. 152. SEM-EBSD grain boundary distribution in Steel 1171 with misorientation
greater than 2.5° (a) and with misorientation higher than 15° (b). Red lines indicate
2.5-15° misorientations, white lines represents misorientations greater than 15°.

8.4.23 Steel 1172 in as-rolled condition
The microstructure of Steel 1172 (containing 0.094Nb) resembled essentially the
microstructure observed in Steel 1171. This is easily detected by comparing Figure
153 a-c with Figure 151 a-d. The main ferrite morphologies were quasi-polygonal
ferrite (Figure 153 b) and granular bainitic ferrite (Figure 153 b). However, as a
small anomaly to Steel 1171, small fractions of bainitic ferrite (or degenerated
upper bainite) were locally detected in Steel 1172, Figure 153 d.
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Fig. 153. A general view of the representative microstructure in Steel 1172 as observed
by FEG-SEM (a) quasi-polygonal ferrite (b), granular bainitic ferrite (c) and bainitic
ferrite (d).

The formation of similar microstructures in Steel 1171 and Steel 1172 is in good
agreement with their CTT diagrams that indicated a similar phase transformation
temperature range between the cooling rates from 12°C to 48°C/s for both steels.
The microstructure of Steel 1172 was characterized by a fine grain size as defined
by the high angle boundaries and also by the relatively dense distribution of
substructure determined by the low angle boundaries. This is clearly detected in
Figure 154 a. The average grain size was determined by the EBSD using a
misorientation angle of 15° as the critical angle for detection of grains. This
yielded an average ECD grain size of 5.6 μm. Some coarse grains were detected
among the fine grains in Steel 1172, as seen in Figure 154 b. This was a similar
observation as in the case of Steel 1171.
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Fig. 154. SEM-EBSD grain size distribution in Steel 1172 with misorientation greater
than 2° (a) and with misorientation higher than 15° (a). Red lines indicate 2-15°
misorientations, white lines are for misorientations greater than 15°.

The structure of precipitates in Steel 1172 was examined by using carbon
extraction replicas in TEM. Coarse precipitates (sized from 50 nm to 100 nm)
comprising mainly of Ti (70-90 wt-%) and Nb (10-30 wt-%) were frequently
observed, (Figure 155 a and b) and it was concluded that these particles were
(Ti,Nb)xCy. Occasionally, disc-like NbTi precipitates sized between 20-50 nm
were found, Figure 155 d. It is clear that such coarse precipitates cannot have any
substantial influence on the strength [79].
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Fig. 155. Coarse (Ti,Nb)xCy in (a and () with a typical EDS spectrum (c). Disc-like
precipitates sized about 20-50 nm (d). The scale bar length in (a), (b) and (d) is 100 nm.

Precipitates that are capable of imparting pronounced strengthening should be
fine, generally of the order of 10 nm or less. Most of the TEM fields investigated
were practically free of these fine precipitates, Figure 156 a. However, in some
fields, small precipitates were observed, Figure 156 b. The size of these
precipitates was in the range of 3-10 nm, which indicates their capability for
precipitation strengthening [79].
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Fig. 156. A typical precipitate free replica field (a). A replica field occupied by fine
precipitates of size less than 10 nm (b). The scale bar length is 100 nm.

8.4.24 Steels 1173 in as-rolled condition
A representative view of Steel 1173 is given in Figure 157 a. The microstructure
was classified as quasi-polygonal ferrite with significant fractions of granular
bainitic ferrite. Preservation of prior austenite grain boundaries was not obvious,
although their sites can be deduced rather easily in the granular bainitic ferrite
dominated areas. Interestingly, some quasi-polygonal crystals contained secondary
microconstituents that are seen as holes in quasi-polygonal ferrite grains, Figure
157 b. Granular bainitic ferrite contained secondary MA microconstituents sized
typically in the range 0.5-3.0 μm. In quasi-polygonal ferrite dominated areas or
highly deformed austenite grains, the granular shaped MA microconstituents were
connected by grain boundaries as revealed by etching (Figure 157 c and d). On the
other hand, the areas populated by granular bainite without significant fraction of
quasi-polygonal ferrite and/or inadequately deformed austenite grains, the
boundaries were not so obvious.
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Fig. 157. Typical quasi-polygonal- granular bainitic ferrite microstructure frequently
seen in as-rolled Steel 1173 (a). Quasi-polygonal ferrite containing fine secondary
islands (b). Granular bainitic ferrite in the quasi-polygonal ferrite dominated areas (c)
and (d).

8.4.25 Steels 1176 and 1177
Typical microstructures as observed in FEG-SEM for Steel 1176 are shown in
Figure 158 a and c and for Steel 1177 in Figure 158 b and d. Both steels contain
(high) 0.6wt-% of Mo, but have different levels of Nb (0.046 wt-% and 0.091
wt-% in Steel 1176 and Steel 1177, respectively.)
Both steels exhibited rather similar microstructures. The main ferrite
morphologies are quasi-polygonal ferrite and granular bainitic ferrite. Both
morphologies seem to be present in almost equal fraction even though granular
bainitic ferrite seems to be the dominating ferrite morphology locally. Due to the
formation quasi-polygonal ferrite, the prior austenite grain boundaries were
eliminated, except for the locations, where the granular bainitic ferrite was the
dominant microstructure. The main difference in microstructures between these
two steels is in the size of the secondary microconstituents, which seem to be
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somewhat finer in high Nb Steel 1177, as compared to that seen in Steel 1776 with
0.045Nb.

a

b

c

d

Fig. 158. Typical representative microstructures of Steels 1176 (a and c) and 1177 in (b
and d). Quasi-polygonal ferrite and granular bainitic ferrite are the main ferrite
morphologies.

An EBSD orientation image of Steel 1177 is presented in Figure 159 a with high
angle grain boundaries highlighted as white lines. Although the convex-like prior
austenite grain structure is not always easily discernable due to formation of
quasi-polygonal ferrite, the prior austenite grain boundaries are locally present, as
indicated by the arrows in Figure 159 a. This is due to the formation of granular
bainitic ferrite and suppression of quasi-polygonal ferrite. The dark areas seen
most likely represent the MA microcontituents, which are difficult for EBSD
system to detect and therefore, they appear dark. From Figure 159 b, it can be seen
that the area indicated by the arrows in (a) contains dense and well-developed low
angle boundary substructure, but no high angle boundaries are pronouncedly
observed inside this area.
Grain size distribution in Figure 159 c revealed that although a majority of
grains are finer than 8 μm, microstructure still contains many of grains the size in
the range 10-20 μm. These grains are mostly associated with granular bainitic
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areas. Figure 159 d shows the grain boundary misorientation distribution, which
reveals that there is a clear peak at the domain of low angle boundaries and a broad
hump of high angle boundaries in the range of 50-60°C, and this hump shows
peaks at 55° and 60°.
By comparing the microstructures of Steels 1176 and 1177 with their lower
Mo (0.25 wt-%) counterparts (i.e. Steel 1171 and 1172), it can be seen that an
increase in Mo content from ~0.25 to ~0.6 wt-% suppresses the formation of
quasi-polygonal ferrite and favours the formation of granular bainitic ferrite. This
leads to partial preservation of granular bainitic ferrite, which when forming
without any significant formation of quasi-polygonal ferrite, is characterized by
granular shaped MA islands in a ferrite matrix that contains low angle grain
boundaries connecting the MA microconstituents with each other.

b

a

c

Fig. 159.
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Fig. 159. An EBSD orientation map of Steel 1177 with high angle boundaries (>15°)
highlighted as white lines (a). Image quality map showing high angle boundaries as
white and low angle boundaries as red (2.5–15°) (b). Grain size distribution calculated
by using 15° as the misorientation that determines the grain (c). Grain boundary
misorientation distribution (d).

8.4.26 Steel 1175 in as-rolled condition
Typical microstructure of Steel 1175 is presented in Figure 160 a. The
microstructure consists of granular MA microconstituents distributed uniformly in
a rather featureless ferrite matrix, although some lath-like secondary
microcontituents were occasionally detected. Some MA microconstituents were
precipitated at the prior austenite grain boundaries, although the prior austenite
grain structure was well preserved, Figure 160 b. Locally, formation of
quasi-polygonal ferrite was detected at prior austenite grains boundaries and
therefore austenite grain boundaries were not always completely preserved.
Further, quasi-polygonal ferrite formation was observed inside the boundaries
delineating the prior austenite grains, Figure 160 c. This could be due to the
nucleation of quasi-polygonal ferrite on the deformation bands. The granular
shaped MA microconstituents were rather densely distributed and their size was
typically in the range 0.2-2.0 μm. Another typical characteristic feature was that
MA microconstituents were distributed in a kind of monolithic or featureless
matrix, Figure 160 b.
The microstructure can be classified to consist mainly of granular bainitic
ferrite with small fractions of quasi-polygonal and locally bainitic ferrite. The
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preservation of prior austenite grain boundaries allowed the estimation of prior
austenite grain size before the γ/α transformation. The convex-like austenite grains
were of the order of several tens of micrometers in length and thicknesses were
typically in the range of 10-20 μm, although some thicker grains of more than 30
μm were locally observed.
In comparison of the representative microstructure of Steel 1175 with its
B-free counterpart (Steel 1171) reveals that the main difference is the significant
reduction (or practically complete elimination) of quasi-polygonal ferrite.

a

b

c

d

Fig. 160. A general view of

granular bainitic ferrite dominated microstructure

frequently observed in Steel 1175 (a). Granular bainitic ferrite with coarse MA
microconstituents, some of which are precipitated at prior austenite grain boundaries
(b). Granular bainitic ferrite with some traces of quasi-polygonal ferrite (c). Granular
MA microconstituents in granular bainitic ferrite (d).

An EBSD orientation map with high angle boundaries highlighted as white lines is
represented in Figure 161 a. The flattened convex-like prior austenite grain
structure can be discerned well (rolling direction is parallel to vertical direction of
image). However, some prior austenite grains do not seem to contain any
discernable high angle boundaries and hence there are coarse prior austenite grains
without any high angle boundaries. Figure 161 b is an image quality map of the
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same image than in (a) with high angle boundaries shown as white and low angle
boundaries (2.5-15°) as red lines. From this figure, we can see that there is a
well-developed fine low angle boundary substructure inside the high angle
boundary, which are mainly from the prior austenite grain boundaries. Some high
angle grain boundaries may derive from deformation bands, since they grow from
one flattened prior austenite grain boundary to another and form a 45-50° angle
with the rolling direction. The low angle substructure inside the prior austenite
grains may explain the FEG-SEM observations of poorly etched grain boundaries
in granular bainitic ferrite structure. A significant fraction of boundaries are low
angle boundaries, which have a poorer etching response to Nital than that of high
angle boundaries. The Grain boundary misorientation distribution and grain size
distribution, calculated by using 15° as the misorientation that determines the grain
in Figure 161 c and d, respectively, supported the findings of rather coarse grained
microstructure with high fraction of low angle boundaries compared to the high
angle ones. The grain boundary misorientation distribution in Figure 161 c, shows
that a majority of boundaries are low angle boundaries, while a fraction of high
angle boundaries is in the range 50-60°, forms a rather broad peak. From
cumulative fraction in the same image, it can be seen that of all boundaries
approximately 60-65% are low angle boundaries. The grain size distribution
(Figure 161 d) reveals that although a majority of grain are finer than 11 μm, there
exist many coarse grains sized between 10-20 μm and few grains that exceeds 20
μm.
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b

a

c

d
Fig. 161. An EBSD orientation map of Steel 1175 with high angle boundaries
highlighted as white lines (a). Image quality map showing high angle boundaries as
white and low angle boundaries as red (b). Grain boundary misorientation distribution
(c) and grain size distribution calculated by using 15° as the misorientation that
determines the grain (d).
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A comparison of representative microstructure of Steel 1175 with its B-free
counterpart (Steel 1171), reveals that the main differences are significant reduction
or practically complete elimination of quasi-polygonal ferrite and as a
consequence of that the prior austenite grain boundaries are well preserved in a
Steel 1175. It also contains rather coarse MA microconstituents, some of which are
located on the prior austenite grain boundaries, in comparison to Steel 1171,where
quasi-polygonal ferrite part is nucleated at prior austenite grain boundaries and
does not generally contain MA microconstituents. Instead, they are mainly located
in conjunction with granular bainitic ferrite. Further, in Steel 1175, there seems to
be a high fraction of low angle boundaries compared to that of high angle ones,
which are mainly derived form prior austenite grains. The low angle boundaries
are forming dense webs inside the prior austenite grains. This kind of grain
boundary distribution is not obvious in Steel 1171, which contains rather a high
fraction of high angle boundaries due to two-stage ferrite formation
(quasi-polygonal ferrite/granular bainitic ferrite). The granular bainitic ferrite part
in Steel 1171 seems to contain some high angle boundaries, whereas the grain
boundary structure in Steel 1175 (with practically single morphology of granular
bainitic ferrite) mainly consists of low angle boundaries.
8.4.27 Ageing curves of selected steels
In order to evaluate dispersion strengthening of the laboratory thermomechanically
controlled processed plates (Reheating temperature=1250°C, finish rolling
temperature = 780°C, controlled rolling ratio = 2.5, cooling rate = 10-15°C/s to
RT) during the subsequent heat treatment, Steels 1171 -Steel 1179 were subjected
to heat-treatments between 550°C and 700°C for various times according to 18.
The dispersion strengthening was evaluated by measuring the hardness of the
specimen. The results are represented in Figure 162 a-i.
Figure 162 a-i shows the ageing curves obtained at 700, 650, 600 and 550°C
for Steel 1171-1179. Consistent with precipitation strengthening, these curves
clearly display the development peaks with the ageing time, which shows increase
in hardness as the temperature decreases. Figure 162 also shows the following
features: i) The peak hardness is reached at high temperatures (700-650°C) at very
short isothermal holding times (0.01-0.3h). ii) At 550°C, it takes several hours to
reach the peak hardness and in some cases it is unclear whether the peak hardness
is at all reached even after an isothermal hold of 64 h. iii) The absolute value of
peak hardness is dependent on the isothermal hold temperature. For example,
isothermal hold at 600°C seems to produce higher peak hardness than that at
650°C or 700°C.
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Fig. 162. Age hardening curves of as-rolled Steels 1171-1179 (a-i).
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The changes in the microstructure during an isothermal hold in the range 550
-700°C are displayed in Figure 163 a-f and Figure 164 a-j for Steel 1178 and Steel
1172, respectively.
The microstructure of Steel 1178 (0.054C-1.8Mn-0.25Mo-0.048Nb) in
as-rolled condition consists mainly of granular bainitic ferrite, but traces of
bainitic ferrite can also be observed, Figure 163 a. The second phase
microcontituents are most likely martensite and austenite (MA), Figure 163 b. A
heat treatment at 650°C for 15 min or 240 min resulted not only in significant
tempering of the second phase microconstituents, but also precipitation of particles
at the periphery of second phase microconstituents and on grain boundaries,
Figure 163 c-f. These particles are probably cementite.
The microstructure of Steel 1172 (0.026C-1.9Mn-0.25Mo-0.094Nb) in asrolled condition consists mainly of quasi-polygonal ferrite, Figure 164 a-b. The
typical features of quasi-polygonal ferrite are irregular, jagged grain boundaries in
addition to dislocation sub-boundaries. Quasi-polygonal ferrite can also exhibit
MA microcontituents. Like in Steel 1178, precipitation of cementite particles can
be observed in Steel 1172 during the heat treatment at all temperatures
(550°C-700°C), but their fraction is smaller (Figure 164 c-j). Further, tempering of
MA microconstituents does also take place during the heat treatment.
When comparing the micrographs of Steel 1178 (0.054C-1.8Mn-0.25Mo0.048Nb) in Figure 163 c-f and those of Steel 1172 (0.026C1.9Mn-0.25Mo-0.094Nb) in Figure 164 c-j (in heat-treated condition), the
essential differences in the microstructures seem to be in the amount of second
phase microcontituents and fraction of spherical carbides, which are presumably
cementite. In Steel 1172, which has a low carbon content (0.026C), the fraction of
second phase MA microconstituents in as-rolled state seems to be low and clear
changes, caused by the heat treatment, in these microcontituents are difficult to
observe, whereas in Steel 1178, containing 0.054C, the fraction of MA
microconstituents is clearly higher and these seem to undergo significant
tempering during the heat treatment. Second significant difference is the fraction
of spherical carbides. In Steel 1178 precipitation of spherical particles is
significantly pronounced after heat treatment, especially near MA islands and on
grain boundaries, whereas in Steel 1172 the fraction of these particles is clearly
lower and they seem to be finer.
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Fig. 163. Microstructural changes in Steel 1178 (0.054C-1.8Mn-0.25Mo-0.048Nb) during
the heat treatment at 650°C. As-rolled material, (a, b). As heat-treated at 650°C for 15
min, (c, d). As heat-treated at 650 for 240 min, (e, f).
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Fig. 164. Influence of ageing temperature on the microstructure of Steel 1172
(0.026C-1.9Mn-0.25Mo-0.094Nb), when peak hardness is reached at every ageing
temperatures. As-rolled material, (a,b). 700 °C for 2.5 min, (c, d). 650°C for 15, (e, f).
600°C for 120 min, (g, f). 550°C for 64h, (i, j).
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Fig. 164. continued

The microstructural changes during the heat treatment described above are
supported by the ageing curves in Figure 162. For instance, the hardness of Steel
1172 in as-rolled condition is 248 HV10, but the peak hardness obtained at 600°C
is over 280 HV10, which gives an increase in hardness of over 30HV, Figure 162
b. On the other hand, in Steel 1178, the maximum increase in hardness in the
as-rolled plate, caused by the heat treatment, is only 10 HV (600°C/1h). At 700°C
and 650°C, the hardness did not substantially increase above the hardness of the
as-rolled plate, Figure 162 h.
It should also be noted that the tensile strength of ~0.05 wt-% C containing
steel plates (Steel 1178 and Steel 1179) heat-treated at 600°C for 1 h decreased by
10-40 MPa, when compared to the tensile strength of as-rolled TMC processed
plates, Figure 165. On the contrary, steels with lower carbon content (C~0.02-0.03
wt-%) exhibited a 20-55 MPa decrease in tensile strength due to heat treatment.
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The only exception to low C steels was the B-alloyed Steel 1175, which showed a
decrease in tensile strength of about 5-10 MPa following the heat treatment.

Fig. 165. Change in tensile strength caused by the heat treatment at 600°C/1h for the
investigated steels.

The salient results of this section are summarized as follows:
–

At high temperatures, above 650°C, the peak hardness is reached at short
ageing times of 2-15 min.

–

At lowest ageing temperature of 550°C, it takes several hours to reach the
peak hardness.

–

As, expected, the absolute peak hardness seems to be influenced by the ageing
temperature. The peak hardness at higher ageing temperature (700°C and
650°C) was generally lower than that at lower temperature 600°C.

–

The microstructural changes taking place during heat treatment can be summarized as follows:
–

Tempering of second phase islands consisting of MA.

–

Precipitation of cementite is especially pronounced in steels with higher
C-content (~0.05 wt-% C) than in steels with lower C (~0.02-0.03wt% C).
Cementite formation is often observed at periphery of the second phase
islands and grain boundaries.

–

Precipitation of NbC inside bainitic ferrite and quasi-polygonal ferrite.
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8.4.28 Modelling the peak strengthening of LCB Steels during heat
treatment
The age hardening curves presented in Figure 162 at various temperatures
provided the data for the modelling of precipitation strengthening in low carbon
bainitic steels. The modelling approach used here is based on the model developed
by Shercliff and Ashby [303] for aluminium alloys. Recently their model has been
successfully extended to microalloyed steels too [304].
The model of Shercliff and Ashby assumes particle coarsening to be the rate
controlling process. The mean particle size, r, is given by:

r 3 − r03 =

Ct
exp(−Q / RT ) ,
T

(97)

where r0 is the initial mean particle size, C is a constant proportional to the energy
of the particle-matrix interface and Q denotes the effective activation energy of the
rate controlling diffusion process. R is the gas constant and T is the temperature in
Kelvin. Based on the Equation (97), a temperature corrected time, P, can be
introduced according to:

P=

t
exp(−Q / RT ) ,
T

(98)

The validity of this approach is verified by analysing the temperature dependence
of peak time (tp) in ageing curves. A plot of ln(tp/T) vs. 1/T should lead to in a
linear line with the slope characterizing the value of Q, as shown in Figure 166 for
Steel 1171.

Fig. 166. Temperature dependence of the peak ageing time for Steel 1171.
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The activation energies of the rate controlling the diffusion process for Nb bearing
Steels 1171, 1172,1175, 1176, 1177 and 1178 are presented in Table 21. Steel 1179
was not considered, because peak hardness values could not be determined
accurately in this steel. The activation energies vary from the 250 kJ/mol to 345 kJ/
mol.
Table 1. Determined activation energies for Steel 1171, 1772, 1175, 1177,1177 and 1178.
Steel

Q, kJ/mol

1171

250

1172

333

1175

251

1176

228

1177

365

1178

328

A simple linear regression analysis was applied to study the influence of chemical
composition variables on the effective activation energy of diffusion (Q). It was
found that Mo and B do not have any influence on the Q but C and Nb do have the
influence. Therefore, Q can be expressed in terms of C and Nb (in wt-%) as
follows:
Q (kJ/mol) = 33+3342C+2387Nb.

(99)

The prediction gave an adequate estimate for Q with R2 ~ 0.93 and the standard
deviation of 14 kJ/mol.
The peak time can also be expressed according to the following equation:
ln(t p / T) = −Q / RT + ln Pp

,

(100)

where Pp is temperature corrected peak time
Using this approach Pp values were determined for the aforementioned steels.
Similarly to Q, regression analysis was applied and it was found that ln(Pp) can be
expressed by the following equation:
ln(Pp) = -2.5-461C-331Nb.

(101)

Figure 167 compares the predicted peak times for some assumed compositions calculated by using Equations (99) and (101). As can be seen from Figure 167, the
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influence of chemical composition on the peak temperature is not pronounced, but
influence can be detected. For instance, with 0.025C and 0.045Nb the peak hardness is reached at longer times than with 0.025C-0.09Nb at temperatures above
600°C, but below this temperature the time to peak hardness is longer for
0.025C-0.09Nb system. On the other hand, 0.025C-0.09Nb and 0.05C-0.045Nb
exhibit very similar times to peak hardness dependence on the temperature.

Fig. 167. Comparison of times to peak vs. the ageing temperatures for some
assumed compositions.

Figure 168 shows the normalized hardness increment as a function of normalized
temperature corrected time, P*, for Steel 1172. The maximum strengthening
should occur roughly at P* =1. It is seen from Figure 168, that maximum strengthening is roughly at P* =1.0, but it is also found that 80% strengthening potential is
realized when P* is between 0.2-1.0. It is also evident that strengthening potential
is rapidly lost, due to overageing, when P* >1. On the basis of these results, it can
be concluded that if precipitation strengthening potential needs to be efficiently
exploited, the P* should be designed between 0.2-1.0.
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Fig. 168. Normalized precipitation strength increment vs. normalized temperature
corrected time for Steel 1172.

Figure 169 illustrates the dependence of P* on calculated isothermal holding time
for a 0.025C-0.045Nb system at various temperatures. It can be seen that at 550°C,
P* value of 0.1 cannot be reached even after a holding of 90 min. An increase in
isothermal hold temperature to 600°C shifts the time interval, where P* is between
0.1–1.0, to longer times (20-90 min). This time interval is rather wide indicating a
robust precipitation strengthening and therefore 600°C can be considered as a
suitable temperature for the practical (industrial scale) heat treatment. At 650°C,
the time interval for intense precipitation strengthening (i.e. P*=0.2–1.0) is
between 5–20 min. 700°C is not an advisable heat treatment temperature, because
P* is increased over 1.0 shortly after 3–5 minutes holding.
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Fig. 169. Normalized temperature corrected time as a function of isothermal holding
time at different temperatures.

The total precipitation strengthening is given by:

( ),

ΔP = ΔPmaxσ ppt P *

(102)

( )

where ΔPmax is the maximum precipitation strength increment and σ ppt P * is the
normalized precipitation strength increment, which is a function of temperature
corrected time, P*, characterizing the precipitation kinetics.
8.4.29 CGHAZ properties
Mechanical properties of simulated CGHAZ were modelled by using linear
regression analysis. Equations for maximum hardness, T27J, DBTT and crack tip
opening displacement (CTOD) at 23°C were derived.
The regression equation of maximum hardness can be written as:
HV = 78+1087C+42Mn+30Cr+14Ni+52Mo+20BL+270Nb
(R2 = 0.98 Standard error = 6.9HV10),

(103)

where BL stands for B-level (as defined earlier).
According to Equation (103), all alloying elements contribute to CGHAZ
hardening. The influence of B is high. Nb seems to contribute to CGHAZ
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hardening but it should be emphasized that the coefficient for Nb had a high
standard deviation that implies great uncertainty for the Nb coefficient.
The transition temperature for 27J of CGHAZ is given by:
T27J (°C) = 32-805C-28Mn-26Ni+41Mo+39BL+479Nb
(R2 = 0.88, Standard error = 15.5°C).

(104)

C and Mn and Ni seem to have beneficial effect on T27J (Equation (104), whereas
Mo, B and Nb have a negative influence. Especially addition of B is highly
harmful. A deliberate B alloying is expected to increase T27J by about 39°C.
Addition of high levels (from 0.045 wt-% to 0.09 wt-%) of Nb is not
recommendable from HAZ toughness point of view, since this would lead to an
increase in T27J approximately 22°C.
DBTT of CGHAZ can be expressed by:
DBTT (°C) = 41-38Mn+43Mo+53BL+306Nb
(R2=0.85 Standard error=15.6°C).

(105)

According to Equation (105), C in the range of 0.011-0.04 wt-% does not have
substantial effect on DBTT of CGHAZ, but Mn alloying in this respect is
considered beneficial. Similarly as for CGHAZ T27J, high addition of Mo, Nb and
B should be avoided, since these contribute negatively to DBTT.
Crack tip opening displacement (CTOD) of CGHAZ at 23°C is described by
the following equation:
CTOD (mm) = 0.45-0.05Cr-0.25Mo-0.17BL-1.57Nb
(R2= 0.93, Standard error=0.040°C).

(106)

The negative effects Mo Nb and B are well established. For instance an increase of
Mo from 0.1wt-% to 0.6 wt-% is expected to decrease CTOD by 0.13mm and
increase in Nb content from 0.45wt-% to 0.09 wt-% can reduce CTOD by about
0.07mm. Similarly, B alloying raises the CTOD by 0.17 mm.
The regression analyses for the simulated CGHAZ properties were generally
very reasonable: standard errors for predicted transition temperatures were about
15°C, about 7 J for upper shelf toughness, 7 units for HV10, and 0.04 mm for
CTOD at 23°C. The following observations were made:
–

All alloying elements increase hardness.
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–

All alloying elements apart from Nb decrease the upper shelf toughness.

–

CTOD toughness at 23°C is not detectably affected by C, Mn or Ni. It is
clearly reduced by B, Mo and Nb, but only slightly by Cr

–

Transition temperatures T27J and DBTT are increased by about 50°C by B
addition. Mo and Nb also have clearly detrimental effects, while C, Cr and Ni
have either no influence or may have a beneficial effect. Mn is particularly
beneficial.

The regression equations can be used in combination with other equations given
earlier for optimized design of cost effective chemical compositions of LCB steels
that fall in the range of compositions studied.
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9

Discussion

9.1

Influence of reheating (austenitization) temperature on
austenite grain structure and particle structure evolution during
austenitization

Fine and uniform austenite grain structure is produced by high rates of nucleation
and low rates of growth during recrystallization and inhibition of subsequent
coarsening. One important aspect of microalloying (especially Ti and Nb) is to
produce a fine distribution of microalloy precipitates that prevent efficiently
austenite grain coarsening during reheating.
Austenite grain size in B-free steels (Steel 1171, Steel 1172 and Steel 1178),
Figure 59 a, b and d, followed the well-known grain growth behaviour of the
Ti-Nb micro-alloyed steel. At low reheating temperatures (1050°C–1100°C),
austenite grains are fine and their distribution is uniform. An increase in reheating
temperature can cause dissolution (and coarsening) of microalloy precipitates,
which can result in abnormal grain growth. For these steels, the first abnormal
austenite grains were observed after reheating at 1125°C. Increasing the reheating
temperature increased the size and fraction of coarse grains. At 1200°C, the fine
austenite grains almost completely disappeared and the austenite microstructure
was dominated by coarse grains up to 800–900 μm, Figure 59 a and e.
Generally the grain coarsening temperatures of Nb microalloyed steels are
reported to be slightly above 1100°C [79]. On the other hand, Ti microalloyed
steels have been reported to exhibit clearly higher grain coarsening temperatures
between 1200–1250°C. However, it should be noted that Ti/N ratio of the present
steels is very high (4.7–9.0) and far from the optimum ratio (1.5–2.0) that are
reported to be effective in preventing austenite grain coarsening at high
temperatures [108].
The fact that the B-bearing Steel exhibited abnormal grain coarsening even at
lowest reheating temperatures can be explained as follows. B is efficient to retard
phase transformation even at low cooling rates. It can be reasonable to expect that
the cast structure contain a mixture of bainitic ferrite and austenite. Nevertheless,
these have to be superheated over a large temperature range before the austenite
begins to grow. This is because the bainite reaction stops before equilibrium is
reached so that fraction of austenite in the initial microstructure is greater than
required by the equilibrium [41].
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The nucleation of austenite is necessary when the prior austenite structure
does not contain retained austenite. In this case, nucleation generally occurs
preferentially at the prior austenite grain boundaries rather than between ferrite
laths. When a microstructure containing retained austenite is heated, the prior
austenite regenerates the original austenite grain structure, giving so-called
austenite memory effect. This is because austenite formation does not require
nucleation, but the retained thin austenite films start to grow. Because the bainitic
ferrite and austenite have a orientation relationship, it can be assumed that
continued growth of adjacent austenite films leads to their coalescence and finally
to reconstruction of original austenite structure. Very coarse austenite grains with
almost same size as in the cast structure have been reported to form just after the
ferrite to austenite transformation is completed for B-bearing low carbon X120
linepipe steel [25].
On the other hand, it is shown in Figure 61 that there is a significant difference
in particle size distribution between B-free Steel 1172 and B-containing Steel
1179. In Steel 1172 a major portion of particles are below 30 nm, which can
efficiently prevent austenite grain coarsening during austenitization (average γ
grain size 40 μm). In Steel 1179, fine particles below 30 nm are observed, but
significant fraction (~30%) of coarser particles sized between 30–114 nm were
also observed. These coarse particles are shown in Figure 62 b. If the coarse
particles are distributed non-uniformly, this may lead local coarsening of austenite
grains (i.e. abnormal grain growth). According to Djahazi et al. [305], in their
study on the recrystallization behaviour of high strength Nb-B steel, the presence
of B accelerates carbonitride precipitation and retards austenite recrystallization,
when present in combination with Nb. They analyzed the data in terms of the
classical theory of nucleation, on the basis of which it is demonstrated that the
acceleration of the nucleation kinetics of precipitation can be attributed to the
segregation of B and of B-vacancy complexes to dislocations and grain
boundaries, as well as to the faster diffusion of Nb in the presence of B.
Static recrystallization and grain growth are two different processes, but they
have a common feature; both the processes are restricted by the presence of fine
and uniform distribution of second phase particles, such as NbC. In addition, both
processes can continue, when second phase particles coarsen.
According to Kimmins et al. [205], abnormal grain growth can be prevented
by eliminating the retained austenite either by slow heating or by suitably
tempering the initial macrostructure. Kimmins stated that the austenite memory
effect can be completely destroyed by tempering the steel between 600–680°C for
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at least 1 h. Figure 170 a shows the austenite grain structure after reheating at
1050°C for 2h. The abnormal grain growth of austenite can be clearly observed.
The tempering treatment at 680°C for 2 h followed by air cooling to room
temperature were performed for Steel 1175 in order to eliminate the assumed
austenite memory effect. The re-austenitization at 1050°C for 2 h showed the
presence of coarse austenite grains in the structure as seen Figure 170 b. The heat
treatment at 680°C did not eliminate the “austenite memory effect”. In fact, heat
treatment at 680°C also seemed even slightly promote the abnormal austenite
growth. This may indicate that the reason for abnormal grain growth of B-bearing
steels is not completely a result of “austenite memory effect”.
It should be emphasized that it is beyond the scope of the present dissertation
to focus on the ultimate reasons of austenite (abnormal) grain growth in LCB steel.
The focus was on the understanding of the initial austenite grain structure as a
starting point for the hot rolling trials. The following conclusion can therefore
drawn: at high austenization temperatures above 1200°C, grains are rather coarse
in all steels and their fraction is high. If fine austenite grains are present, their
fraction is small. Therefore grain structure at high austenitization temperatures
above 1200°C can be stated to be coarse but relatively uniform. On the other hand,
B-free steel exhibits fine and uniform austenite grain structure after reheating to a
temperature below 1100–1125°C. Grain size can then be around 40–50 μm on an
average. For B-bearing steels, it seems highly difficult to obtain fine and uniform
initial austenite grain structure by adjusting reheating temperature.
In addition, it can be stated that the slab reheating or re-austenization
temperature should be selected in such a way that the initial austenite grain
structure is fine and uniform but still high enough to dissolve microalloy elements
solid solution. For low Nb (~0.045wt-%) B-free LCB steels austenitization
temperatures of 1100–1125°C seem to be suitable, since at these temperatures
austenite grain structure is fine and uniform (Figure 59 a and b), but also the
temperature is still high enough to dissolve enough Nb(C,N) in solid solution
[246] and providing sufficiently fast SRX kinetics of austenite for further austenite
grain size refinement, as will be discussed in the following section. For B-bearing
LCB steels, a fine and uniform austenite grain structure may not be possible to
obtain in practical laboratory or industrial slab reheating practices, and hence one
should select austenitization temperatures where austenite grain structure is coarse
but uniform. For instance, reheating temperatures of 1200°C or above can produce
coarse but rather uniform austenite grain structure. At such high temperatures
dissolution of microalloy elements (mainly Nb) is generally sufficient. High
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reheating temperature above 1200°C also offers wide temperature range for the
required austenite grain size refinement during the course of recrystallization in
the successive hot rolling steps.

b

a

Fig. 170. Austenite grain structure of Steel 1175 after reheating at 1050°C for 2 h (a).
Austenite grain structure after tempering at 680°C for 2h and air cooling, followed by
reaustenitization at 1050°C for 2h (b). Abnormal grain growth can be observed in both
the structures.

9.2

Static recrystallization kinetics of austenite

The present data confirm the well-known fact that on the weight percentage basis,
Nb is very effective in retarding the SRX process even in the solid solution. In
addition to Nb, the present work also quantitatively establishes the roles of Mo and
B. Significant SRX retarding influences of Ti and V have been well established in
the literature. However, in the present work the level of Ti was held constant (0.03
wt-%) and no V was added. For Mn, Somani et al. [216] and Medina and Mancilla
[220] have recorded a slight SRX retarding effect. In consistency, in the present
work a minor influence of Mn was found, but the regression analysis failed to
show any statistically reliable factor and therefore the influence of Mn was
ignored. No influence of Ni or Cr on the SRX kinetics was detected. These results
are consistent with the findings of Somani et al. [217], who found that additions of
Ni (up to 1%) and Cr (up to 1.4%) had no discernible effect on the SRX rate.
As mentioned above, a strong retarding effect of B on the rate of SRX has
been found. It was shown by He et al. [306] that B alone can also slightly retard
SRX. However, when B was added to a Nb-bearing steel, the combined effect of
Nb and B was greater than the sum of the individual effects of the elements at
temperatures above 1000°C. According to He et al. [306], this may be attributed to
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the formation of (Nb,B) complexes. The presence of such complexes on the
austenite grain boundaries increases the solute drag force of the Nb atoms, thereby
decreasing the boundary mobility and retarding the recrystallization kinetics.
According to Djahazi et al. [305], small additions of B raise the precipitation
start temperature and reduce the precipitation start time of Nb(C,N) leading to
higher non-recrystallization temperatures for Nb-B steels compared to Nb steels
without B. This was attributed to the effect of B on the diffusion rate of Nb, which
accelerates the nucleation of Nb(C,N).
The fact that the boron-level approach gave better regression fits than the
approach based on its weight % may be an indication that the influence of B is not
linear.
Strong contribution of Mo in retardation of SRX was observed. The
coefficient of 97 kJ/mol in B-level approach and 105 kJ/mol in wt%-B approach
are relatively close to that reported by Medina and Mancilla [220] (73 kJ/mol), but
clearly higher than that reported by Somani and Karjalainen [197].
9.2.1

SRX kinetics of steels with assumed compositions

It is interesting to compare the differences in the SRX kinetics between steels with
certain assumed compositions. By using Equations 68, 75 and Equation 53), times
for 95% recrystallization (t95) as a function of temperature for certain
compositions are calculated and plotted in Figure 171. The composition
0.1Mo-0.04Nb was chosen as a “base” system, where the levels for Mo and Nb
correspond to the lower limits of these elements in the investigated steels.
Therefore the base composition should represent the fastest SRX rate among the
compositions valid for the present SRX model. For the rest, the levels of Mo, Nb
and B were increased one at a time to the upper limits studied. These upper limits,
being close to the maximum values of Mo, Nb and B present in the investigated
steels, were as follows: 0.6Mo, 0.095Nb and BL = 1 (B content 11–27 ppm). In all
cases, it is assumed that a strain of 0.2 is applied at a strain rate of 0.1 s-1.
As can be seen from Figure 171, an increase in the Nb content from 0.04% to
0.095% significantly retards the rate of SRX. For instance, at 1060°C the t95 is
around 20 s for the base composition, but increases to ~45 s, if the Nb content of
the steel is increased to 0.095%. Also, an increase in the Mo content from 0.1% to
0.6% leads to a significant retardation of the SRX kinetics. The influence of B on
the SRX rate is also significant. For instance, at 1060°C the addition of B to the
base composition increases t95 by about 15 s.
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Fig. 171. Comparison of the SRX kinetics for some assumed compositions using the
B-level approach.

It is interesting to consider the effect of composition on the temperature range in
which fairly rapid recrystallization is possible during roughing. A strain of 0.15
(corresponding to a 14% reduction) can be selected to simulate a typical reduction
available in a plate rolling mill. The strain rate was selected to be 10 s-1. Since the
grain size becomes coarsened after soaking at 1140–1200°C, the austenite grain
size has been taken as 200 μm. Figure 172 a shows the SRX kinetics as a function
of temperature, under the conditions presented above, for the composition
0.2Mo-0.04Nb as well as for two B-alloyed compositions 0.4Mo-0.06Nb and
0.6Mo-0.09Nb that are appropriate for higher strength steels [3]. As can be seen
0.1Mo-0.04Nb exhibits t95 shorter than 20 s, which can be considered as the
maximum interpass time in the roughing mill, down to 1075°C. On the hand, for
the B-bearing compositions, temperatures below which the t95 exceeds 20 s are
approximately 1120°C and 1135°C for 0.4Mo-0.06Nb-B and 0.6Mo-0.09Nb-B,
respectively. Consequently, the temperature range for effective roughing is
reduced by about 45–50°C when, shifting to the more highly alloyed grades.
The influence of strain for a 0.4Mo-0.06Nb-B composition is demonstrated in
Figure 172 b. The time for 95% recrystallization is below 20 s above 1120°C,
when a strain of 0.15 is applied. At a strain of 0.10, this temperature is raised to
about 1170°C and at strain of 0.08 no complete SRX is expected even at high
temperatures. Also the number of nucleation sites decreases strongly as the level
of strain is reduced and therefore, small reductions at high temperatures can lead to
a coarsened recrystallized grain size instead of grain refinement. Therefore, strains
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around 0.1 (~10% reductions) should be avoided, as discussed e.g. in Ref.
[224,307].

(a)

(b)

Fig. 172. t95 as a function of temperature for three assumed compositions (a) and the
influence of strain for 0.4Mo-0.06Nb-B system (b). B-level approach is used in both
cases.

Although the discussion excludes many other factors that also need to be taken
into account, such as exact reductions, deformation rates, strain accumulation, etc.,
it does give an indication of the sluggishness of the SRX of austenite, when high
levels of Mo and Nb are used together with B additions. As a result, it can be
expected that in such steels austenite grain size refinement will be more
demanding than in steels with lower levels of alloying.
9.3

Continuous Cooling Transformation (CCT) diagrams

This chapter includes discussion about the nature of different ferrite morphologies
observed in CCT studies followed by a discussion on the influence of alloying
elements and cooling rate on phase transformation temperatures and the
transformed microstructure.
9.3.1

Microstructures observed during continuous cooling

Polygonal ferrite
Polygonal ferrite grains, as observed for instance in the CCT diagram of Steel
1151 in Figure 73, exhibited high transformation temperatures. Phase
transformation start temperature was approximately 780–800°C and
transformation was complete slightly below 700°C. No clear dislocation
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substructure was observed inside the polygonal ferrite grains, although some
boundaries with misorientation lower than 15° (i.e. low angle boundaries) can be
seen inside the polygonal ferrite grains (Figure 67 g). According to Cizek et al. [5],
it is not unusual that polygonal ferrite contains increased densities of dislocations,
arranged in both complex tangles and planar low angle walls. These kind of
structures was found in polygonal ferrite grains that form at lower polygonal
ferrite transformation range close 700°C. This kind of observation can be
explained by using the concept suggested by Wilson [34,308]. According to this
concept, polygonal ferrite formation at comparatively high transformation
temperatures is characterized by a relatively small degree of undercooling below
the metastable equilibrium transformation temperature T0. Thus, the resultant
small driving force for the transformation might be aided by polygonal ferrite
nucleation at austenite grain corners with one or more semi-coherent interfaces,
which could reduce the activation energy barrier for nucleation. Consequently, the
volume change accompanying the polygonal ferrite could be fairly easily absorbed
by the grain boundaries at the high transformation temperatures. This is consistent
with low dislocation densities of polygonal ferrite grains formed at high
transformation temperatures. Conversely, polygonal ferrite at comparatively low
transformation temperature is characterized by a somewhat larger relative
undercooling below T0. Thus, as a result of relatively larger chemical driving force
for the transformation, polygonal ferrite grains might nucleate as hemispherical
caps on the austenite grain faces with only one planar semi-coherent interface. In
this case, due to both shape of nuclei and the lower transformation temperatures,
the volume change accompanying polygonal ferrite formation cannot be expected
to be absorbed by the grain boundaries. This can easily result in increased densities
of dislocations in the interiors of the polygonal ferrite grains that are formed in the
lower polygonal ferrite transformation range. Theory of deformation vs.
microstructure evolution [309] suggests that these dislocations can be arranged in
complex tangles and locally planar dense dislocation walls.
It is evident from Figure 67 that formation of polygonal ferrite is accompanied
with formation of secondary microconstituents. The micrograph of secondary
microconstituents in Figure 67 d shows that the transformation product is rather
complex, revealing signs of classical upper bainite as well as auto-tempered
martensite. Cizek et al. [5] observed formation of small fractions of pearlite within
the carbon enriched islands at very low cooling rates in low carbon microalloyed
steels, suggesting that the pearlite transformation field was occasionally
intersected in some local volumes during cooling. The bulk of the carbon-enriched
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secondary microconstituents was found to consist of upper bainite accompanied by
only small fractions of lower bainite. On the other hand, according to Krauss [28],
the secondary microconstituents can also be martensite in HSLA-80 steel, if
cooling rate is high. Thompson et al. [310] suggested that in addition to carbon,
significant undercooling might also be required for bainite to nucleate in the
carbon-enriched regions. This would require a low temperature bainite
transformation field in the region of low cooling rates, perhaps separated from that
of polygonal ferrite by a metastable austenite region [310]. When polygonal ferrite
formation occurred to a large extent at lower cooling rates of 0.4–0.7°C/s, for
instance in Steel 1151, such a low temperature transformation field could not be
located. This is presumably due to small fraction of austenite transforming “into
low temperature transformation products” (i.e. conventional upper and lower
bainite and martensite) and/or lack of sensitivity of dilatometer to accurately
record small volume changes in solid specimens. However, when cooling rate
increased above 1.5°C/s, the volume fraction of polygonal ferrite was reduced and
“low temperature transformation products” manifested as granular bainitic ferrite
and bainitic ferrite.
Quasi-polygonal ferrite
Quasi-polygonal ferrite differs from polygonal ferrite in that it displays ragged and
undulating boundaries both in OM and FEG-SEM micrographs, Figure 68 a–c. A
typical feature of quasi-polygonal ferrite is the lack of
secondary
microconstituents associated with quasi-polygonal ferrite, although some
micro-regions can be found to be trapped within the quasi-polygonal ferrite. The
MA microconstituents were, however, clearly seen in granular bainitic ferrite,
which was often associated with quasi-polygonal ferrite. EBSD micrographs
revealed a pronounced dislocation substructure, Figure 68 b–c. The phase
transformation of quasi-polygonal ferrite took place slightly below the polygonal
ferrite transformation temperature range, so that the transformation initiated
between 680–650°C. The transformation finish temperature was difficult to
determine, because granular bainitic ferrite formation often accompanied the
quasi-polygonal ferrite transformation.
There seems to be some dispute on the nature of quasi-polygonal ferrite
formation. Two types of transformation mechanisms have been proposed;
quasi-polygonal ferrite is suggested to be a product of Widmanstätten ferrite
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transformation or massive ferrite type of transformation. These two types of
transformations are discussed below.
Townsend et al. [311] speculated that observed irregular appearance of
quasi-polygonal ferrite boundaries might be consequence of a morphological
instability of the advancing α/γ interface. However, a detailed metallographic
study by Spanos et al. [312] on the early stages of ferrite formation at the prior
austenite grain boundaries below the Widmanstätten start temperature only
showed rare indication of the aforementioned instability. Instead the ragged
characteristics of the ferrite grains observed by Spanos et al. [312] was largely a
consequence of their development involving the nucleation and growth of both
primary and secondary Widmanstätten ferrite sideplates. The schematic
presentation of sideplates is given in Figure 173. As a result of mutual
impingement of the growing Widmanstätten sideplates, these grains were
composed of fragments, containing high dislocation densities and separated by the
low angle boundaries and often contained small embedded islands of austenite
stabilized against further transformation [312]. The characteristics morphology of
Widmanstätten sideplates can resemble closely those of quasi-polygonal ferrite
grains. According to Honeycombe and Bee [313], quasi-polygonal ferrite, which
they have termed as “massive ferrite”, might essentially result from
Widmanstätten ferrite transformation reaching its complementation. Also Cizek et
al. [5] ended up with a conclusion that quasi-polygonal ferrite was a product of
Widmanstätten ferrite transformation undergoing significant degeneration during
its growth. The high dislocation density is derived from the accommodation of
stresses caused by the volume change at relatively low transformation
temperatures. The observed low angle boundaries, subdividing the
quasi-polygonal ferrite grains into smaller fragments are produced by the mutual
impingement of several growing crystals. The MA microconstituents are expected
to be a consequence of entrapment of the carbon-enriched austenite between the
growing crystals. The elimination of prior austenite grain boundaries in the
microstructures is explained by Cizek et al. [5] who suggested that
quasi-polygonal ferrite is mainly a product of secondary Widmanstätten
sideplates. Indeed, according to Spanos and Hall [312], the secondary sideplates as
shown in Figure 173 b evolving the pre-existing allotriomorphs, are observed just
below the Widmanstätten ferrite start temperature (Ws) and the primary sideplates,
nucleating directly from the austenite grain boundaries are formed at lower
temperatures. This could explain the non-existence of prior austenite grain
boundaries in quasi-polygonal ferrite-dominated microstructures and relatively
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Fig. 173. Schematic illustration of three types of grain boundary morphologies.
allotriomorphs (a), secondary (Widmanstätten) sideplates (b), primary (Widmanstätten)
sideplates (c). [312].

According to Krauss [313], quasi-polygonal ferrite is a product of massive ferrite
type transformation. Different crystal structure, but similar composition of product
and parent phases and lack of any crystallographic orientation relationship
between them characterize massive transformation occurring during rapid cooling
[314]. Growth is accomplished primarily by a non-cooperative atomic transfer
across relatively high energy incoherent product/matrix interface. As a result of
theses features, product phase (i.e. ferrite) grows at high velocities with
approximately same rate in all directions, consuming much of parent grains, or
sometimes several grains, of the parent material. The increased dislocation density
of massive ferrite (i.e. quasi-polygonal ferrite) compared to that of polygonal
ferrite is explained by the fact that the volume change associated by the
transformation is not completely accommodated by the grain boundaries and there
is considerably strain energy [34]. It is assumed that there exists a composition
spike according to local equilibrium in the γ/α interface [315]. Wilson [34]
discussed that at the times and temperatures for the massive formation to occur,
interstitial and possibly substitutional elements are partitioning to the interface,
which slows down the movement of the incoherent interface and give rise to
ragged microstructure. A special feature of quasi-polygonal ferrite is the lack of
MA microconstituents associated with transformation. In the presence of granular
bainite a majority of MA microconstituents are located within the granular
irregular ferrite grains, but not frequently with quasi-polygonal ferrite. Some
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C-enriched areas were observed in quasi-polygonal ferrite. These could be formed
when austenite is trapped between two growing quasi-polygonal ferrite fronts. The
fact that MA microconstituents are occasionally observed in the microstructure
indicates that possible carbon portioning occurs at the interface. However, MA
microconstituents could also arise from the remaining austenite from incomplete
transformation, enriched with carbon forming martensite on subsequent cooling
[316].
It should be noted that quasi-polygonal ferrite formation was frequently
associated with granular bainitic ferrite formation in CCT diagrams. In addition,
detailed microscopy study using FEG-SEM and EBSD analysis of laboratory
rolled plates showed that quasi-polygonal ferrite formed at prior convex-like
austenite grain boundaries and therefore, the prior austenite grain structure could
be deduced on the shape and/or spatial orientation of quasi-polygonal grains.
Austenite starts to transform to quasi-polygonal ferrite at the early stage of cooling
and then with decreasing temperature and/or increasing carbon content in
austenite, the tendency of producing lath-like substructure is increased. This leads
to the formation of granular bainite, and finally, lath-like bainitic ferrite starts to
form at the interface when the temperature becomes low enough. Wilson and
Chong [316] found that during isothermal holding Widmanstätten ferrite forms
after massive ferrite in ultra low C Fe-9Ni alloys at 545–656°C, but
Widmanstätten ferrite was formed as single phased at lower temperature. This
could indicate that quasi-polygonal ferrite is a product of massive transformation
and not directly product of Widmanstätten secondary sideplates as suggested by
Cizek et al. [5]. On the other hand, the granular bainitic ferrite, frequently found in
conjunction with quasi-polygonal ferrite, could be a consequence of
Widmanstätten ferrite type transformation, as will be discussed in section 9.3.1.
Araki and Shibata [317] stated that in case of very low C HSLA steels,
quasi-polygonal ferrite is likely similar to the massive ferrite, although the strict
definition of massive transformation of pure iron alloys is not very clear according
to them [34].
It should also be noted that quasi-polygonal ferrite closely resembles the
morphology of allotriomorph ferrite. The term “allotriomorph “ means that the
phase is crystalline in internal structure, but not in outward form. It implies that
limiting surfaces of the crystal are not regular and do not display symmetry of
internal structure. Thus allotriomorph ferrite, which nucleates at prior austenite
boundaries tends to grow along austenite at a rate faster than in a directional
normal to the boundary plane so that its shape is strongly influenced by the

324

presence of boundary, and therefore does not necessarily reflect its internal
symmetry [318]. Allotriomorph transformation is truly diffusional in nature, which
means that there is no atomic correspondence between the parent and product
crystals. The growth is diffusion-controlled, interface-controlled or mixed. This
explains why its growth is not restricted by austenite grain boundaries. However, a
detailed comparison of allotriomorph ferrite micrographs, for instance, in Ref.
]41], ]318] reveals that it is more monolithic and its boundaries are less jagged
than in quasi-polygonal ferrite. Bhadeshia [318] stated that massive ferrite, which
also grows by a diffusional mechanism, has the distinction that it inherits the
composition of the parent austenite. The ability to cross the parent austenite grain
boundaries is particularly pronounced in massive transformation. Further,
Bhadeshia [318] stressed that below Ae1 temperature, only massive growth is
possible if the transformation mechanism is diffusional. This suggests that
allotriomorph and massive ferrite are not exactly the same ferrite morphologies,
but massive ferrite forms at much lower temperature than the allotriomorph ferrite
does.
From structure-property point of view it could be speculated that the higher
hardness and strength of quasi-polygonal compared to polygonal ferrite are not
associated with finer grain size, but also the lower phase transformation
temperature that produces a dislocation substructure and higher dislocation
density. The elimination of prior austenite grain structure and association of
granular bainite formation could efficiently refine the effective grain size of type
of structure and hence reduce its dependency on the prior austenite grain structure.
Further, although the quasi-polygonal ferrite is characterized as rather coarse
effective grain size, there are only low fractions of coarse MA microconstituents at
the vicinity of quasi-polygonal ferrite, where the nucleation could occur, if it is
assumed that brittle fracture is initiated by the cracking of MA microconstituent.
The higher fractions of coarser MA microconstituents are seen in granular bainitic
ferrite that is characterized by a finer effective grain size than quasi-polygonal
ferrite and hence, the crack is more easily blunted by the adjacent grain boundary.
In summary, quasi-polygonal ferrite forms at lower temperatures than
polygonal ferrite does. Typically in LCB steels, the phase transformation start
temperature lies around 650–680°C and is finished slightly above 600°C. The
quasi-polygonal ferrite is characterized by rather coarse grained ferrite with highly
ragged grain boundaries. EBSD micrographs in section 8.3.1 showed that
formation of substructure is pronounced in quasi-polygonal ferrite, which is a
consequence of rather low transformation temperature where the volume change
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of the transformation is not completely accommodated by the boundary leading to
the formation of dislocation substructure. The quasi-polygonal ferrite nucleates at
prior austenite grain boundaries and being a diffusional transformation [34, 318]
the prior austenite grain boundaries are often swept away. The secondary MA
microcontituents are not numerously associated with the phase transformation,
although some secondary microconstituents are occasionally detected. The
quasi-polygonal ferrite formation was often associated with the granular bainite or
sometimes even with bainitic ferrite formation. Quasi-polygonal ferrite in low C
steels is practically same microstructure as the massive ferrite in other low C
HSLA steel and Fe-Ni alloys for instance [317] and it could be suggested that
quasi-polygonal ferrite forms via massive transformation. An optional suggestion
that quasi-polygonal (and granular bainitic ferrite) might possibly present
Widmanstätten ferrite transformation products undergoing degeneration during its
growth [5]. After all, the difference between these two proposed mechanisms may
be just conceptual. Both allotriomorphic ferrite and massive ferrite are established
to be diffusional transformation products, the difference being that ferrite is termed
as allotriomorph when it forms at higher temperature and its shape is then more
regular-like and dislocation density is lower. Massive ferrite is considered to be
idiomorphic ferrite that is transformed just at lower temperatures. Due to lower
transformation temperature, massive ferrite exhibits more ragged grain boundaries
and low angle boundary substructure. If it is assumed, that granular bainitic ferrite
in association of quasi-polygonal ferrite is a result of Widmanstätten ferrite type of
transformation, it is just notional whether nucleation of Widmanstätten plates
occurs from allotriomorph ferrite (i.e. secondary Widmanstätten ferrite) or massive
ferrite. However, in the present cases, when transformation of quasi-polygonal
ferrite and granular bainitic ferritic microstructures form at low temperatures, it is
appropriate to term quasi-polygonal ferrite as massive ferrite on the basis of
morphology and rather low transformation temperatures.
Granular bainitic ferrite
Granular bainitic ferrite or granular bainite has some similarities with
quasi-polygonal ferrite and also with bainitic ferrite, but there appears to be
morphological dissimilarities with aforementioned morphologies, which merit a
separate category of γ/α transformation.
It should be emphasized that it was extremely difficult to obtain almost
single-phased granular bainitic ferrite in the present study and almost always, there
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existed small fractions of quasi-polygonal and or bainitic ferrite in the
microstructure. However, in certain steel with appropriate cooling rates (for
instance, in Steels 1182 and 1184 cooled at low cooling rates of 0.4–6°C/s) it was
possible to obtain almost single-phased granular bainitic ferrite. The name
granular bainite was probably first used by the Habraken and co-workers. In their
studies on continuous cooled low carbon bainitic they revealed microstructure that
consisted of coarse plates in conjunction with granular-shaped secondary
microconstituents consisting essentially of austenite and martensite [319].
According to Bhadeshia [41], granular bainite is promoted by the two factors: low
carbon content and continuous cooling. The term granular bainite referred to the
shape of secondary microconstituents. The “coarse plates” observed by the
Habraken et al. were later found to consist of sheaves of bainitic ferrite with very
thin regions of austenite between the subunits, although the appearance in LOM
may give an expression of coarse plates [41]. Indeed, the shape of secondary
microconstituents is granular in bainitic ferrite, but coarseness of irregular grain
size is rather relative and sometimes even confusing. As seen from the FEG-SEM
micrographs in Figure 69 c, the ferrite grains are quite fine, sized few micrometers,
and these grains are separated by clear boundaries. On the other hand, Figure 69 d
shows granular bainitic ferrite, which gives a more monolithic appearance and
closely resembles the granular bainite morphology represented in Reference [28].
The ESBD images in 69 e and f suggest that granular bainitic ferrite may not be
completely consisting of ferrite crystals that are separated by low angle
boundaries, but are surrounded by high angle boundaries in the structure.
However, there exist a more well developed low angle boundary substructure
inside the high angle boundaries than that seen in quasi-polygonal ferrite. The
shape of substructure was mainly granular-shaped, although some lath sub-grains
existed.
One characteristic feature of granular bainite is the lack of carbides in the
microstructure. The carbon is partitioned from the bainitic ferrite to residual
austenite, i.e. partitioned, so that the final microstructure consists of bainitic ferrite
with granular secondary microconstituents of retained austenite and high carbon
martensite. Recently Zajac et al. [2] reported that carbon that is partioned from
ferrite, stabilizes the residual austenite and the final microstructure may contain
any transformation product that may form from C-enriched austenite. Further, it
was found that the formation of different second phases is directly related to the
effect of alloying elements of the ferrite reaction which in turn determine the size
and C content of the last transformed austenite. Zajac et al. [2] determined five

327

different morphologies in low C (0.04–0.06 wt-%) complex NbTiB microalloyed
Mo, MoNi, CuNi and MoNiCuCr steels: i) degenerated pearlite or debris of
cementite, ii) bainite, iii) mixture of “incomplete” transformation products, iv)
MA and v) martensite.

One important aspect is the response of these secondary microconstituents to heat
treatment, for instance at 600°C. One could speculate if granular bainite with
secondary microconstituents of martensite should improve the toughness properties
due to tempering effect of brittle martensite, whereas granular bainite with bainite or
degenerated pearlite as a secondary microconstituents should only slightly improve the
toughness properties, since embrittling effect of these phases is not greatly influenced
by the heat treatment. In the speculation above it is assumed that secondary
microconstituent are the initiation sites for the brittle fracture. Anyhow, in the present
thesis work, the majority of secondary microcontituents were classified as martensite,
MA and bainite. This is probably due to low finish rolling temperature (780°C),
medium cooling rate and low finish cooling temperature.

Fig. 174. Schematic variation of type and volume fraction of second phases in granular
bainitic ferrite as a function of finish cooling temperature (FCT) and finish rolling
temperature (FRT) [2].

Consistent with conventional bainite, there is no redistribution of substitutional
solute atoms during the transformations. A second similarity to conventional
bainite formation is that the extent of transformation is found to be dependent on
the undercooling below the bainite start temperature. This is a reflection of the fact
that the granular bainitic ferrite, like conventional bainite, exhibits an incomplete
reaction phenomenon. This leads to the conclusion that granular bainite may not
be different from the ordinary bainite [41]. On the other hand, granular bainite
forms at least in LCB steels, at relatively high temperatures (phase transformation
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starts at 580–620°C and is completed or changed to bainitic ferrite at about 540–
560°), which is a somewhat higher temperature range than reported, for instance,
for conventional upper bainite [320]. What supports the bainitic type of
transformation is the preservation of the prior austenite grain structure, as seen in
Figure 69 b.
The early attempt to deduce the mechanisms for the formation of granular
bainite was made in 1960’s by Habraken, who proposed that the austenite divides
into regions, which are rich in C and those, which are relatively depleted. These
depleted regions were then supposed to transform into granular bainite. However,
this mechanism has been shown to be thermodynamically impossible in steels
[41].
According the Cizek et al. [5] granular bainitic ferrite might be a result of
Widmanstätten ferrite transformation similarly as quasi-polygonal ferrite. The
difference between these two morphologies is that quasi-polygonal ferrite derives
from secondary Widmanstätten ferrite sideplates, whereas granular bainitic ferrite
is a result of primary Widmanstätten ferrite sideplates formation. However, it was
observed from the CCT diagrams that the granular bainitic ferrite forms at lower
transformation temperatures than the quasi-polygonal ferrite. This can be
explained by the theory presented by Okaguchi et al. [321]. According to this
concept, ferrite nuclei formed at the austenite grain boundary, which are generally
(semi-)coherent with at least one of the austenite grains separated by this
boundary, may grow into the both grains at relatively high temperatures, where
quasi-polygonal ferrite forms. This eliminates the locations of prior austenite grain
boundaries. That is exactly what is observed for the quasi-polygonal ferrite in the
present study.
As the temperature is decreased, the diffusion distance of all atoms is reduced
and as a result, the growth of the grain boundary ferrite will also largely proceed
by the movement of their (semi-)coherent interfaces with the austenite.
Consequently, it can be expected that the formation of quasi-polygonal ferrite
might be effectively suppressed and the locations of the prior austenite grain
boundaries might remain preserved. However, the preservation of prior austenite
grain boundaries was not always complete that might indicate the formation of
quasi-polygonal ferrite.
It has been suggested that the granular bainitic ferrite appears to have
developed from primary Widmanstätten ferrite sideplates nucleating directly on
the prior austenite grain boundaries. Possible this transformation is completed by
Widmanstätten ferrite sideplates nucleating intragranularly [5]. Conversely, when
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granular bainitic ferrite is formed together with quasi-polygonal ferrite, it appears
to have predominantly developed from secondary Widmanstätten ferrite sideplates
nucleating on the pre-existing ferrite allotriomorphs as well as from intragranular
Widmanstätten ferrite plates. Cizek et al. [5] found that after complete
transformation, the granular bainitic ferrite crystals were observed to have shapes
close to irregular coarse rods, displaying both elongated and roughly equiaxed
complex cross sections, which might indicate that the shape of of lath-like nuclei
of original Widmanstätten ferrite sideplates was substantially modified during
their growth. It has been also proposed that the Widmanstätten ferrite plates could
gradually acquire more irregular “degenerated” shapes via localized diffusional
sidewise growth and coalesced [321] or sympathetic nucleation of additional
ferrite crystals [322].
Cizek et al. [5] suggested than the increased dislocation density in granular
bainitic ferrite may originate from accommodation of stresses caused by a volume
change accompanying the transformation at the relatively low transformation
temperatures. The observed low angle boundaries inside the ferrite grains forming
lath-like or granular substructure as shown in Figure 69 e and f can be explained
by the mutual occurrence of impingement of several growing crystals [312]. The
secondary microconstituents, consisting MA may result from the carbon-enriched
austenite that becomes entrapped locally between growing granular bainitic ferrite.
It is interesting to note that Widmanstätten ferrite has some similarities with
granular bainitic ferrite besides some dissimilarities. A classic feature of
Widmanstätten ferrite is its occurrence at relatively low undercoolings above the
transformation temperature range of conventional bainite [320]. This is in
agreement with granular bainitic ferrite transformation that is found to transform
in the temperature range below those of polygonal- and quasi-polygonal ferrites,
but above that of bainitic ferrite. The growth mechanism is thought to involve the
simultaneous formation pairs of mutually accommodating plates so that less
driving force is required than with bainite or martensite [323]. The ferrite plates
grow rapidly with a high aspect ration ranging from 4:1–10:1, resulting in parallel
arrays [28,324]. This is not fully consistent with the morphology of granular
bainitic ferrite. However, occasionally, lath-like low angle boundary substructure
were detected in granular bainitic ferrite (Figure 69 d), which may indicate
lath-like nature of granular bainitic ferrite. As discussed above, it has been
suggested that Widmanstätten ferrite plates can undergo significant morphological
modifications during their growth and acquire more “degenerated” shapes
resembling finally more or less regular-like ferrite structure [320,322]. Due to
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rather low undercoolings required for the Widmanstätten ferrite formation,
microphases of retained austenite, martensite or ferrite/carbide aggregate may be
formed between the growing ferrite plates [324]. Interestingly, secondary
microconstituents consisting of different types of γ/α transformation products
ranging from pearlite to martensite and retained austenite, are also reported for
granular bainitic ferrite [2]. The different γ/α transformation product between
Widmanstätten and bainite can be rather well understood in terms of its suggested
transformation mechanism. Widmanstätten ferrite is thought to be formed via
displacive transformation similarly as bainite, the difference being that the growth
of Widmanstätten ferrite is diffusion-controlled, whereas the growth of bainite is
suggested to be completely diffusionless, but the C is afterwards partioned into
residual austenite or, as in the case of lower bainite, is precipitated as carbides
within ferrite [41]. As the growth of bainite is ceased, when C content of residual
austenite reaches the critical value at a given temperature determined by the T0
concept [41]. Similar, phenomenon can be assumed to apply to Widmanstätten
ferrite, too. As the phase transformation temperature of Widmanstätten ferrite is
higher than that of bainitic ferrite, the C content at which the transformation is
ceased, is smaller and may not exceed the solubility limit, for instance, for
cementite precipitation. This may explain why cementite is not often associated
with Widmanstätten ferrite transformation. The residual austenite can transforms
into γ/α transformation products depending on the C content in residual austenite,
composition of the steel and cooling path. As the C content in the LCB steels is
low, the fraction of C enriched austenite is also low and transformation of
Widmanstätten ferrite can reach high volume fractions. This can lead to a
microstructural modification, where the plate-like structure it not so obvious. It is
also particularly notable that the classification system by Bainite Committee of
ISIJ recognises Widmanstätten ferrite in addition to granular bainitic. However,
Widmanstätten ferrite is quoted to be very rare in low C steel in Bainite Atlas [36]
and in the paper by Araki and Shibata [317]. Interestingly, in the summary and
discussion part of the Bainite Atlas it is stated that Widmanstätten ferrite is found
only in the case of relatively high C condition of austenite, where a fairly active
partitioning of C should occur at presumed transforming interface region
accompanying some long range diffusion of C. Hence, one can speculate whether
the rareness of Widmanstätten ferrite in low C steels is due to fact that
Widmanstätten ferrite in these steels evolve into a microstructure that is finally
classified as granular bainitic ferrite. The reason why Widmanstätten ferrite is seen
only in steels with higher C, could be due to higher volume fraction of retained
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austenite and consequently smaller fraction of Widmanstätten ferrite, in which
case the plate structure is more evident and the structure can be then classified as
Widmanstätten ferrite. Widmanstätten ferrite (i.e. primary Widmanstätten ferrite)
type of transformation could also explain the preservation of prior austenite grain
boundaries, when Widmanstätten ferrite is formed without the formation of
quasi-polygonal ferrite. This is due to fact that displacive transformation cannot go
across the prior austenite boundaries [41].
Araki and Shibata [317] considered the granular bainite as a type of
dynamically recovering product of the bainitic ferrite. In the case of low copper
bearing very low C HSLA steels, the granular bainite is rather highly dislocated,
but in general, granular bainitic ferrite is likely to have lower dislocation density.
Dynamic recovery during the nucleation and growth of bcc phase is proposed as
assisting the transformation that will result in a kind of recovered microstructure.
Spanos et al. [325] also suggested that bainitic ferrite and granular bainitic ferrite
might be essentially same microstructures with the exception that granular bainitic
ferrite undergoes significant degeneration during its growth.
What is suggesting against the similarity of the with bainitic ferrite type of
transformation, is the fact that single phased granular bainite forms at higher
temperatures than single phased bainitic ferrite and there seems to be a pronounced
drop especially in phase transformation start temperatures, when a shift from
single-phased granular bainitic ferrite to single-phased bainitic ferrite occurs This
tendency is clearly detected inFigure 74 c in the case of Steel 1182.
On the other hand, it should be pointed out that granular bainitic ferrite was
generally found as a single-phased structure in relatively highly alloyed LCB
steels cooled at low cooling rates below 6°C/s, but when these steels were cooled
at higher cooling rates (say 24–48°C/s) the microstructure then consisted of
bainitic ferrite or granular bainitic ferrite with significant amounts bainitic ferrite.
Similar observations are detected also by comparing the CCT diagrams in
Reference [5]. In HAZ, the tendency of granular bainite formation increases with
increasing heat input (i.e. low cooling rates) [326]. In Bainite Atlas almost all
microstructures classified as fully granular bainitic structure were obtained at low
of or medium cooling rates (i.e. below 10°C/s) [36]. This would suggest that the
tendency for the single-phased granular bainitic ferrite formation is pronounced at
lower cooling rates. As expected, at lower cooling rates (0.4–6°C/s) it can be
assumed that there is more time for the recovery to act and hence modify the
microstructure (towards granular type).
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Granular bainitic ferrite seems to be an almost inseparable part of
quasi-polygonal ferrite formation in many LCB steels irrespective of cooling rate,
but exists only as single-phased morphology in some relatively highly alloyed
LCB steels cooled at low or medium cooling rates. This raises a question whether
granular bainite in conjunction with quasi-polygonal ferrite is a similar
transformation product with single phased-granular bainite. Of course, when
granular bainitic ferrite forms in conjunction of quasi-polygonal ferrite, the
constraints of quasi-polygonal ferrite are expected to refine the formed granular
bainitic structure. Further, the granular bainitic ferrite in conjunction with
quasi-polygonal ferrite seems to be finer and the grain boundaries are seemingly
high angle ones, as seen in EBSD and as a response to etching in OM and
FEG-SEM. As a single-phased structure granular bainitic ferrite OM and FESEM
images seems to be more featureless and “monolithic”. The grain boundaries that
responded to etching were the prior austenite grain boundaries and boundaries
around the MA microconstituents. This could be explained by the fact that the
most of the grain boundaries inside the single-phased granular structure are low
angle boundaries and hence their response to etching is weak.
In summary, as granular bainitic ferrite has many similarities with
quasi-polygonal ferrite but also with bainitic ferrite, it has still got some
discrepancies, which strongly indicate granular bainitic ferrite to be its own kind
of γ-to-α transformation product. In LCB steels, granular bainitic ferrite forms in
the temperature range which is located between that of quasi-polygonal ferrite and
bainitic ferrite. This explains why granular bainitic ferrite was seldom observed as
a single-phased microstructure, but frequently found as a mixture with
quasi-polygonal ferrite and occasionally with bainitic ferrite. Similarly, with
quasi-polygonal ferrite, granular bainitic ferrite is characterized by irregular-like
ferrite with MA microconstituents, but in granular bainite, the morphology of
ferrite is less ragged and the formation of MA microconstituents are clearly
detected. Due to lower phase transformation the formation of well-developed
substructure is pronounced in granular bainitic ferrite as compared to
quasi-polygonal ferrite. The morphology of substructure was mostly granular type,
although occasionally some lath-like substructure was found. In quasi-polygonal
ferrite, the prior austenite structure was mostly eliminated, whereas in granular
bainite the prior austenite grain boundaries were frequently preserved which is a
characteristic similar to bainitic ferrite. There seems to be a considerable debate
about the formation mechanism of granular bainitic ferrite. It has been suggested
that granular bainite is essentially a product of Widmanstätten ferrite
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transformation, nucleating primary Widmanstätten ferrite sideplates. It has also
been suggested that the formation mechanism is similar to that of bainitic ferrite
with exception of significant recovery or degeneration associated with the granular
bainitic ferrite transformation. What is suggesting against the similarity of the with
bainitic ferrite type of transformation, is the fact that single-phased granular
bainite forms at higher temperatures than single-phased bainitic ferrite. On the
other hand, it should be pointed out that granular bainitic ferrite was generally
found as a single-phased structure in relatively highly alloyed LCB steels cooled at
low cooling rates below 6°C/s. But when these steels were cooled at higher
cooling rates (say at 24–48°C/s), the microstructure then consisted of bainitic
ferrite or granular bainitic ferrite with significant amounts of bainitic ferrite. This
would suggest that the tendency for the single-phased granular bainitic ferrite
formation is pronounced at lower cooling rates. At lower cooling rates (0.4–6°C/s)
it can be assumed that there is more time for the recovery to act and hence modify
the microstructure.
9.3.2

Bainitic ferrite

Bainitic ferrite is characterized by a lath-like ferrite with acicular MA
microconstituents between the laths as seen in Figure 70 a–c, that strongly
suggests that transformation characteristic are changed from quasi-polygonal and
granular bainitic ferrite, which both exhibit irregular-like ferrite. Similarly as
granular bainitic ferrite, the MA microconstituents are present in the
microstructure, but the major difference between MA microconstituents in
granular bainitic ferrite and bainitic ferrite is that the latter exhibits acicular or
needle-like shape. In single-phased granular bainitic ferrite, the prior austenite
grain boundaries are well-preserved, as seen micrographs in Figure 70 a and b. The
low angle boundaries between individual ferrite crystals seem to comprise of
so-called bainite packets as seen in Figure 70 d and f. Interestingly, the ferrite laths
forming packets seem to grow from one flattened austenite to another, as seen in
Figure 70 c and d. This strongly suggests that bainite packets result from mutual
impingement of growing ferrite nuclei, formed either individually or
sympathetically. Further, this indicates that the height of bainitic packet is strongly
influenced by the thickness of prior austenite grains.
The EBSD micrographs revealed that the bainitic laths within a single packet
are separated by a low angle boundary, whereas the boundary between two packets
is a high angle boundary. This kind of low angle grain boundary structure has its
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effect from strength and toughness point of view. Firstly, the low angle grain
boundaries are assumed to contribute to strengthening but have no significant
influence on the cleavage crack propagation. Secondly, if it is assumed that the
initiation of cleavage fracture is connected with cracking of MA microconstituents
in steel, the crack is not easily blunted by an adjacent grain boundary, since it is
most likely a low angle boundary.
Bainitic ferrite is often stated to contain high dislocation densities, which are
thought to originate largely from accommodation of stresses caused by the volume
change, or perhaps also from the lattice invariant strains [327].
There have been long lasting debates on the formation mechanism of bainite.
The arguments have been taking place on the question of local equilibrium in the
α/γ interface and the role of C diffusion and whether bainite reaction takes place in
one or two steps. Ultimately, these questions are related to an issue whether bainite
forms via diffusive or displacive (shear) mechanisms.
According to displacive mechanisms, the α/γ interface is of glissile,
martensitic type which can move without any random jumps of the lattice atoms.
The growth of ferrites occur in supersaturation of C (i.e. bainite inherits C (at least
partially) content of parent austenite) after most of C in bainitic ferrite is partioned
into the residual austenite or in the case of lower bainite precipitates in bainitic
ferrite. This would also lead to assumption that bainite transformation occurs in
two steps [41].
According to diffusive mechanism, some short-range diffusion of lattice
atoms is required. Originally, this was proposed to occur at well-developed ledges
in the α/γ interface. The modelling of the interface structure has now grown more
sophisticated and term “diffusive” is a general term that includes any structural
feature where lattice atoms can cross the interface by random jumps. It is believed
that the bainitic ferrite grows under full local equilibrium between α and γ across
the moving γ/α interface and hence for diffusional school it is natural to assume
that transformation takes place by a single step [328].
According to Araki and Shibata [317] the situation between diffusional/
displacive transformation would be modified such that the diffusional mechanism
will be operative to some extent in association with displacive formation from γ
lattice to α lattice. The α/γ interface has been generally described as coherent for
the displacive mechanism point of view. In the case of very low C, the short-range
diffusive mechanism may be more active for, in particular, bainitic ferrite. The
interface may be considered to allow some random jumps of substitutional atoms.
According to Araki and Shibata [317] there is a concept of the interface
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transferring from tetragonal austenite to cubic ferrite and semi-displacive manner
of transforming lattice regarded as nucleating on the aligned [111] atoms as a
lattice invariant line with Kurdjumov–Sachs orientation relationship. Figure 175
Shows a concept illustrating such defected interphase region, which consists of
transferring lattice from austenite to ferrite in a semi-displacive manner.
It has been suggested that the formation mechanism of bainitic ferrite and
granular bainitic ferrite might be essentially similar. The only difference is that
bainitic ferrite undergoes significantly lower level of degeneration due to
extremely short transformation time intervals available for the bainitic ferrite
transformation. However, a comparison of the phase transformation temperatures
of bainitic ferrite and granular bainitic ferrite clearly showed that the bainitic
ferrite formed at remarkably lower transformation temperatures than granular
bainitic ferrite. The single-phased bainitic ferrite microstructures are formed
clearly below 550–540°C, whereas granular bainitic ferrite formation starts at
temperatures between 620–580°C. This may indicate that transformation
mechanisms are dissimilar.
It should be noted that transformation temperatures of bainitic ferrite fits well
with upper end of the phase transformation range of classical upper bainite [320].
This indicates that bainitic ferrite transformation could exhibit similar phase
transformation characteristics as those of conventional upper bainite. According to
Bhadeshia [41] (and hence according to the school of displacive transformation),
the typical features of classical (upper) bainite are the incomplete reaction
phenomena, the absence of substitutional atoms partitioning, an invariant plane
strain shape deformation accompanying the growth, large dislocation density
inside the ferrite lath and orientation relationship within the Bain region. It should
be, however, emphasized that classical upper bainite contains cementite between
the ferrite laths, not MA microconstituents.
A comparison bainitic ferrite micrograph with those published in other bainite
classification systems reveals that bainitic ferrite is essentially similar
microstructure with degenerated upper bainite in Zajac et al. [2] classification
system and closely resembles BI type bainite in Ohmori et al. [29] classification
system and B2ma in Bramfitt and Speer classification system [16].
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Fig. 175. A schematic sketch of C distribution (Cα and Cγ) near moving interface
between austenite and ferrite. C0 is the initial content of carbon [317].

In summary, bainitic ferrite is characterized by a lath-like ferrite with MA
microconstituents between the laths, in contrast to granular bainitic ferrite and
quasi-polygonal ferrite, which both consist of irregular-like ferrite and granular
type MA microconstituent (especially, in the granular bainitic ferrite). Almost a
complete preservation of prior austenite grain structure indicates that bainitic
ferrite cannot across the prior austenite grains, which are well-established features
for the higher C bainite. In pancaked austenite grains, bainite laths grows as
parallel packets from one prior austenite to another, which indicates that the
thickness of austenite grain strongly determines the height of bainitic ferrite packet
size. Further, the packets in deformed austenite grains have tendency to be
orientated at about 45–50° angle to rolling direction. The EBSD revealed that laths
within a packet are separated by a low angle boundary, whereas the boundary
between two packets is a high angle boundary. Bainitic ferrite in LCB steel
initiates at 560–540°C and is completed roughly at 430–460°C. Transformation
temperature range is roughly the same as reported for conventional upper bainite.
There are several proposed formation mechanisms for the bainite ranging from
diffusional [328] to displacive [41] and mixed (displacive/diffusional) [317] type.
However it is not in scope of the present thesis to make a statement of exact
formation mechanism. On the other hand, based on the similarities in
morphological characteristics and phase transformation temperature range of
bainitic ferrite with conventional upper bainite, it is reasonable to suggest that both
microstructures form via similar mechanisms. Finally, it should be noted that
bainitic ferrite is practically identical ferrite morphology with BI type bainite in
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Ohmori et al. classification system [29], with degenerated upper bainite in Zajac et
al. [2] classification system and with B2ma in Bramfitt and Speer classification
system [16].
9.3.3

Modelling of phase transformation temperatures and hardness
during continuous cooling

Influence of chemical composition and cooling rate on the phase
transformation temperatures (and transformation microstructures)
Generally, it can be stated that austenite hardenability is rather complex
phenomenon and not fully understood even in present days [1,5,6]. On the basis of
Ar3 and Ar1 temperature models, alloying generally tends to increase austenite
hardenability (i.e. retards the phase transformation to lower temperatures), which
is a well-established issue in steels [1,5]. Austenite stabilizers, such as Mn, C and
Ni, retard the phase transformation by lowering the Ar3 temperature and thus
decreasing overall transformation temperature. Ferrite stabilizers such as Nb, Mo,
Ti and Cr, although raising Ae temperature, similarly retard the decomposition of
austenite largely by reducing the diffusivity of carbon in this constituent [1].
As expected, C was found to be effective in increasing hardness and
decreasing the phase transformation temperatures in CCT diagrams. Interestingly,
C did not influence the cooling rate term (k1) in the equation for Ar1 (Equation
79). This may be due to the fact that only LCB cases were included in the analysis.
When the B level approach was applied for the Ar3 temperature, an effect of C
content was more apparent for k1- term. For the hardness regression, C content
affected the k1 term.
C though increases the strength and hardness of bainite not only due to phase
transformation strengthening but also via formation of carbides (or MA
microconstituents) [80], and microalloy carbides [329]. Further it is suggested that
at low transformation temperatures, C will be trapped into bainite causing
significant solid solution strengthening [330].
Strengthening due to second phase microconstituents is not convincing
because, as seen from FEG-SEM micrographs representing the MA
microconstituents in bainitic ferrite (Figure 70 c–d), granular bainitic ferrite
(Figure 69 c–d) as well as in quasi-polygonal ferrite (Figure 68 c–d), their size is
rather coarse and spacing is sparse. Therefore, it is not expectable that their
contribution to strengthening via dispersion strengthening is pronounced. They
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may, however, influence the ability of grain or lath boundaries to impede
dislocation motion, thereby confining slip within the laths or grains and therefore
raise grain or lath-size contribution to strengthening [80]. On the other hand, it can
be discussed that increasing amount of MA microconstituents due to increasing
amount of C could enhance deformation hardening, similarly as in dual phase
steels, in which work hardening rate is enhanced by increasing the volume fraction
of martensite (besides decreasing martensite island size) [331]. However, the
influence of MA microconstituents cannot be completely ruled out. For instance,
Steels 1171 and 1178 have similar compositions with exception of C-content,
0.028 wt-% and 0.054 wt-%, reapectively. When comparing the CCT diagrams of
those two steel, it can be seen that higher C content slightly increases the phase
transformation temperature for polygonal ferrite, but lowers the transformation
temperature for the quasi-polygonal ferrite/granular bainitic ferrite by 10–20°C.
The hardness values for higher 0.054wt-% C Steel 1178 are approximately 20–25
HV higher than in Steel 1171 with 0.028 wt-% C, which is more than expected
because of the decrease in phase transformation temperatures caused by the higher
C content. Microstructural analysis showed that although both steels exhibited
quasi-polygonal ferrite/granular bainitic ferrite microstructure over the cooling
rate range 12–48°C/s, the fraction of granular bainite was higher in Steel 1178 and
hence the fraction of MA microconstituents is higher, too. The higher fraction of
granular bainitic ferrite with higher fraction of MA microconstituents may explain
the higher hardness of the specimens. Classically, the hardness values are related
to tensile strength, which, in turn, is related to the work hardening capacity of
specimen. Therefore, the higher hardness could partly be due to a better work
hardening capacity of Steel 1178 with higher fraction of MA microconstituents.
Hardening via precipitation of fine microalloy carbides (mainly NbC) during
γ/α transformation and/or in α is possible, but in LCB steels, the situation can be
rather complex. Firstly, the precipitation of microalloy carbides can be expected
only at low or medium cooling rates, since at highest cooling rates, precipitation
may be suppressed due to insufficient kinetics of precipitation. On the other hand,
precipitation of microalloy carbides is believed to be suppressed in very low C
steel at all cooling rates (C ~ 0.01wt-%) due to inadequate C for their formation.
For instance, yield strength of Steel 1144 (0.011 wt-% C) did not considerably
increase even after the heat treatment at 600 for 1 h (Figure 92 a) under conditions
that should favour intense precipitation of NbC. Therefore, precipitation hardening
can compensate the loss in hardness caused by the low cooling rates only in steels
with adequate C contents (say 0.015–0.02 wt-%). This effect may not be so clear in
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hardness of CCT specimens, since higher C contents may also contribute to
transformation hardening higher cooling rates. This may explain the positive sign
for C in k1 term in the hardness regression equation (Equation 80) indicating that
increasing C content increases the severity of cooling rate to hardness.
It has been shown that with decreasing transformation temperature, more C
remains dissolved in the ferrite part of bainite [80, 330]. This will tend to produce
solid solution strengthening, which may be partly due to an association of the
dissolved interstitial C atoms and dislocations in the structure. Such an association
of C atoms with dislocations is shown by internal friction experiments. Köster
peaks in internal friction technique taking place at 220°C, is generally interpreted
to be a result of C-dislocation interaction and is very pronounced in martensitic
structures. In a very early study by Pickering [332] on carbon dissolved in bainitic
ferrite utilizing Köster-peaks (in 0.1 wt-% C and 0.4wt-% C containing steels) it
was found that the intensity of Köster-peaks increase with decreasing
transformation temperatures, as shown in Figure 176. This indicates an increased
interaction between C and dislocations, which is believed to be mainly due to the
increased C in solution in bainite at lower transformation temperatures. As seen
from Figure 176, the intensity of Köster peaks seems to increase rather moderately,
especially in the temperature range between 650–500°C, which is the typical
transformation temperature range for quasi-polygonal and granular bainitic ferrite,
and also partly for the bainitic ferrite. This would indicate that dissolved carbon–
dislocation interaction in LCB steels transformed between 650–500°C is rather
constant. On the other hand, as the transformation temperature decreases below
500–450°C, it could be expected that more C is trapped in bainite. It should be
emphasized that almost in all experimental steels, transformation was completed
above 450°C and in major cases only a part of transformation took place between
450–550°C, if any. Although C has a dramatic solid solution strengthening effect
in iron, the equilibrium C content is negligible at room temperature. As carbon is
very mobile at bainitic transformation temperatures any supersaturation of C
should be very quickly reduced by partitioning into either the surrounding
untransformed austenite or as interlath/intralath carbides [80]. This can be
expected to be true for LCB steels, where C content is low and transformation
temperatures are relatively high. However, if a major part of the transformation
takes place in temperatures below 500–450°C, it will be reasonable to assume that
increasing amount of C is trapped inside the bainitic ferrite, giving rise to the
interstitial hardening.
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Fig. 176. Effect of transformation temperature on Köster peak in bainite. The Köster
peak intensity in the transformation temperature range from 650 to 500°C is rather
constant indicating similar carbon-dislocation interaction in this range [332].

Although C is conventionally considered as element that increases the
hardenability of steels, it should be noted that low C content does not necessarily
mean low hardness and high transformation temperature, since it is possible to
retard the phase transformation to rather low temperatures by utilizing
substitutional alloying elements such as Mn, Mo and Ni. This phenomenon is well
known, for instance, in extremely low C (0.002 wt-%) Fe-9Ni alloys that
transform into massive ferrite during quenching [316]. Also a comparison of CCT
diagrams in Figure 71 a–c, where steels have identical composition reveals that an
increase in C content from 0.01 wt-% (Steel 1144) to 0.043 wt-% (Steel 1143)
barely affected the phase transformation start temperatures and hardness values,
especially in the cooling rate range between 0.4–6°C/s. With increasing cooling
rates, the hardness values of higher C counterparts (Steels 1142 and 1143)
increased and phase transformation temperatures slightly decreased, while the in
Steel 1144 with 0.011 wt-% C, the hardness and phase transformation temperatures
were practically unaffected. On the hand, higher C content of 0.043 wt-% does not
necessarily guarantee low phase transformation temperature or higher hardness
especially at lower cooling rates, but is significantly related to the presence of
other alloying elements in steel such as Mn and Ni. An example of this is seen in
Figure 73 g, where CCT diagram for Steel 1151 is presented. B-free Steel 1151
contains 0.041 wt-% of C and 1.0 wt-% Cr, but austenite stabilizer elements, such
as, Mn (1.3wt-% Mn and 0.15 wt-% Ni) are at their lower limits. Accordingly,
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Steel 1151 exhibits a pronounced polygonal ferrite field that is eliminated only at
cooling rates above 6°C/s.
In Bainite Atlas [36], it is discussed that the influence of C content level can
be rather complex and in contrast to ordinary hardenability concept, extra low C
levels (even below 0.01 wt-%) seem not necessarily to promote the evolution of
polygonal ferrite, but maintaining quasi-polygonal and granular bainitic ferrite
characteristics. This tendency is well-recognized in the case of relatively slow
cooling. However, C content around 0.03 wt-%, which is just above the C
solubility limit in ferrite at 600–700°C, seems to slightly promote the formation of
ferritic phases in comparison with that of extra low C steels.
As stated in References [333, 334], reduction in C content reduces the
sensitivity of phase transformation temperatures to cooling rates. This could be
understood by the fact that C is no longer the major source of strength, but
strengthening is attributed to, for instance, rather high Mn and/or Ni alloying, as
austenite stabilizers expand the stable austenite field to lower transformation
regime for quasi-polygonal ferrite. Further, the quasi-polygonal ferrite (i.e.
massive ferrite) has the characteristics to exhibit stable transformation plateau over
a wide range of cooling rates [34].
In summary, C contents of 0.025–0.045 wt-% can considerably increase the
hardness and lower phase transformation temperatures as compared to their lower
C counterparts, which is attributed to formation of lower temperature ferrite
morphologies, such as bainitic ferrite instead of quasi-polygonal ferrite and
granular bainitic ferrite. On the other hand, it is remarkable that even with C
content 0.011–0.016 wt-% in conjunction with proper alloying, it is possible to
obtain quasi-polygonal-granular bainitic microstructure with hardness values
between 200–240 HV10 in a wide range of cooling rate. Further, higher C of ~
0.04wt-% does not necessarily guarantee formation of quasi-polygonal ferrite,
granular bainitic ferrite or bainitic ferrite, especially at lower cooling rates, but this
tendency is far more significantly affected by the content of other alloying
elements. C content also significantly affects the insensitivity of phase
transformation temperature and hardness to cooling rates. As expected,
microstructures of higher C counterparts exhibit a higher fraction of MA
microconstituents in comparison to their lower C counterparts, but interestingly,
MA microconstituents were observed in low C steels even at low cooling rates. In
LCB steels, carbon is no longer the major source of strengthening from
conventional hardenability point of view (interstitial strengthening, carbide
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strengthening), but its major influence is to retard phase transformation to lower
temperatures giving rise to dislocation and grain size hardening.
Mn was found to influence strongly the k0 term of regression models for Ar3,
Ar1 and hardness. In the case of phase transformation temperatures, Mn coefficient
had a negative sign, which tells that Mn lowered the phase transformation
temperatures, whereas the positive sign for k0 in HV10 equation indicates that Mn
increases hardness. This is consistent with the findings that a decrease in phase
transformation temperature leads to an increase in hardness.
Mn had a positive sign for k1 term in Ar3 equation (Equation 78). This means
that Mn addition reduces the influence of cooling rate. On the other hand, for k1
term of Ar1 equation, Mn had a negative sign, which indicates that the influence of
Mn is opposite for Ar1 temperature compared to that for Ar3 temperature.
However it should be emphasized that coefficient of Mn for the k0-term of Ar1 is
quite small (-8). For the HV10 model, no influence of Mn on k1 term was found.
Mn decreases remarkably phase transformation temperatures and increases
hardness during continuous cooling. This is simply understood by the fact Mn is a
strong austenite stabilizer and expands the austenite field to low temperatures
[314]. Similarly, the influence of Mn on the cooling rate can be understood by the
austenite stabilizing effect. Austenite is stable at lower temperatures by increasing
Mn content even at low cooling rates. Eldis and Hagel [335] derived an equation
for the hardness of bainitic microstructure, according to which Mn increases the
hardness, but decreases the influence of cooling rate on hardness values. This is
consistent with the results of the Ar3 temperature model, which indicates that Mn
reduced the effect of cooling rate. There are evidences in pure Fe-Mn and iron
alloys that Mn strongly lowers the γ/α−transformation temperature, so that the
nucleation temperature of the massive ferrite (i.e. quasi-polygonal ferrite) in
Fe-Mn alloy is depressed much lower than that of pure iron, even at rather low
lower cooling rates [34].
Mn increases the solubility of Nb in austenite decreasing the supersaturation
of Nb in austenite and thereby retards NbC precipitation in austenite [336]. This, in
turn, may favour NbC precipitation during γ/α transformation or in the ferrite
regime or during subsequent heat treatment. Therefore Mn may retain more Nb
and C is solid solution and retard phase transformation to lower temperatures.
The present results are in line with those of in Reference [87] where it was
found that a LCB steel with a higher level of Mn+Si addition (1.96 wt-%) exhibits
lower Ar3, sluggish transformation kinetics and higher hardnesses in undeformed
and thermomechanically processed conditions as compared with the steel with a
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lower level of Mn+Si (1.17 wt-%). These effects are explained in terms of the
effects of Mn and Si contents on the carbon partitioning and the subsequent phase
transformation behaviour of these steels during continuous cooling.
From above finding, it can be concluded that high Mn additions are essential,
when aiming at high strength product at relatively low cooling rates. Also
enhanced impact toughness and improved weldabilty by high Mn addition of
around 1.9–2.0 wt-% makes Mn as an interesting alloying element in LCB steels.
Influence of Cu on the k0-term of Ar3 temperature model was found to be
dependent as a Cu+lnCu term. This is understood because Cu content was varied
at four levels, namely 0.02 (i.e. no deliberate Cu alloying), 0.2, 0.7 and 1.2 wt-%.
It is reasonable to assume that influence of Cu does not obey a linear dependency
between 0.0–1.2 wt-%. This non-linearity is best described by the Cu+lnCu term.
Similarly dependency than for k0-termwas found also for k1-term, too.
Influence of Cu on k0- and k1-terms in the Ar1 temperature model was
described by the linear dependency. It should be emphasized that Cu coefficient in
the Ar1 model contains significantly statistically significant uncertainty (as seen in
large P-values) and the incorporation of logarithmic term did not improved the
statistical significance.
Hardness values obeyed linear dependency similarly as Ar1 temperature. This
can be expected because, Cu can precipitate as ε-Cu at lower cooling rates giving
rise to precipitation hardening, but at higher cooling rates, precipitation of Cu is
suppressed.
Direct observations of influence of Cu can be seen by a comparison of CCT
diagrams of Steel 1171, 1173 and 1174 in Figure 75. They all have similar base
composition, with the exception that Steel contains 1171 contains no deliberate Cu
alloying, Steel 1173 contains 0.7 wt-% of Cu and Steel 1174 contains 1.15 wt-% of
Cu. A comparison of CCT diagrams of Steels 1171 and 1173 shows that both the
phase transformation start and finish temperatures are lower by about 20°C,
consistently over the cooling rate range studied. Further, it is seen that polygonal
ferrite field is retarded to lower cooling rates. A comparison of CCT-diagrams of
Steel 1174 to that of Steel 1171 reveals that the phase transformation temperatures
of mixed microstructure consisting of quasi-polygonal and granular bainitic ferrite
are 25–35°C lower in 1.15wt-% Cu containing Steel 1174 than in Cu-free Steel
1171. Further, the polygonal ferrite field is eliminated in Steel 1174.
When comparing the hardness values of Steels 1171, 1173 and 1174, it seen
that the hardness values are rather insensitive to cooling rates, although hardness
increases with increasing cooling rate especially in Steel 1173. When comparing
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the hardness values of these steels at low cooling rates it is seen that Steel 1174
exhibits clearly higher hardnesses than its lower Cu counterparts. For instance, at
cooling rate of 3°C/s, 1.15wt-% Cu containing Steel 1174 shows a hardness of 246
HV, whereas Steels 1171 and 1173 showed hardnesses of 203HV and 215 HV,
respectively. The higher hardness value is not expected purely to be caused by the
phase transformation strengthening due to lower transformation temperature for
Steel 1174. Therefore, it can be expected that higher Cu contents at lower cooling
rates contribute to intense precipitation strengthening giving rise to hardness in
addition to phase transformation strengthening. At increasing cooling rates, the
precipitation strengthening effect can be assumed to be weaker due to insufficient
precipitation kinetics of Cu [68].
Cu is conventionally considered as a precipitation strengthening element, but
can also transformation strengthening effect by retarding austenite decomposition,
giving rise to phase transformation hardening (grain and sub-grain strengthening
and dislocation strengthening). For instance, Araki and Shibata [317] mentioned
that in low C Cu-bearing HSLA steel granular bainitic ferrite is highly dislocated,
but in general, granular bainitic ferrite has rather low dislocation density. It is
reasonable to suggest that Cu addition between 0.01–1.15 wt-% in LCB steel has
the following effects on the phase transformation characteristics: an increase in Cu
content from low level to 0.7wt-% retarded moderately quasi-polygonal and
granular bainitic ferrite transformation range to lower temperatures. Further
increase in Cu content does not significantly retard the quasi-polygonal/granular
bainitic transformation to lower temperature range. This is especially true for high
cooling rates. On the other hand, high Cu seems to eliminate the polygonal ferrite
field. Precipitation of Cu at its higher levels (1.15 wt-%) and at lower cooling rates
can be assumed to contribute to precipitation hardening, but at higher cooling
rates, precipitation hardening may weaken due to insufficient precipitation
kinetics.
Cr tends to decrease the phase transformation and increase the hardness as
indicated by negative signs of k0 terms in phase transformation equations and
positive sign in hardness equation. This is consistent with the result that Cr tends
to promote the formation of bainite dominant microstructure. This is mainly due to
its suppressing effect of polygonal ferrite formation [70].
The coefficient of Cr had a small negative sign for the k1 term in Ar1
temperature equation and positive coefficient for the k1 term hardness equation
also. Hence, it enhance the influence of cooling rate. On the other hand, Cr did not
have influence on the k1 term of Ar3 equation.
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Cr has been reported to lower the phase transformation temperatures in very
low Fe-Cr alloys in the range of 0–10 at-% (corresponding to ~0–11 wt-% ).
Especially this is true for transformation taking place at higher temperatures, such
as polygonal ferrite and massive ferrite, whereas for the transformation taking
place at lower temperatures (i.e. lath and twinned martensite), effect of Cr seems to
be rather minor. This is detected in Figure 177, where the phase transformation
temperatures recorded by number of workers are plotted [34]. The decrease in
phase transformation temperatures caused by the Cr addition seems to be quite
minor only ~10°C/1 at-% (~10°C/1 wt-%) as compared to decrease of about 38°C
due to a presence of 1 wt-% of Cr, as predicted by Equation 78. On the other hand,
a classic equation for Bs temperature published originally by Stevens and Hansen
in 1958 (Equation) holds a Cr coefficient of -70, which suggests that 1.0 wt-% of
Cr addition decreases phase transformation temperature by 70°C.

Fig. 177. Transformation temperatures in Fe-Cr alloys. (Quoted from Reference [34]).

Ni decreased the phase transformation temperatures and increased the hardness.
An increase in Ni content from 0.02 to 1.0 wt-% decreased the Ar3 and Ar1
temperatures by 37°C and 27°C, respectively. The corresponding increase in
hardness was roughly 28 HV10. Ni is a well-known austenite stabilizer, and can
thus lower the phase transformation temperature and increase the undercooling.
The increase in hardness with increasing Ni content can be understood by the
phase transformation strengthening as well as solid solution strengthening.
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As shown in Figure 178, Ni can efficiently reduce the phase transformation
temperatures for various γ/α transformation products. The slope is rather similar for
equiaxed ferrite, massive ferrite, bainitic ferrite and martensite with the exception of
only low Ni contents. The average decrease in phase transformation start temperature
is roughly 30–35°C/wt-% for massive ferrite and bainitic ferrite structures. In Equation
1, Ni holds a coefficient of -37, indicating that 1.0 wt-% of Ni addition causes a
decrease of 37°C in transformation temperature. These results are in agreement with
the decrease predicted by Equation 78, according of which, a 1.0 wt-% of Ni addition
causes a 33–40°C decrease in phase transformation temperature in the cooling rate
range of 12–48 °C/s.

Fig. 178. Variation of transformation temperature with Ni content in Fe-Ni-alloy as
recorded from various studies. Quoted from Refence [34].
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The effect of Ni and Cr on the phase transformation kinetics of LCB steel can be
obtained from a comparison of CCT diagrams of Steel 1142 and Steel 1171. These
Steel compositions are similar to each other (Steel 1142: 0.24C–02Si1.99Mn-0.82Ni-0.26Mo-0.2Cu-0.054Nb-0.02Ti, Steel 1171: 0.28C-0.2Si-1.9Mn0.82Cr-0.26Mo-0.52Nb-0.02Ti) except that Steel 1142 contains 0.8Ni and no Cr,
whereas 1171 holds 0.8Cr but no Ni. Besides, Steel 1142 holds 0.2Cu, but the
differences in Cr and Ni contents are expected to cause the major effects. The main
differences in the CCT diagrams are the polygonal ferrite field in 0.8Cr containing
Ni-free Steel 1171 at lower cooling rates and the non-existence of this field in
0.8Ni Cr-free Steel 1142. This could be easily explained by the different natures of
Cr and Ni. Ni being a strong austenite stabilizer can extend austenite field to lower
temperatures even at lower cooling rates. On the other hand, Cr as a ferrite
stabilizer does not eliminate the polygonal ferrite at lowest cooling rates. However,
as mentioned above, almost all elements can increase bainite hardenability, for
instance, by reducing diffusivity of C in austenite. As the cooling rate increases
above 3°C/s, polygonal ferrite formation disappear in Steel 1171 too, resulting in a
flat quasi-polygonal ferrite/granular bainitic ferrite field over wide range of
cooling. While the influence of substitution of 0.8Ni for 0.8Cr on this phase
transformation range temperatures is rather minor, although phase transformation
temperatures in 0.8Ni containing steel 1142 are consistently 15–20°C higher than
those of Steel 1171 with 0.8Cr. Further, hardness values do not show any
significant difference between these steels when compares at the same cooling
rates. The hardness values were mainly within 10 HV. Hence, from transformation
strengthening point of view, “high” Ni additions of around 0.8 wt-% can be
replaced by similar amounts of Cr and vice versa, when cooling rates lower than
3°C/ are avoided.
Mo significantly contributed to a decrease in phase transformation
temperatures and an increase in hardness. For instance, coefficient -73 for Mo in
Ar3 temperature model would give almost 44°C decrease in Ar3 temperature, if
Mo is increased from residual levels to 0.6 wt-%. Mo did not have any influence
on effectiveness of cooling rate in the case of phase transformation temperatures.
However, a small negative coefficient of -12 in k1 term was determined for the
HV10 model. It should also be noted that in Equation 1, Mo has a coefficient of
-83, suggesting that an addition of 0.6 wt-% Mo approximately causes a decrease
of 50°C in Bs temperature.
A direct effect of Mo can be seen in Figure 75, by comparing CCT diagrams
of Steels 1171 and 1176 and CTT those of Steel 1172 and CCT diagram of Steel
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1177. All these steels have similar base composition, but Steel 1171 contains
0.052Nb and 0.25Mo and Steel 1176 0.049Nb and 0.59Mo. Steel 1172 hold
0.094Nb and 0.26Mo and Steel 1177 0.091Nb and 0.59Mo. Hence, the CCT
diagrams provide information of the influence of Mo increment from 0.025 wt-%
to 0.6 wt-% under two levels of Nb. Likewise, an information of influence of Nb at
different levels of Mo can be obtained, when comparing CCT diagram of Steel
1171 with that of Steel 1172 as well as CCT diagram of Steel 1176 with that of
Steel 1177. Anyhow, Mo does not seem to have a pronounced effect on polygonal
ferrite formation, since in all steels, there exists a clear polygonal ferrite field at the
lowest cooling rates (0.4–1.5°C/s). The quasi-polygonal/granular bainitic fields,
instead, was slightly shifted to lower temperatures by approximately 20–30°C. The
hardness values do not differ from each other, especially when comparing the
Steels 1172 and 1177. However, Steel 1176 exhibit exceptionally high hardness
values especially at lower cooling rates. The decrease of Ar3 by about 20–30°C
due to Mo increment from 0.25 wt-% to 0.60 wt-% is in line with Ar3 regression
equation (Equation 78) that predicts a drop of 25°C in phase transformation
temperatures by increment of Mo content by 0.35 wt-%.
It has been suggested that Mo enhances the formation of bainite by
segregating to the prior austenite grain and deformation induced boundaries; a
similar mechanism has been also suggested for Nb, Ti and B [1]. The rate of ferrite
nucleation is suppressed via formation of extremely fine carbonitrides, that
populate the aforementioned boundaries and thus hinder the ferrite nucleation
[337]. Zicek et al. [5] discussed that Mo could be expected to decrease the
nucleation rates of all ferrite morphological types nucleating heterogeneously on
the austenite grain or deformation induced grain boundaries. On the other hand,
granular bainitic ferrite/bainitic ferrite microstructures can be achieved in low
carbon steels without Mo as shown in Figure 74 b in the case of Steel 1182.
According to Hara et al. [93] Mo can fortify the effectiveness B and thus
enhance the formation of bainite. This is because of the formation of clusters of C
and Mo, that bind effectively C. Formation of complex Fe23(CB)6 on austenite
grain boundaries is then suppressed and B is remained segregated at grain
boundaries, thus efficiently preventing the formation polygonal ferrite.
It has been reported that substitutional alloying elements, such as Mo (also
Mn, Nb and Ti) tend to reduce ferrite growth rate and it has been suggested that
this phenomena might be a consequence of solute-drag like effect (SDLE).
According to this SDLE hypothesis, non-equilibrium absorption of the
aforementioned elements, having appreciable size misfits with respect to the iron
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atoms, occur to the disordered areas close to the α/γ interface during ferrite
growth. Since these solute elements suppress the carbon activity in austenite
contact with the growing ferrite, they reduce the diffusional flux of carbon into
austenite and thus reducing the ferrite growth rate [322]. However, it should be
noted that the applicability of SDLE concept is based on the premise that
non-equilibrium ferrite microconstituents are formed via a diffusion controlled
ledge growth [338].
Mo is also a carbide former, that can form MoC, but in the presence of other
strong carbide formers such as Nb and Ti, precipitation hardening due to pure
MoC is assumed to be limited, although mixed Mo-rich NbC can be formed, as
reported by Lee et al. [114].
It is interesting to note that Nb influences neither k0 term phase transformation
temperatures nor the hardness even though all specimens were soaked at 1250°C
for 2 h and water quenched to ensure the complete dissolution of Nb at the start of
the Gleeble simulations. However, factors of 136 and 102 were determined for k1
term in case of phase transformation models. Bearing in mind the investigated
composition range from 0.04 to 0.1 wt-%, the absolute influence of Nb on the
effectiveness of cooling rate is minor.
According to the solubility product of Nb(C,N) given by Hodgson and Gibbs
[339], which takes into account of the influence of Mn content, reheating the
specimens at 1100°C for 2 minutes should not result in Nb(C,N) (or NbC
precipitation if N is assumed to be bound by Ti ) precipitation, when Mn content is
taken as 1.3%. Only three heats fall outside this solubility range, as shown in Figure 179. In practice the situation is not so simple, because all steels contain about
0.02% Ti, so that mixed Ti,Nb(C,N) are formed and the solubility of the mixed
carbonitrides can differ from that of Nb(C,N).
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Fig. 179. Solubility limit of NbC, in austenite at 1100°C containing 1.3 wt-% Mn. N is
assumed to be completely bound by Ti, i.e. C+12/14N=C.

To confirm the influence of Nb on phase transformation kinetics some additional
test were performed. Steels 1171 and 1172 with a similar composition with
exception of Nb content (0.054 wt-% in Steel 1171 and 0.09 wt-% in Steel 1172)
were subjected to similar dilatometric schedule as described in section 7.6.2 with
the exception that a reheating temperature of 1250°C for 2 min was used in
addition to reheating at 1100°C. These experiments showed no effect of Nb
content on the phase transformation temperatures of the steels with a base
composition of 0.026C-1.8Mn-0.26Mo-0.02Ti and Nb content at two levels: 0.05
to 0.095 wt-%, Figure 179 a. When the reheating temperature of 1100°C was
applied, the phase transformation temperatures were systemically 15–20°C higher
than after reheating at 1250°C. This difference can be attributed to the differences
in the austenite grain size after reheating at different temperatures, being 120–150
μm and 60–80 μm at 1250°C and 1100°C, respectively, Figure 179 b. Coarser
grain size decreases phase transformation temperatures due to a lower density of
grain boundary nucleation sites for ferrite formation. The same kind of reasoning
applies to hardness too.

351

Fig. 180. (a) CCT diagrams of steels 1171 (open circles) and 1172 (solid circles) with the
Nb contents 0.05% and 0.095%, respectively, after reheating at 1250°C. (b) CCT
diagrams of Steel 1171 after reheating at 1100°C and 1250°C.

The reason for the ineffectiveness of Nb in the CCT study is not completely clear.
According to Hulka [340] Nb is effective in retarding the transformation processes
at least during quenching. On the other hand Rees et al. [341] have reported that
increasing Nb content retards bainite transformation, but the effect was rather
small in the 0.1C–0.4 Si-1.52Mn-0.03Nb steel. Bai et al. [342] reported that
addition of 0.059Nb to 0.03C-0.14Si.-1.8Mn-0.35Mo-0.0040B steel seemed to
have no obvious influence on the transformation temperature. Manohar et al. [87]
reported that presence of Nb in undeformed samples lowers the Ar3 temperature,
but raises it when the specimens are deformed at 840°C.
An important feature of this CCT investigation is the applied single pass strain
of 0.6 at 850°C. It is possible that precipitation of NbC takes place during and after
the deformation. As the Nb content increases, there is also an increase in the
driving force for NbC precipitation, which means that increasing amounts of C are
precipitating out of solid solution. Thus, an increasing amount of C is bound as
NbC and this C is not able to cause expected retardation of the phase
transformation. Taking intio account of the relatively high Nb contents (0.04–
0.1%) compared to the low carbon contents of the investigated steels (0.01–
0.04%), significant fractions of C can be tied up as NbC. Hence, increasing the
total Nb content can increase the amount of Nb in solid solution, there is a
possibility that a marked fraction of C is precipitated out of solution during
straining, which nullifies the phase transformation retarding effect of Nb. NbC
formed in austenite at high temperatures is coarse and incoherent with respect to
the ferrite matrix and therefore contributes little to strength and hardness. On the
other hand, k1 term of the hardness equation has a negative sign for the coefficient
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of Nb, which indicates that Nb reduces the influence of cooling rate. It is
reasonable to assume that at low cooling rates, there is sufficient time for NbC
precipitation during and after the phase transformation and therefore Nb, would be
expected to contribute to hardness at low cooling rates, whereas at higher cooling
rates, NbC precipitation is suppressed. However, it should be noted that in B-level
approach, standard error for Nb coefficients in k1 term was relatively large.
The influence of B was prominent in increasing the hardness and depressing
the phase transformation temperatures. B also enhanced the influence of cooling
rate on both hardness and the phase transformation temperatures, which means
that B is more effective when accelerated cooling is applied. B level approaches
gave slightly better fits with measured values especially in the cases of the Ar3 and
Ar1 regression models. However, in the hardness (HV10) regression models, the
difference between the B level and wt-% B approaches was negligible.
B is a well-known microalloying element to suppress the ferrite formation (i.e.
diffusional transformation processed) and enhance formation of bainite and
martensite. There are several explanations on the mechanisms how B influences
on hardenability, as discussed in Discussion.
B was also observed to increase the influence of cooling rate (i.e. influence on
k1 term) in both phase transformation equations and hardness equation. This
observation can be explained in terms of phase transformation start temperatures
by using the schematic illustration in Figure 181. The microstructures of B-free
steels generally consisted of polygonal ferrite at very low cooling rates (these
phase transformation temperature and hardness were omitted) followed by
flat-topped quasi-polygonal and granular bainitic ferrite phase fields. Bainitic
ferrite dominated microstructures were found only rarely in B-free steels. This
gives an impression in regression analysis that B-free steels are insensitive to
cooling rate. On the other hand, in B-containing steels, polygonal ferrite field was
completely eliminated at lower cooling rates and quasi-polygonal ferrite was also
practically eliminated. The microstructure consisted of a mixture of granular
bainitic ferrite and bainitic ferrite. Increasing cooling rate and amount of alloying
elements (including also C) promote the formation of bainitic ferrite dominated
microstructures. This change from granular bainitic ferrite dominate
microstructure to bainitic ferrite dominated microstructure is associated a distinct
drop in phase start temperature, as illustrates in Figure 181. This distinct drop in
regression analysis gives an impression that B significantly influences on the
effectiveness of cooling rate, although bainitic ferrite dominated microstructures
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can also be characterized a relatively flat top. Same kind of reasoning of the
influence of B on the cooling rate applies to Ar1 and HV10 similar as for Ar3.
The complete elimination of polygonal ferrite and the significant reduction of
quasi-polygonal ferrite in B alloyed steels is in line with their transformation
mechanism as discussed in sections Discussion and Both polygonal and
quasi-polygonal ferrites are formed via diffusional (i.e. reconstructive)
transformation and therefore, it can be expected that their fractions are reduced as
B alloying is utilized. Consequently, granular bainitic ferrite and bainitic ferrite are
assumed to form via displacive transformation and it is known that B cannot
significantly prevent this type of transformations.

Fig. 181. Schematic illustration of influence of B on the severity of the cooling rate in
regression analysis.

9.4
9.4.1

Mechanical properties of hot rolled and heat-treated plates
General trends in mechanical properties

As seen from Figure 79, strength range of the studied LCB steels in as-rolled
condition covered yield strength from 500 MPa up to 800 MPa. In heat-treated
condition corresponding strength range was from 550 MPa up to 950 MPa.
The relationship between Ar3 and yield or tensile strength is illustrated in Figure 182. Strength values are obtained from laboratory hot rolled plates and the Ar3
(As dealing with LCB microstructures Ar3 is measured from CCT diagrams using
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the cooling rate of 12°C/s that is close the cooling rate applied in the hot rolling).
The straight line relationship between phase transformation and strength shown in
Figure 182 has also been reported in literature [1]. This behaviour can be
rationalized by assuming that as the alloy content increases, the Ar3 temperature
decreases. This would not only give rise to an increase in solid solution hardening,
but also contribute to dislocation and grain size strengthening, since grain or lath
size is known to decrease and dislocation density is known to, as the increase as
phase transformation temperature is lowered. Therefore, yield and tensile strengths
can be expressed as functions of phase transformation temperature. The
relationships are as follows:
Rp0.2 (MPa)=-2.11Bs +1892

(107)

Rm (MPa)=-2.50Bs+2304.

(108)

and

The determined slopes fall in the range given other worker as shown in the Figure
183. The determined slopes for other bainitic steels are in the range of 1.88MPa/°C
to 3.39 MPa/°C. The results shown in Figure 183 also indicate the two ways of
varying the Ar3 (or Bs) temperature: i) by varying the alloying levels at a constant
cooling rate or ii) by varying the cooling rate at constant composition. In the
former solid solution strengthening as well as dislocation and grain size
strengthening would be varied, whereas in the latter case only the dislocation
strengthening and grains size strengthened would be altered. Precipitation
strengthening in as-rolled condition can be assumed to be negligible in as-rolled
steels cooled to room temperature at rate of 15–20°C/s, due to insufficient kinetics
of precipitation caused by the rather low phase transformation temperatures and
high cooling rate. On the other hand, in the heat-treated specimens, the role of
precipitation strengthening is the major source of observed yield strength
increment.
The increase in strength level in the as-rolled condition was also attributed to
clear changes in the microstructures. The microstructures of steels with yield
strength from 500–600 MPa consist essentially of quasi-polygonal ferrite and
fraction of granular bainitic ferrite was low. This is understandable since phase
transformation is initiated clearly in the temperature range for quasi-polygonal
ferrite. As the yield strength level increases above 600 MPa, the fraction of
quasi-polygonal ferrite is clearly reduced and granular bainitic ferrite is present at
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significant fractions. As the yield strength of as-rolled plates exceeds the 700 MPa,
the microstructures consist essentially of bainitic ferrite.

Fig. 182. Yield and tensile strengths vs. the Ar3 temperature for as-rolled specimens.
Typical transformation temperature ranges for quasi-polygonal ferrite, granular bainitic
ferrite and bainitic ferrite are indicated. Open and solid circles are for yield strength
and tensile strength, respectively.

Fig. 183. Strength vs. Bs temperature relationship for TMP low C bainitic steels [1].

Yield-to-tensile strength-ratios of LCB steels in as-rolled condition were mainly
below 0.85 (Figure 79). Typically, Rp0.2/Rm-ratios were in the range 0.75–0.80,
which is quite a common value for as-rolled bainitic steels [41]. The
yield-to-tensile strength values increase as the dislocation glide becomes more
difficult at a lower temperature, for instance [343] or as the dislocation density
increases [89] and with a decrease in grain size [344]. Consequently, the Rp0.2/
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Rm-ratio decreases as the fraction of MA islands increase or their size decreases
[331].
In the present steels, however, there is no dramatic change in yield-to-tensile
strength ratio with the increment of strength level, as seen from Figure 79 and
suggested by Equation 82, even though there seems to be a slight tendency for the
ratio to increase with increasing strength level. This is probably due to an increase
in dislocation density and refinement of grain size controlling the yield strength
that is expected to increase the Rp0.2/Rm-ratios. On the other hand, higher strength
steels generally contained higher contents of C, which can lead to higher fractions
of MA and thereby contributing to lowering of Rp0.2/Rm-ratios. Although, the
dislocation and grain size strengthening at the higher strength levels contribute to
increasing the Rp0.2/Rm ratio, the increment in C content and hence increase in
MA fraction could contribute to lowering of Rp0.2/Rm-ratio. As a result
aforementioned ratio in as-rolled steels remains rather constant over the studied
strength level range.
The rather low Rp0.2/Rm -values of LCB steels can be attributed to their
dual-phase nature. Quasi-polygonal ferrite, granular bainitic ferritic and bainitic
ferrite consist of ferrite with dispersed secondary microconstituents consisting of
martensite and austenite. In the present case, these microconstituents are mainly
consisted of martensite and the fraction of austenite is negligible. It is well known
that plastic deformation at first is focused on the softer phase (i.e. ferrite), whose
yield strength is lower. The harder phase (i.e. martensite) starts to deform only
when the softer phase has strain hardened sufficiently to transfer the load [41]. It is
also known that work hardening characteristics in dual-phase steels are attributed
to the size and fraction of martensite islands. The work hardening rate increases
with increasing volume fraction of martensite and decreasing martensite island
size [331]. Thus, the yield-to-tensile strength ratio can be expected to be higher in
steels with higher fraction of secondary microconstituents, although their yield
strengths are similar. Therefore, yield to tensile strength values are higher in steels
with higher fraction of secondary microconstituents. Partly, the volume fractions
of secondary microconstituents are related to C content of steel and in present
study a weak trend for increasing yield-to-tensile-strength ratio with increasing C
content was found.
In heat-treated condition yield-to-tensile strength ratios were consistently
higher than those in as-rolled condition, ranging form 0.88 to as high as 0.95 and
there was a clear trend for this ratio to increase with increasing strength level, as
seen from Figure 79 and suggested by Equation 83. The main microstructural
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changes occurring during tempering are the precipitation of fine microalloy
carbides and reduction of dislocation density in the ferrite part of microstructure
and tempering of martensite with occasional precipitation of spheridiozed
cementite particles. Therefore, it is expectable that strength difference between
ferrite and martensite parts are reduced and since precipitation strengthening is
attributed to the prevention of dislocation movement [79], the yielding starts at
higher stresses in ferrite than in as-rolled condition. Further, the tempered
martensite islands may not anymore contribute to substantial strain hardening. The
situation could be compared to dual-phase and ferritic-pearlitic steels with equal
volume fractions of martensite and pearlite secondary islands. Hard martensite
islands contribute to strain hardening efficiently increasing tensile strength
compared to yield strength, but softer pearlitic islands do not have so pronounced
effect to increase work hardening rate and hence increase tensile strength [345]. It
is expectable that hard MA microconstituents in present LCB steel soften during
tempering and transforms in a way more “pearlitic-like” decreasing their
contribution to work hardening. Therefore, the tensile strengths does not increase
substantially from that as-rolled condition. In many cases tensile strength in
heat-treated condition were not substantially higher than in as-rolled cases and in
some extreme cases tensile strengths even were lower in heat-treated condition
than in as-rolled condition. Therefore, it is not surprising that the heat-treated
condition, yield-to-tensile strength ration reach high values.
Low yield-to-tensile strength ratios are beneficial, since there is substantial
plastic deformation prior to ductile fracture. Small values are attributed in many
cases with good fatigue resistance [41]. However, too low Rp0.2/Rm-ratios are
disadvantageous, since yield strength can then be low, even thought the tensile
strength is high, as the yield strength is often a design criterion for structural
application. On the other hand, high values are considered too risky for structural
applications [297]. High Rp0.2/Rm-ratios can be considered as the shortcoming of
heat-treated LCB steel.
Total elongation decreases with increasing tensile strength as seen from Figure
80. There is no clear difference between as-rolled and heat-treated specimens,
except for a weak trend for heat-treated specimens to exhibit higher elongation
than their as-rolled counterparts for given tensile strength. However, when total
elongations are plotted as function of yield strength, it is clearly seen that
heat-treated specimens, at a given yield strength level, exhibit better elongation
than the as-rolled specimens, Figure 81.

358

It is well established that total elongation decreases with increasing strength
level. As the strength level increases in LCB steels, the phase transformation
temperature decreases, as seen in Figure 182. This gives rise to dislocation
strengthening and grain size strengthening, especially the former being detrimental
to ductility, whereas the latter one does not so decrease the total elongation so
appreciably [89]. Further, the increasing fractions of MA microconstituents are
known to increase the tensile strength besides decreasing the total elongation to
fracture [345]. As mentioned above, there was a general tendency for MA
microconstituents to increase with increasing strength level as these higher
strength steels hold higher C content. In addition, there is also a change in
morphology of MA microconstituents with increasing strength level.
Microstuctural features of steels with yield strength from 500 MPa to 650 MPa
mainly consisted of quasi-polygonal and granular bainitic ferrite with granular
type MA islands, whereas, in steels with yields strength above 700 MPa, the
dominant microstructure was bainitic ferrite with acicular type MA
microconstituents. In the case of cementite particles or inclusions, it is
well-established that at a given volume fraction, strain to fracture is decreased
when the shape of the cementite or inclusion changes from spherical to elongated
one [79]. It is reasonable to assume that a similar analogy would also apply to MA
microconstituents.
During heat-treatment at 600°C, dislocation density is assumed to decrease
considerably at least in those steels that have transformed well below 600°C,
which should lead to an improvement in total elongation. Although, tempering of
MA microconstituents decreases work hardening rate, it should not greatly
decrease total elongation. On the other hand, precipitation of cementite particles
should lead to a decrease in total elongation, but as their size and fraction is small,
their effect may not be so detrimental to total elongation. A precipitation
strengthening increases yield strength after heat treatment, but does not
significantly increase tensile strength. In addition, precipitation hardening is only
slightly assumed to reduce total elongation and may be compensated by the
decrease in dislocation density. Therefore, it is expectable that total elongations in
heat-treated steels exhibit higher values at given yield strengths, as seen in Figure
81, whereas better elongations as function of tensile strengths are not so obvious.
Upper shelf energy of investigated steel decreases with increasing strength
level both in as-rolled and heat-treated conditions, Figure 83. This is quite an
expectable trend, since upper shelf energy is just the ductile fracture in Charpy-V
test [346]. However, some heat-treated steels with tensile strengths above 750 MPa
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exhibited exceptionally low upper shelf energies between 50–100J. Interestingly
the DBTT or T27J of these steels were not always poor. On the contrary, the DBTT
or T27J were at exceptionally low, (Figure 84 and Figure 85). This was especially
true in the case of heat-treated Steels 1182 and 1184.
Microstructure analysis showed that microstructures of these aforementioned
low upper shelf energy steels consisted of tempered bainitic ferrite. Typical
microstructural features of these steels were lath-like structure with acicular MA
microconstituents between the laths. During tempering, precipitation of nano-sized
particles occurred in ferrite part of bainitic ferrite. Lath-like MA microconstituents
undergo significant tempering and precipitation of spheroidized cementite
particles at the vicinity of the prior MA islands. These microstructural changes in
bainitic ferrite during tempering at 600°C for 1h were described in detail in
sections 8.5.7 and 8.5.8.
The steels with bainitic ferrite steels have already rather lower upper shelf
energies and this can be attributed to lath-like microstructures with elongated
MA’s in microstructural terms. It is known that not only the strain to fracture, but
also the upper shelf energy is reduced as the shape of secondary microconstituents
change from spherical to elongated ones. During tempering at 600°C, the lath-like
structure is still present. In addition, the acicular MA’s can also be found in the
microstructures, but they have undergone significant tempering effect and
cementite particles are observed near tempered MA islands. It is well established
that cementite particles have clearly lower void nucleation strain than MA
microconstituents [347]. The low void nucleation strains for cementite and
non-metallic inclusion arise from pre-existing cracks and weakly bonded
interfaces. Fe3C particles form by solid state transformation and often have
facetted, which is indicative of semi-coherent interface. Therefore, one can
speculate whether there exists already cracks or void around the precipitated
cementite particles leading to low upper shelf energies in impact testing. On the
other hand, if this assumption would be true one could expect that these steels
would show extremely poor elongation in tensile testing. This was, however, not
the case. In fact, these heat-treated steels seemed to exhibit slightly better
elongations than their as-rolled counterparts, which in turn exhibited higher upper
shelf energies. It should, however, be kept in mind that upper shelf energy in
Charpy-V test measures the absorbed energy in specimens with fully ductile
fracture. Elongation in tensile test is a measure of ductility, which is described as a
mechanical property describing how much plastic deformation a material can
sustain before fracture occurs. There is also difference in loading mode; impact
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loading in Charpy-V test with a high strain rate and a low strain rate loading in
tensile testing. It has been established for annealed low and medium strength steels
that upper shelf level depends entirely on the characteristic cleavage fracture. The
low upper shelf levels, in terms of microstructures, are produced by high contents
of closely spaced, non-wetting inclusions, by low rates of work-hardening rate and
by high yield strength levels [346]. Indeed, steels with tempered bainitic ferritic
microstructures exhibiting low upper shelf energies, were characterized by high
yield strength (Rp0.2 > 750–850 MPa), low work hardening rates, as measures by
high Rp0.2/Rm-ratios and precipitation of cementite particles around acicular MA
microconstituents.
There was expectable trend for increasing DBTT or T27J with increasing
strength level as seen from Figure 84 Figure 85. Similarly as yield strength, the
changes in DBTT and T27J in as-rolled plates were attributed to changes in
microstructures. Steels with yield strengths from 500 MPa to 600 MPa exhibited
good impact toughness properties in respect of DBTT and T27J. These
microstructures consisted of quasi-polygonal ferrite-dominated microstructures
with minor fractions of granular bainitic ferrite. As the strength level increased
above 600 MPa, the fraction of granular bainitic ferrite increased at the expense of
quasi-polygonal ferrite. Microstructures occasionally contained small fractions of
bainitic ferrite. These changes in microstructure were attributed to the decrease in
impact toughness properties. Especially, DBTT’s were increased from below
-50°C to a range between -40 to -10°C. As the yield strength increased above 700
MPa, the microstructures consisted essentially of bainitic ferrite. However, the
impact toughnesses of these steels are not at acceptable levels from structural use
point of view, since DBTT ranges from -20°C to 20°C and consequently the T27J
is barely -20°C. Generally, a steel for structural application has to fulfil the
requirement of minimum absorbed energy of 27 J at -40°C or sometimes at -60°C.
There are some steels that do not fall in the observed trend of strength vs.
DBTT or T27J. For instance, Steel 1147 both in as-rolled and heat-treated
conditions, exhibited a peculiar high DBTT and T27J compared to its rather low
strength levels. The microstructure of this steel in as-rolled condition was
characterized in section 0. The microstructure was classified as granular bainitic
ferrite. Some high strength steels in heat-treated conditions exhibited low DBTT
and T27 compared to their strength levels as seen from Figure 84 and Figure 85.
The microstructures of these steels consisted of tempered bainitic ferrite. It is also
notable that these steels exhibited rather low upper shelf energies as mentioned
above.
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The microstructure vs. toughness or strength relationship are discussed later,
but the toughness properties of microstructures dominated by different ferrite
morphologies in as-rolled condition are summarized in Figure 184.
Quasi-polygonal ferrite dominated microstructures possess an excellent low
temperatures characteristic in Charpy-V testing, since they exhibit high upper
shelf energies even at low temperatures of -60°C to -80°C and transition from high
absorbed impact energy to low absorbed energy takes place at very low
temperatures. On the other hand, this transition occurs abruptly at narrow
temperature range. Mixed microstructures of quasi-polygonal ferrite and granular
bainitic ferrite exhibit rather good impact upper shelf energies similar to
quasi-polygonal ferrite dominated microstructures but the transition from this high
absorbed energy to low absorbed energy occurs at considerably higher
temperatures, though in a rather narrow temperature range. Granular bainitic
ferrite dominated microstructures exhibited clearly lower upper shelf energy than
quasi-polygonal dominated microstructures or mixed microstructures of
quasi-polygonal ferrite and granular bainitic ferrite. On the other hand, transition
temperatures from high absorbed impact energy to low absorbed impact energy
takes place at higher temperatures than those in mixed microstructures of
quasi-polygonal ferrite and granular bainitic ferrite. However, this transition
occurs in a wide temperature range. Bainitic ferrite dominated microstructures
exhibited clearly the lowest upper shelf energies and highest transition
temperatures among the studied microstructures. Similarly as for granular bainitic
ferrite, transition from high absorbed impact energy to low absorbed impact
energy takes place in a rather wide temperature range. It should also be kept in
mind that strength corresponding to microstructures increases in the order:
quasi-polygonal ferrite, granular bainitic ferrite and bainitic ferrite.

362

Fig. 184. Effect of microstructures on the Charpy-V impact energy properties.

9.4.2

Strength regressions

In general, all alloying elements studied seem to make a positive contribution to
yield and tensile strengths, which is consistent with the influence of alloying
elements on the regression equations for Ar3, Ar1 and hardness determined from
the dilatometric experiments. Nearly all alloying elements decreased phase
transformation temperatures and increased hardness.
C is conventionally considered as one of the most effective strengthening
elements in steels. This is seen regression equations for Rp0.2 in as-rolled condition
(Equations 89 and 90). C holds coefficient of 2499 and 2417 depending on
whether linear or logarithmic approach, respectively, is applied for the influence of
Cu. These coefficients indicate that increase of C from its lower limit (0.01wt-%)
to upper limit (0.056 wt-%) studied here would cause approximately an increase of
110 MPa in yield strength. Influence of C on the tensile strength is much higher
than that for yield strength in as-rolled condition. A C-coefficient of 4731 in
Equation 91 suggests that tensile strength increases by about 200 MPa, when C
increases from 0.011 wt-% to 0.056 wt-%. The larger response of tensile strength
on increase in C than that of yield strength can be explained by increasing amounts
of secondary MA microconstituents with increasing C contents.
On the basis of regression equations (Equations 89 and 91) it can be concluded
that the designation of 700 MPa grade steel on the basis of very low 500 MPa (say
0.2Si-1.9Mn-0.25Mo-0.8Ni-0.04Nb-0.03Ti) grade steel is not possible simply by
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increasing C content above 0.05 wt-%, while keeping other alloying element and
processing conditions identical, since the dependence of yield strength increment
solely on C is not enough to reach 700 MPa level. Therefore, for designing of 700
MPa grade steel, other modifications in alloying system and/or processing
parameters (especially cooling conditions) are required.
As discussed earlier in section 9.3.3, there are several ways how C contributes
to strengthening or hardening, but in the present LCB steels. (At least those
transformed at higher temperatures above 500–550°C), the main contribution of C
is in lowering the phase transformation temperatures giving rise to transformation
hardening. However, in microstructures transformed clearly below 550°C (i.e.
bainitic ferrite dominated ones), there might be a strengthening contribution from
interstitial solid solution of C.
In heat-treated condition, the influence of C on the yield strength was much
higher than that in as-rolled condition. A coefficient of 4702 suggests almost an
increase of 210 MPa, when C content increases from its lower limit to upper limit
studied in present work. The higher coefficient for C in heat-treated condition as
compared to as-rolled condition can be reasoned by the fact that strengthening
during heat treatment is mainly caused by the precipitation of microalloy carbides,
which is more intense in the presence of higher C. The magnitude of coefficient for
C in heat-treated condition is very similar to that for tensile strengths in as-rolled
condition and heat-treated condition. This suggests that although yield strength
increases significantly in heat-treated condition, the tensile strength does not
increase that significantly. This indicates that yield-to-tensile strength ratio
increases more in higher C (say 0.053 wt-%) steel than in its lower C counterparts
(say 0.02 wt-%).
In heat-treated condition, C is an important element in increasing yield
strength, since it combines with microalloying elements forming fine nanosized
precipitates, which strongly increase the yield strength of steels, while their effect
on tensile strength is not so high [79]. It should be noted that if C content is
reduced to very low levels, there is not sufficient C to be precipitated as microalloy
carbides. Therefore, yield strength may not significantly increase after the heat
treatment, although the condition otherwise would be ideal for intense
precipitation. This kind of situation can be seen in Figure 91 a, where the yield
strength of Steel 1144 (containing 0.011wt-% C) does not considerably increase
after heat treatment. On the other hand, if a part of strengthening in as-rolled
condition is caused by the interstitial solid solution of C [332], this strengthening
can then be assumed to be relieved during heat treatment at 600°C.
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Mn holds relatively high coefficient (132) in yield strength regression
equation (Equation 89). The compositional range studied was from 1.3 wt-% to 2.0
wt-%, which would suggest approximately an increment of 90 MPa in yield
strength. The influence of Mn in on the tensile strength of the heat-treated
specimens is also pronounced, but not so remarkable as in as-rolled condition.
Bearing in mind that high Mn can reduce the influence of cooling rate on
hardness, phase transformation temperatures and can also improve toughness
properties, Mn addition of about 1.9–2.0 wt-% are considered preferable for LCB
steels from strength, toughness and microstructural uniformity points of view.
However, Mn can cause significant centreline segregation in continuous cast
steels, which can cause poor toughness properties at the centre of the hot rolled
plate [52,53].
Mn was found to decrease phase transformation temperatures considerably
even at low cooling rate, thereby contributing to transformation strengthening. Mn
also increases strength via solid solution strengthening [79]. If it is assumed that
contribution of Mn to solid solution strengthening is about 32 MPa/wt-% [79] and
Mn is increased from its lower limit (~1.3 wt-%) to upper limit (~2.0 wt-%), this
should cause approximately an increment of 22 MPa to solid solution
strengthening. Therefore, it can be concluded that only part of strengthening
caused by Mn increment in as-rolled condition (approximately 25%) is due to solid
solution strengthening and rest of strengthening can be attributed to transformation
strengthening (i.e. grain size and dislocation strengthening).
A logarithmic dependency for Cu was observed in as-rolled condition. This is
reasonable because Cu content was varied at four levels. Logarithmic dependency
suggests that when Cu content increases from residual level up to 0.2 wt-%, yield
strength increases approximately 30 MPa. Beyond this levels, yield strength
increases more moderately with increasing Cu contents. The maximum yield
strength increment reached by 1.15 wt-% of Cu alloying in as-rolled condition is
approximately 40–50 MPa. Cu can increase the strength of as-rolled steel in three
ways: via solid solution, transformation and precipitation strengthening. On the
basis of low transformation temperatures of LCB steel, known precipitation
kinetics of Cu in ferrite and low observed yield strength increment caused by Cu in
as-rolled condition, it can be concluded that precipitation strengthening is quite
negligible. Cu also moderately decreased phase transformation temperatures and
hence it is not possible to fully explain the strength increment on the basis of
transformation strengthening. Cu is known to cause solid solution strengthening so
that an increment of 1 wt-% increases yield strength approximately 38 MPa [65].

365

If this increment is compared with the expected increment in yield strength on the
basis of regression equations or with observed increment in 1.15 wt-% of Cu
alloying (Figure 95 a), there appears to be a reasonable agreement with the
expected solid solution strengthening of Cu.
Cu is considered a desirable addition to stabilize austenite to produce
preferential lower bainitic microstructure in ultra-high strength linepipe steel X120
and can contribute to lowering the DBTT at small addition and therefore, Cu
content of 0.1–0.2 wt-% are preferably utilized [52,53].
In heat-treated condition a linear dependency for Cu content was found. A
coefficient of 81 suggests that Cu content contributes more significantly on yield
strength in heat-treated condition than in as-rolled condition. This is most likely
due the fact that Cu precipitates in bainite, for instance, as ε-Cu, and hence
contributes more significantly to yield strength in heat-treared condition than in
as-rolled condition [68]. A similar magnitude of coefficient for Cu in heat-treated
condition for tensile strength as the yield strength indicates that Rp0.2/Rm ratio is
not significantly influenced by Cu in heat-treated condition. It should be, however,
emphasized that heat-treatment at 600°C for 1h is not the optimal condition for
intense precipitation of Cu, since significant over-aging may occur [348,349] that
explains the rather modest predicted strength increment for Cu as compared to
reported strengthening potential of 0.6-1 wt-% of Cu in HSLA steels [68].
The magnitudes of coefficients for Cr and Ni for the yield strength in as-rolled
condition are very close to each other and as the studied compositional ranges
were at same levels (from residual level up to 1.0 wt-%), it is expectable that their
contributions to yield strength in as-rolled condition are also similar. Therefore,
the strength increment due to 1.0 wt-% Ni or Cr addition is of the order of 70–90
MPa according to Equation 89. Further, contributions of Ni and Cr to tensile
strength are at the same levels (Equation 90). On the basis of strength regression
equations, from strengthening point of view, of Ni can be replaced by similar
amounts of Cr alloying. This is remarkable since Ni alloying is conventionally
considered to be a more expensive alloying element than Cr.
The strengthening potentials of Cr and Ni are in agreement with the phase
transformation start and hardness regression equations, as given in sections 8.3.3.
Results indicate that Ni and Cr have rather similar influence on Ar3 and Ar1
temperatures and hardness values, although Cr is slightly more effective in
decreasing phase transformation temperatures than as the Ni in same alloying
level. Cr and Ni both retard phase transformation and hence contribute
transformation strengthening. Ni contributes to solid solution strengthening with a
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coefficient of 33 MPa/1wt-% [111], whereas the contribution of Cr is negligible
[79,111]. On the other hand, Cr in theory can contribute to precipitation
strengthening by forming chromium carbides, but bearing mind the cooling path
applied and phase transformation kinetics of studied LCB steels, the contribution
of Cr on the precipitation strengthening is assumed to be minor. It can be
concluded that the main contribution of Cr on the strengthening is via
transformation strengthening. Similarly the main strengthening of Ni is via
transformation strengthening, but a part of the strengthening is from solid solution
strengthening.
In heat-treated condition, the expected yield strengths increment due to 1.0
wt-% of Cr or Ni are 56 MPa and 98 MPa, respectively (see Equation 91). The
strengthening increment due to Ni in heat-treated condition seems to be at same
level as in as-rolled condition, which is quite understandable considering the
strengthening mechanisms affected by Ni alloying (i.e. transformation and solid
solution strengthening). The role of Cr alloying on the strengthening after heat
treatment seems to be smaller than in as-rolled condition. In the discussion above,
it is assumed that main contribution of Cr is via transformation strengthening. The
roles of precipitation and solid solution strengthening were concluded to in
negligible importance. Cr could be expected to precipitate as carbides, but then it
should be expected that coefficient for Cr is greater in heat-treated condition than
in as-rolled condition. Since the major contribution of Cr is via transformation
strengthening (i.e. lowering the phase transformation temperature giving rise to
grains size and dislocation strengthening). When this kind of steel is heat-treated at
600°C, the softening caused by the decrease in dislocation density is assumed to be
great since Cr has caused rather great dislocation density in as-rolled condition,
which is decreasing during heat-treatments at 600°C. If it is assumed that Cr does
not contribute to precipitation strengthening via carbide forming, as the steels also
contain strong carbide forming elements (Nb, Mo), precipitation of Cr cannot
compensate the decrease in dislocation strengthening.
Mo has rather great influence on the yield strength and its concentration was
varied from residual levels up to 0.6 wt-%. The coefficients for Mo in Equations
88 and 89 are 162 and 158 respectively, The contribution of Mo on yield strength
increment can be 95–100 MPa in as-rolled condition. On the tensile strength Mo
influence is at the same level as for yield strength, as indicated by Equation 90.
Mo is well-known as a hardenability increasing element in accelerated cooled
or direct quenched steels, especially with the combination of B and Nb. In
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B-bearing steels, the alloying of Mo and/or Nb is indispensable to guarantee the
effectiveness of B by suppressing the formation of Fe23(CB)6 [93].
Mo retards greatly phase transformation to lower temperatures, contributing to
transformation strengthening. Mo can also contribute slightly to solid solution
strengthening. However, the predicted increase due to 0.6 wt-% of Mo alloying is
quite small (less than 10 MPa), if the reported coefficient of 11MPa/wt-% [111] is
applied. It is, therefore, reasonable to assume that the main contribution of Mo in
as-rolled condition is via transformation strengthening.
In heat-treated condition Mo has also great influence on both yield and tensile
strengths as indicated by coefficients of 190 and 193 for yield and tensile strengths
in Equations 89 and 90, respectively. This could be due to several facts. Firstly, Mo
increases the strength of steel in as-rolled condition leading to higher initial
strength of steel before heat treatment. Secondly, Mo can precipitate as MoC
giving rise to precipitation strengthening or by forming mixed (Nb,Mo)C
precipitates and hence fortifying the effect of Nb in precipitation strengthening.
Intense precipitation of MoC and/or (Nb, Mo)C could pin the dislocation and slow
down the tempering process [64].
No influence of Nb on the yield or tensile strength in as-rolled condition was
observed in the compositional range from 0.04 wt%- up to 0.10 wt-%. The results
are consistent with results obtained from dilatometric studies, which showed that
Nb in the aforementioned range had a negligible influence on the phase
transformation temperatures and hardness of CCT specimens. Similar reasoning of
the ineffectiveness would apply to strength as for the phase transformation start
temperatures and hardness values in the dilatometric study (as discussed in
Discussion. Further, the precipitation strengthening due to NbC or Nb(C,N)
precipitation plays a small role, as will be discussed more detail in section 9.3.3.
This is probably due to slow precipitation kinetics of NbC in ferrite, caused by the
low phase transformation temperatures and rather high cooling rates.
It should be stressed that Nb is not completely ineffective in LCB steels. The
results in Figure 93 a shows that Nb additions of about 0.045 wt-% increased
clealy the yield strength compared to Nb-free steel. In addition, CCT diagrams in
Figure 75 showed that an addition of 0.045 wt-% of Nb can significantly suppress
the polygonal ferrite formation in Nb-free LCB steel (Compare Steel 1170 and
1171). Further, it can be speculated that in Nb-free steels, the practical execution of
controlled rolling stage is difficult, since the temperature range for the
non-recrystallization regime and Ar3 is then significantly reduced. This would
especially apply to B-free steels with low concentrations of Mo and Ti. On the
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other hand, Nb concentrations between 0.04–0.10 wt-% in as-rolled LCB steels
seem to be rather insensitive from strengthening point of view.
In heat-treated specimens, a statistically significant influence for the Nb
concentration (~0.04–0.10 wt-%) was found as indicated by the Nb coefficients of
644 and 636 for yield and tensile strengths in Equation 91 and 92, respectively.
This indicates that ~0.01 wt-% Nb gives approximately 40 MPa more yield
strength compared to steel with only 0.04 wt-% Nb. The increasing yield strength
with increasing Nb content in the range 0.04–0.10 wt-% can be attributed to
intense precipitation of fine NbC in the ferritic part of bainite [79]. Further, it has
been suggested that fine precipitates could pin dislocations and hence retard the
reduction of dislocation structure [64].
B was found to effectively increase yield strength of LCB steels. For instance,
a coefficient of 61096 for B in Equation 89 indicates that a 20 ppm addition of B
would cause approximately 120 MPa increase in yield strength. Further, according
to Equation 91 a 20 ppm of B addition would increase the tensile strength by about
130 MPa. The results are consistent the results obtained from dilatometric study,
that showed a significant decrease of phase transformation temperatures and
increase of hardness by B alloying.
In heat-treated condition, the effect of B is pronounced, although not so
significant as in as-rolled condition. For the tensile strength, in heat-treated
condition, BL approach was found to give better fittings than approach based on
the wt-%. This would mean that a deliberate alloying of B in the range from 11
ppm to 28 ppm would cause an 85 MPa increase in tensile strength compared to
B-free steel.
The hardenability enhancing effect of B is well-established especially in low
carbon steels [110]. The effect of B is believed to be the best, when it is segregated
on the grain or deformation boundaries in austenite and the precipitation of B
carbides and/or nitrides on these boundaries as well as in the vicinity of austenite
grain boundaries are suppressed.
The role of Ti in binding the free N and hence effectively preventing the
formation of BN is well established [109]. It is generally accepted that Ti/N –ratio
should be higher than 3.41 in order to effectively fix the N completely. Since all
B-bearing steels studied in the present thesis contained Ti/N ratios more than 3.41,
it is assumed that B was effectively protected against BN formation. In the case of
suppression of Fe23(C,B)6 formation, the combined additions of Nb and B and Mo
an B are found to effective [43]. This is attributed to a suppression of C diffusion
to grain boundaries by the precipitation of the fine dispersive NbTi(C,N) and the
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formation of C clusters of Nb and Mo during rolling or cooling after rolling in
austenite region. As all steel studied contained at least ~0.04 wt-% of Nb and some
B steels contained Mo even up to ~0.6wt-%, it could be expected that B was
efficiently protected against Fe23(C,B)6 formation. On the other hand, it should be
emphasized that B does segregate, and dangerously high concentrations can form
even when average B contents are within specification (10–20 ppm). This is
especially true when austenite grain size not properly controlled [93].
Although B significantly increases the yield strength in as-rolled condition,
which can be attributed not only to proper B concentration, but also sufficient
protection of B against the formation of BN and/or Fe23(C,B)6, it might be
possible that full hardenability effect of B is not realized. This is because when the
cumulative reduction in non-recrystallization regime of austenite is small (20–60
%), a clear segregation of B at prior austenite grain boundaries occurs. With an
increase in cumulative reduction (60–80%), B atoms segregate also at lattice
defects such as deformation bands and twin boundaries and, consequently, are
uniformly distributed at large cumulative reduction. This distribution strongly
suppresses the α/γ transformation in B-bearing steel [350]. The controlled rolling
ratio applied in present work is 2.5 (corresponding to 60% of reduction) in the
non-recrystallization regime, which according to above discussions should be
enough to provide rather uniform distribution of B on the austenite grain
boundaries as well as deformation induced boundaries.
Microstructural analysis of laboratory rolled plates, consistent with
microstructural analysis of dilatometric study specimens, showed that B alloying
efficiently suppressed the formation of polygonal and quasi-polygonal ferrite, thus
promoting formation of granular bainitic ferrite and bainitic ferrite. Therefore, the
role of B on strengthening is essentially through transformation strengthening as B
retards the phase transformation to lower temperatures.
The weaker effect of B on strengthening of the heat-treated specimens than
that on the as-rolled specimens can be understood on the basis of B’s strengthening
effect via transformation hardening. As the grain or lath size is smaller and
dislocation is higher in B- containing steels compared B-free steels in as-rolled
condition, thus giving far higher strengths in B alloyed steel. However, during heat
treatment, the finer grain or lath size of B-containing steel is preserved but the
higher dislocation density of B steel is significantly reduced during heat treatment
at 600°C reducing the yield strength difference between B-alloyed and B-free
steels. This is seen as a smaller regression coefficient for B in heat-treated
condition than in as-rolled condition.
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9.4.3

Influence of C on the mechanical properties and
microstructure of 500 MPa grade steels (Steels 1142–1144).

The influence of C content on the yield strength was quite minor, but the tensile
strength was more significantly influenced, but still yield strengths above 500 MPa
were reached in as-rolled condition even in steel with the lowest C contents (Steel
1144) as seen in Figure 91 a. The modest increase in yield strength but rather
pronounced increase of tensile strength with increasing C content is in line with
the results of Hulka et al. [13] and Nagasugi et al. [12]. The different effect of C on
the yield and tensile strength can be understood as follows: C is no longer the
major source of yield strength in 500 MPa grade LCB steel. This is because phase
transformation of these steels takes place at relatively high temperatures (~650–
550°C) and it is not very probable that C is trapped inside ferrite to cause
significant interstitial strengthening. Further, the suppression of phase
transformation temperatures below the temperate range of polygonal ferrite
formation is conducted by mainly proper alloying of substitutional element such as
Mn, Cr, Ni or Mo as well as microalloying with Nb-Ti or Nb-Ti-B. As discussed in
section the influence of C (in the range of 0.01–0.04 wt-%) on the phase
transformation temperature of 500 2MPa LCB steel is not very pronounced,
although the phase transformation is slightly retarded to lower temperatures with
increasing C contents. The phase transformations in these steels (comparing CCT
diagrams in Figure 71 a–c) take place in rather similar phase transformation
temperature range and therefore, it is expectable that contributions of dislocation
density and grains size to strength are quite similar (as rolling parameters for
austenite conditioning are identical). Similarity of grain size can be seen in by
comparing the grain size characteristics in Figure 126 b for Steels 1144, 1142 and
1143, respectively. The average grain sizes were in theses steels were in the range
of 3–5 μm. As the concentration of substitutional alloying elements were at the
same levels, there is no difference in solid solution strengthening in these steel. As
these steels were continuous cooled to room temperature at ~15–20°C/s and due to
rather low phase transformation temperature of these steels (~650–500°C), it was
expectable that precipitation of microalloy elements was suppressed in all steels
due to insufficient kinetics of precipitation during cooling irrespective of C content
as discussed above. It is, therefore reasonable, that yield strengths of these steel is
not significantly increased by the C content.
The strong influence of C content on the tensile strength is tentatively
attributed to the higher fractions of MA microconstituents with increasing C
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content as clearly seen by comparing the FEG-SEM micrographs in Figure 114,
Figure 117 and 122. The fractions of MA microconstituent (i.e C-ESM’s) were
measured by EBSD-IQ and point counting method. The results showed that the
size and fraction of MA microconstituents increased with increasing C content.
The MA islands contribute to more pronounced strain hardening in analogy to the
effect of martensite island in dual-phase steels on its work hardening capacity.
Increasing amount of martensite and refinement of martensite island increase the
work hardening capacity of dual phases steel [331]. Due to insensitivity of yield
strength on C content and its significant influence on the tensile strength (via
formation of MA microconstituents), the yield-to-tensile strength ratio naturally
decreases with increasing C content. Consequently, the lower total elongation in
higher C steels (Steels 1142 and 1143) can be understood on the basis of higher
MA microconstituent fraction as an analogy to dual phase steels. Although higher
fraction martensite island contribute to higher strain hardening in dual-phase steel
leading to a reduction in total elongation [345]. Further the increase in size of MA
microconstituents with increasing C content can lead to lower void nucleation
strain by cracking of the martensite constituents and hence leading to smaller total
elongation.
In heat-treated steels, yield strength increment can be mainly attributed to
precipitation of fine microalloy carbides in α as shown in Figure 120 b. Therefore,
it is highly expectable that yield strength increment is related to C content too.
However, in Steel 1144 with only 0.011 wt-% the yield strength barely increases
during heat treatment (Figure 91 a). This may be attributed to lack of C to form
microalloy carbide. Yang et al. [45] noted that in ULCB steels, C content cannot
be less than ~0.01 wt-%, because NbC will not the from to the required extent
leading to deterioration in strength and toughness.
As the C content increases above 0.02 wt-%, yield strength increases
significantly during heat treatment and at the C content of 0.043 wt-% yield
strength, is increased by about 170 MPa during heat treatment. That is slightly
higher than expected solely on the basis of Ashby-Orowan relationship simply by
NbC precipitation [79] (using 4 nm as the average precipitate size and assuming
that all Nb is precipitated as carbides), which may suggest that other elements
contribute to strengthening via forming individual carbides such as MoC or mixed
carbides such as Mo-rich NbC [64].
Tensile strength is not greatly influenced by the heat treatment exhibiting
similar dependency to C than in as-rolled condition, Figure 91 a. As shown, for
instance, in Figure 117 a–c, even though the MA microconstituents undergo
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tempering effect during heat-treatment and some cementite precipitation can be
occasionally observed at the vicinity of MA islands, these microconstituents are
still clearly present in heat-treated specimen and tempered martensite structure can
be seen (Figure 117 c). Therefore it could be expected that tensile strength in
heat-treated steels shows similar dependency on C content as in as-rolled
specimens. As yield strength increment is mainly due to precipitation that acts as a
strong barrier to dislocation movement and thereby increasing the yield strength
significantly but possibly not the yield strength. However, the precipitates do have
their influence on the strain hardening capacity. When particle cutting occurs, the
dislocation interaction may be increased only slightly, giving rise to little
difference in work hardening rate. However, if precipitate are incoherent and
precipitate dislocation interaction occurs via Orowan looping and cross slip, a
considerable enhancement of work hardening can be found due to enhanced
dislocation interactions [120].
The toughness characteristic properties are influenced differently as a function
of C in as-rolled condition. DBTT increases almost linearly below -80°C to -50°C
with increasing C content, whereas T27J was not so significantly influenced by the
C content. The amount of ductile fraction and absorbed energy at -60°C almost
linearly decreased with increasing carbon content. Brozzo et al. studied [131] the
effect of microstructure on the cleavage resistance of low carbon bainitic steels
with C content between 0.025–0.050 wt-% and found that the impact transition
temperature was dependent on the bainite packet size, besides C content and
inclusion-state. The impact transition temperature increased with increasing packet
size, but also with increasing C content.
The better impact toughness properties of low C steel with QF dominated
microstructure (i.e. Steel 1144 with 0.011wt-% C), Figure 92, over its higher C
counterparts (Steels 1142 with 0.024 wt-% C and 1143 wt-% C), were concluded
to be mainly a consequence of low fraction and small size of C-ESM’s, as well as
the refinement of the coarsest crystallographic packets (i.e. grain size), as seen in
Figure 126.
The distribution and shape of MA microconstituents changes with increasing
C content, which can have effect on the toughness properties. In 0.011 wt-% C
containing steel (Steel 1144), the microstructure consisted of quasi-polygonal
ferrite as the major ferrite morphology and granular bainitic ferrite, as the
secondary morphology, The prior austenite grain boundaries were eliminated by
the quasi-polygonal ferrite. Although quasi-polygonal ferrite exhibited rather
coarse effective grain size, it did not generally contain significant fractions of
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“coarse” MA “microcontituents, which were mainly located in the granular
bainitic ferrite part of the microstructure. The coarser MA microconstituents that
are found in the microstructure, are associated with granular bainitic ferrite, which
is with characterized finer effective grain size compared to that of quasi-polygonal
ferrite. If it is assumed that coarse MA microconstituents are the initiation sites for
brittle fracture as discussed in section 5.1.11, the fine grain size (i.e. high angle
boundaries) in granular bainitic ferrite grains blunt more easily the cleavage
fracture. With increasing C content, the fraction of quasi-polygonal ferrite
decreases and consequently the fraction granular bainitic ferrite increases and
bainitic ferrite occasionally forms in the microstructure. The prior austenite grain
structure is partially preserved, which is attributed to formation of granular bainitic
ferrite and bainitic ferrite. In that case, the MA microconstituents can be
occasionally located at prior austenite grain boundaries, which can be considered
to be detrimental to toughness. The morphology of MA islands changes from
granular to acicular, which can have its effect on the toughness. Further, there
seems to be some changes in the grain boundary characteristics of the ferrite
matrix in the vicinity of MA microconstituent with increasing C-content. As in
low C steel (Steel 1144), the granular MA microconstituents were surrounded by
fine high angle boundaries. The grain boundaries adjacent to MA
microconstituents in higher C steels may not always be high angle ones, but can
also be low angle boundaries. This can be considered to be detrimental to
toughness. If cleavage fracture nucleates in vicinity of MA microconstituents, the
adjacent low angle boundary structure cannot prevent the progress of fracture and
the crack can easily progress leading to final fracture. This is especially true in the
case when bainitic ferrite is present. There are some evidences that the grain
boundary structure of granular bainitic ferrite is altered, when it is formed without
significant constraints of quasi-polygonal ferrite. In the granular bainitic ferrite
formed within the constraints of quasi-polygonal ferrite, the MA microconstituents
seem to be connected by the high angle boundaries (Figure 112 a). But when
granular bainitic ferrite is formed as a single phase morphology (and from rather
coarse and poorly pancaked austenite), there are evidences that grain boundaries
adjacent to MA microconstituents may not always be high angle ones, but rather
low angle boundaries.
The DBTT was clearly increased with increasing C content. However, T27J
was not so greatly influenced by the C content (Figure 92). This can be understood
by the changes in the microstructures. Steels with quasi-polygonal and granular
bainitic ferrite microstructures, such as Steel 1144, exhibit low DBTT but
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transition from high absorbed energy to low absorbed energy takes place in a
rather narrow temperature range, as shown in Figure 184. Steels with mixed
microstructures of quasi-polygonal, granular bainitic ferrite and bainitic ferrite
microstructures, such as Steel 1143, exhibit higher DBTT, but the transition from
high absorbed energy to low absorbed energy occurs in a wider temperature range.
Therefore, it is expectable that even though DBTT is increased markedly with
increasing C content, T27J does not show such a pronounced effect.
9.4.4

Influence of Nb on the mechanical properties and
microstructure of 500 MPa grade steel

In as-rolled condition, a Nb addition of 0.045 wt-% (+Ti) increased yield strength
by about 150 MPa from 400 MPa to 550 MPa, further increase in Nb content to
0.094 wt-% increased the yield strength. Tensile strength of base steel increased by
about 88 MPa and 124 MPa by 0.054Nb+0.017Ti and 0.095Nb+0.030Ti,
respectively (Figure 93 a). It is evident that small additions of 0.054 wt-% Nb and
0.17 wt-%Ti to the base composition can lead to a significant increase in yield
strength in as-rolled condition, but further increase in Nb content to 0.094 wt-%
increase the yield strength only slightly.
The microstructure of Nb-free Steel 1170 was a dual-phase type, consisting of
polygonal ferrite as the main ferrite morphology with secondary microconstituents, which were classified to comprise of classical upper bainite and
martensite. The average ferrite grain size was ~10 μm as determined by mean
linear intercept method and the volume fraction of secondary microconstituents
was ~25–25% as evaluated by point counting method.
The microstructures of Steel 1171 (0.054Nb) and 1172 (0.095Nb) consist of
mixtures of quasi-polygonal ferrite and granular bainitic ferrite. The main
influence of Nb alloying seems to be the promotion of quasi-polygonal ferrite
formation over polygonal ferrite, which can be considered as the main reason for
the yield strength increment.
TEM study on the as-rolled steel 1172, by using C extraction replicas, showed
that most of the examined fields were practically free of fine precipitates or
particles sizes, Figure 156 a. However, in some fields examined, small precipitates
were observed, Figure 156 b. The sizes of these precipitates were in the range of
2-5 nm, indicating their capability to promote precipitation strengthening.
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From the mechanical properties and microstructural analysis it is possible to
calculate contribution of different strengthening mechanisms on the total
strengthening.
As mentioned above, The microstructure of Nb-free Steel 1170 was a
dual-phase type, consisting of polygonal ferrite as the main ferrite morphology
with secondary microconstituents, which were classified to comprise of classical
upper bainite and martensite. The average ferrite grain size was ~10 μm and the
volume fraction of secondary microconstituents was ~25–25%.
Since C-content in polygonal ferrite is negligible, all C was assumed to locate
in the secondary microconstituents. Hence, it was possible to evaluate the C
content in secondary microconstituents (i.e. mixture of classical bainites and
martensite). If the fraction of secondary microconstituents is between 20–25%, the
remaining C in microconstituents is then 0.1–0.125 wt-%.
The yield strength of polygonal ferrite-martensitic microstructure can be
calculated as follows [136]:

σy =

23
f
+ 66 m ,
dα
dα

(109)

where dα is the average ferrite grain size in μm and fm is the volume fraction of
martensite.
Since the calculated carbon content in upper and lower bainite is rather low
and it is well established that strengths of martensite and bainite in low C steels are
very close, the Equation 109 can also be applied for the ferritic-bainitic
microstructures.
By inserting the volume fraction of bainite and martensite microconstituents
of 25% and the average ferrite grain size of 10 μm into Equation 109, leads this to
a yield strength of 395 MPa, which very close to the measured yield strength of
400 MPa.
The microstructures of Steel 1171 and 1172 consist of mixtures of
quasi-polygonal ferrite and granular bainitic ferrite. The yield strength of this type
of microstructures is thought to be comprised of intrinsic strength of iron, solid
solution, grain size, dislocation and precipitation strengthening [111]. The total
strengthening can then expressed as a sum of aforementioned strengthening
mechanism according to Equation 2.
The contribution from solid solution strengthening can be considered as the
sum of individual components for each major alloying additions, such as Si, Mn
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and Mo and this was calculated by using the method and coefficients as introduced
in section 5.1.2.
The grain size strengthening was calculated by Equation 17, based on the
grain size measured by SEM-EBSD. The ky value applied was 15.1 MPa/mm-3/2.
Grain size strengthening is one of the most important strengthening mechanisms in
ULCB steels and the EBSD technique provides a novel method to measure the
grain size. However, an important issue in the case of EBSD determined grain size
is the misorientation angle that determines the “grain”. Classically, misorientation
angle of 15° has been applied to define the grain. However, in a recent RFCS
project [111], the misorientation that produced the observed strengthening for
upper bainitic structures required the use of boundaries with misorientation of
about 8° and above, which suggests a significant input from the low angle
boundaries between 8°–15°. The contribution of grain size was determined using
both 15° and 8° misorientations as the angles that determine the grain.
Dislocation strengthening and dislocation density were calculated using
Equations 23 and 24, respectively. Although the Equation 24 is valid for the
estimating of dislocation density in the isothermally transformed bainitic and
martensitic microstructure. In the present work, aforementioned equations were
modified to assess the dislocation density in continuously cooled microstructures
by assuming that 1/3rd of the microstructure adopt the dislocation density that is
predicted by the Equation 24 on the basis the Bs temperature in CCT-diagrams at a
cooling rate of 12°C/s and 1/3rd of microstructure adopt the dislocation density
that is predicted by the temperature, where 50% austenite is transformed and 1/3rd
of microstructure adopt the dislocation density that is predicted by the Bf
temperature.
Knowing the calculated contributions of solid solution, grain size and
dislocation strengthening, the degree of precipitation strengthening can be
determined from Equation 2.
Based on the calculations using equations mentioned above and the data from
metallography, CCT-diagrams and composition analysis, the estimated degrees of
different strengthening mechanisms in Steels 1171 and 1172 in as-rolled condition
are shown in Figure 185.
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(a)

(b)

Fig. 185. The estimated contributions of different strengthening mechanisms on the
yield strengths of steels 1171 (a) and 1172 (b) in as-rolled condition. The contribution of
grain size strengthening was evaluated using the grain size determined both by 15°
and 8° misorientation angles.

The main strengthening mechanism in Steel 1171 and 1172 is the grain size
strengthening. The degree of which strengthening varies from 195 MPa to 250
MPa depending on the selected definition of grain size. Another important
contribution is from to dislocation strengthening, which is an expected result,
because the phase transformation takes place roughly between 630–500°C.
The intrinsic strength of iron and solid solution strengthening are calculated to
contribute together 171 MPa to total strengthening. The main part of the solid
solution strengthening can be expected from the alloying with 1.9 wt-% Mn. Solid
solution strengthening due to other alloying elements is less significant. The
calculated strengthening due to precipitates is from 15 MPa to 62 MPa depending
on the selection of the misorientation angle. The contribution of precipitates to
total strengthening in as-rolled condition can be considered to be relatively modest
as compared to other strengthening mechanisms.
From the microstructural analysis and estimations of strengthening
mechanism presented above, it can be concluded that the yield strength increment
by 0.054Nb+0.02Ti (Steel 1171) to base or reference composition (Steel 1170) in
as-rolled condition is mainly attributed to transformation strengthening (i.e.
transformation from polygonal ferrite matrix with secondary microconstituents
consisting of classical upper bainite, into quasi-polygonal and granular bainite
dominated microstructures). The estimated contribution of transformation
hardening is about 90–120 MPa. The rest of the observed 134 MPa yield strength
increment is estimated to be caused by the precipitation strengthening that yields
about 15–60 MPa. The increase of Nb content from 0.054 wt-% to 0.095 wt-%
results in a slight increase in the yield strength. This small increment can be
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mainly attributed to slightly refined grain size, although minor differences in the
microstructures were detected.
Precipitation strengthening by microalloy carbides in as-rolled condition is
possible during the phase transformation. However, when cooling rate is about
20°C/s, time for the intense precipitation of NbC during and after γ/α
transformation is limited and particle size remains small. The degree of
precipitation of these small precipitates is probably limited. These precipitates are
most likely coherent and their strengthening follows f1/2d1/2 type relationship
(where f is the volume fraction of particles and d is the particle size), which
indicates that strength increases with an increase in precipitate size and fraction
[89]. This conclusion is supported by the shape of ageing curves in Figure 162; the
hardness of as-rolled specimens increases almost linearly with increasing holding
time at a given temperature reaching the peak or maximum hardness, beyond
which it starts to decrease. Time to reach the peak hardness is temperature
dependent and at 600°C, for instance, the peak hardness is reached in ~1 h. This
indicates that precipitation strengthening due to NbC is realized when subsequent
heat treatment is performed to as-rolled plates. The precipitation strengthening (for
coherent particles) during the heat treatment can be adequately described by the
Ashby-Orowan equation [79].
It is well known that Nb can contribute to strength in several ways. Firstly,
refining the austenite grain size during early stages of TMCP and preventing the
austenite recrystallization during the controlled rolling stage, promoting the
formation of preferential nucleation sites for ferrite and bainite. Hence, Nb can
increase strength in polygonal ferrite-dominated microstructure simply by refining
the ferrite grain size. Secondly, Nb in solid solution can retard the phase
transformation kinetics of austenite and therefore, promote the phase
transformation strengthening by favouring the formation of bainite-dominated
microstructures instead of polygonal ferrite. Thirdly, via precipitation
strengthening by forming fine carbides or carbonitrides. However, precipitation of
NbC and Nb (C,N) is effective only when it takes place during or after α/γ
transformation. Carbides formed in the austenite regime are possibly too coarse for
a remarkable precipitation strengthening [124].
The influence of Nb on the phase transformation and precipitation
strengthening caused by the NbC can be better understood on the basis of
microstuctural analysis in sections Discussion and the estimation of different
strengthening mechanisms presented above.
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In the present case, the results indicate that increase in yield strength due to the
addition of 0.052 wt-% Nb is caused by the phase transformation strengthening.
Sufficient amount of Nb is in the solid solution that enables the retardation of α/γ
transformation to lower temperatures, giving rise to transformation hardening. An
increase in Nb content from 0.052 wt-% to 0.094 wt-% neither causes a further
significant increase in yield strength nor does not cause a further decrease in phase
transformation temperatures (see the CCT-diagrams in Figure 75 b and c). One
possible explanation is that there is a supersaturation level in the Nb concentration
beyond which, a further increase in Nb content does not considerably retard the
phase transformation.
Although the main influence of Nb addition is realized in the phase
transformation strengthening, a part of yield strength increment is still attributed to
precipitation strengthening. The degree of which, in as rolled condition was
estimated to be about 15–60 MPa.
The relatively modest contribution of precipitation strengthening to yield
strength in comparison to other strengthening mechanisms can be understood in
terms of precipitation kinetics. An effective precipitation strengthening requires
precipitation during and/or after the phase transformation. The applied laboratory
hot rolling schedule involved a cooling stage of 12–20°C/s to room temperature. If
the phase transformation is initiated slightly above 600°C and the completion of
phase transformation takes place slightly below 500°C, Nb has got 5–8s to
precipitate during the phase transformation. The time for the post transformation
precipitation in ferrite field is roughly 10–12 s, if it is assumed that below 200°C,
the mobility of C atoms in very low. Under such circumstances, it seems that Nb
does not have sufficient time for the adequate precipitation for effective
strengthening.
The importance of kinetics in precipitation strengthening of quasi-polygonal
and granular bainitic dominated microstructure can be better understood if the
precipitation process of NbC is considered as a nucleation and growth processes.
Nucleation rate can be written according to the following equation [351]:
Nv = KDexp(

Aσ 3
2

ΔG v kT

),

(110)

where D is the diffusivity, expressed as D= 0exp(-Q/kt), A and K are constants, Gv
is the driving force for the precipitation and σ is the interfacial area, k is the
Boltzmann constant and T is the absolute temperature.
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The growth rate can be expressed by [351]:

dr / dt =

D(Cα0 − C ae )
,
rc (C be − C ae )

(111)

where D is the diffusivity of precipitating element, Cα0 − C ae is the solute
supersaturation in matrix; (C be − C ae ) is the concentration and rc is the critical
radius for nucleation.
Figure 186 a–c summarises the calculated critical radius sizes for nucleation,
nucleation rate curve for NbC in ferrite and growth rates for critically sized NbC in
ferrite as a function of temperature for various austenitizing temperatures (i.e.
different Nb supersaturation) for a
0.059C-0.49Mn-0.49Si-1.37Cu-0.82Ni0.079Nb steel [351]. The diffusivity was taken to be 1.825x10-3exp(-30910/T)
m2/s and interfacial energy was set as 0.5 J/ m2. All the thermodynamic data
necessary for the nucleation and growth rate calculations, such as driving forces
and supersaturation, were calculated using a thermodynamic database.

(a)

(b)

(c)
Fig. 186. Predicted critical radius for a nucleation as function of temperature for NbC in
ferrite for various austenitizing temperatures (a). Calculated nucleation rate curves for
NbC in ferrite for various austenitizing temperatures (b). Calculated growth rate for
critically size NbC precipitates in ferrite for various austenitizing temperatures (c). The
steel used for the calculations is 0.059C-0.49Si-0.49Mn-0.8Ni 1.37Ni-0.079Nb-0.034Al.
Quoted from Reference [351].
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As can be seen from Figure 186 a, the critical radius for the nucleation is rather
independent of the austenitizing temperature between 600°C–450 °C and also the
influence of temperature on it is negligible, setting the critical radius roughly as
0.5 nm. Figure 186 b shows that nucleation rate peaks at 660–650°C at the highest
austenitizing temperature (i.e. 1200°C) giving 1.0x1010 nuclei/m3s as the
maximum nucleation rate. After that the nucleation rate starts to decrease, being
1.0x105 nuclei/m3s roughly at 400°C (when steel was reheated at 1200°C).
According to CCT diagrams, the phase transformation in Steels 1171 and 1172
initiate between 630–620°C, i.e. slightly below the temperature where the
nucleation rate has its maximum.
Figure 186 c shows that growth rate (dr/dt) is at its maximum above 800°C.
This is not valid in the present case, because the austenite is still stable at these
temperatures. The growth rate at 650°C, that is close to temperature, where the
phase transformation starts in Steels 1171 and 1172, is roughly 0.01 nm/s and it
decreases rapidly with decreasing temperature being only 1.0x10-5 nm/s at 500°C.
Although the discussion above has many simplifications (neglecting the effect
of dislocation density, for instance) it, however, provides giving information of
NbC precipitation in Steel 1171 and Steel 1172 cooled at 12°–20 C/s to room
temperature. The nucleation rate of NbC can be rather high at the temperatures,
where the phase transformation is initiated, so that the formation of quite a high
density of NbC can be expected at the early stages of transformation.
It is reasonable to assume that formed NbC precipitates are coherent and the
strengthening potential of these precipitates is increased not only with the
increasing volume fraction but also with increase in precipiate size just before
attaining the critical size for transition from coherent to incoherent size after
which, the precipitation strengthening starts to decrease with an increasing
precipitate size for a given volume fraction.
However, the growth rate of the precipitates, although being rather high at the
temperatures where the phase transformations start in Steels 1171 and 1172,
quickly decreases with decreasing temperature, so that the critically sized nucleus
cannot grow enough to give profound precipitation by NbC during accelerated
cooling.
This discussion is in agreement with the findings of Park and Lee [352], who
studied isothermal Nb(C,N) precipitation kinetics in the bainite region of a low
carbon steel by using electrical resisitivity and TEM. According to them Nb(C,N)
started to precipitate after 100–200 s at isothermal temperatures after bainite
transformation. The precipitation-time-temperature diagram of Nb(C,N) in bainite
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region was a C-type curve with a nose temperature of about 615°C. Perrard et al.
[353] studied and modelled the isothermal NbC precipitation on dislocations in
low carbon steels. Although they stated the nucleation of NbC to be very fast, it
was, however, observed for a 0.079 wt-% Nb containing steel that it will take over
several hundreds of seconds to develop an average precipitate size over 1 nm at
600°C.
Nb carbide precipitation has been observed in Nb-bearing steels subjected to
industrial as well as laboratory thermomechanical processing. The probability of
forming Nb carbide precipitates is dependent on the finish rolling and cooling
conditions. Precipitates formed in ferrite are typically found after slow cooling
from a finish cooling temperature of about 900°C and isothermal holding at coiling
temperatures of 600°C or above or after high temperature coiling above 680°C
followed by coil cooling at about 0.5°C/min [354]. However, investigations
applying industrial processing cooling rates of more than 10°C/s to coiling
temperatures in the range 650–550°C did not show ferrite formed NbC precipitates
when typical coil cooling rates of 0.5°C/min or higher were used [355,356].
The low calculated degree of precipitation strengthening and discussion above
are in agreement with TEM observations taken on the precipitates on carbon
replicas. A majority of the examined fields failed to show any fine precipitates
below 10 nm, most of the precipitates being coarser than 20 nm. However, in some
replica fields, fine precipitates sized below 10 nm were also observed. Therefore,
precipitation strengthening cannot be completely ruled out in as-rolled condition.
The changes in toughness properties can be attributed to the changes in
microstructure and yield strength. The microstructure of Steel 1172 consisting of
polygonal ferrite exhibits rather low yield strength of 400 MPa in as-rolled
condition, which could be attributed to better toughness properties.
Interestingly, the high-Nb bearing Steel 1172 is as-rolled condition exhibits
slightly lower DBTT than that of the low-Nb bearing Steel 1171. According to the
regression equation for DBTT in as-rolled condition (Equation 93), Nb does not
have any substantial effect on the DBTT, but here the DBTT of Steel 1172 with
~0.09 wt-% Nb is approximately 12°C lower than that of Steel 1171 with ~0.05
wt-% Nb. The reason for this decrease in BDTT could be derived from the
austenite deformation stage in its non-recrystallization regime. The higher Nb
content could rendered intense the strain induced precipitation of Nb, which could
reduce the Nb and C contents in austenite. Therefore, the amount of C in solid
solution could be slightly lower, which could lead to smaller fraction of MA
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microconstituents due to reduced C in austenite, which, in turn, could be
associated with slightly improved toughness properties.
The (full) potential of precipitation strengthening is realized after the
subsequent heat-treatment of as-rolled specimens at 600°C for 1h. As expected,
the yield strength of Nb-free base composition (Steel 1170) does not practically
change by the heat treatment, although the tensile strength is essentially decreased.
This is interesting, because Steel 1170 contains ~0.25 wt-% of Mo, which is
known to be a rather strong carbide former. On the other hand, the yield strengths
of 0.054 wt-% Nb (Steel 1171) and 0.094 wt-% Nb (Steel 1172) steels are
increased by 107 MPa and 128 MPa, respectively, after the heat-treatement.
Based on the findings in the LCB steels with similar microstructures (see
section Discussion as observed in Steels 1171 and 1172, the heat treatment at
600°C for 1h does not influence the grain size and the dislocation structure is only
slightly recovered. In that case, the increase in strength is mainly caused by the
precipitation strengthening of fine microalloy precipitates, most propably NbC.
Therefore, the contribution of precipitation strengthening in heat-treated steels can
be evaluated in a similar manner as done for as-rolled plates above. The results are
shown in Figure 187 a–b.

(a)

(b)

Fig. 187. The estimated contributions of different strengthening mechanisms on the
yield strength of steels 1171 (a) and 1172 (b) in heat-treated condition (600°C/1h). The
contribution of grain size strengthening was evaluated using the misorientation angles
of both 15° an 8° for the determining the grain size.

The contributions of grain size and solid solution strengthening in the heat-treated
condition are considered to be identical to those in as-rolled condition and hence
their total contribution is between 366 MPa-391 MPa depending on the selected
misorientation angle.
One of the key issues in the determination of the degree of precipitation
strengthening after heat treatment is the recovery of the dislocation structure. In
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cold formed (polygonal) ferrite plain steels, only a slightly decrease in hardness or
strength is observed due to recovery. In the LCB steels, the increased dislocation
density is caused by the γ/α transformation at relatively low temperatures. During
the heat treatment, the dislocation structure is expected to undergo recovery
process, which means that number of dislocations is reduced due to annihilation
and the rearrangement of the dislocations to form sharps dislocation substructures.
This slightly reduces the contribution of dislocation strengthening to total
strengthening. Furthermore, the situation can be more complex in the case of
coexisting precipitation-recovery processes, as the recovery process may be
strongly linked to the precipitation kinetics. The precipitates may act as pinning
sites on the dislocation lines limiting the ability of dislocations to rearrange
themselves into lower energy configurations [357]. In a FEG-SEM and TEM study
with microstructures similar to those observed in Steels 1171 and 1172, it was
detected than in the material heat-treated at 600°C/1h, the dislocation density
appeared to be somewhat lower than in that the as-rolled material.
If the recovery of dislocation density is neglected, the calculated degree of
precipitation strengthening is between 124–149 MPa, which is 20–40 MPa higher
than the observed increase in yield strength after the heat treatment.
One approach to estimate the reduction dislocation strengthening during the
heat treatment is to assume that the specimen adopts the dislocation density that is
predicted by Equation 23 at 600°C. This assumption leads to a dislocation
strengthening of 102 MPa after heat treatment, indicating a decrease by about 30
MPa. Thus, the calculated contributions of precipitation strengthening are in the
range from 151 MPa to 176 MPa.
An alternative method to evaluate the degree of precipitation strengthening is
suggested. Since the peak strengthening takes place roughly after holding for 1h at
600°C, all Nb is assumed to be precipitated as NbC at this stage of the heat
treatment [89]. The volume fraction of NbC (vol%) can be evaluated according to
Equation 112:
Vol% NbC=1.13 wt-% of Nb.

(112)

If the precipitation is assumed to obey the Orowan looping, the strength increment
can be calculated according to Equation 113 :
1/ 2
Δσ = 10.8f
ln( X / 6.125x10 −4 ) ,
X

(113)
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where f is precipitate volume fraction and X is mean diameter of particles in μm
[79].
Furthermore, if it is assumed that roughly 90% of Nb is in solid solution and
hence available for the precipitation strengthening during heat-treatment (rest of
Nb being bound by strain induced precipitates and coarse undissolved NbTi(C,N)),
the volume fraction of NbC is then 0.054% (1.13x0.9x0.054=0.054%). An
assumption of 90% of Nb in solid solution should be a valid approximation,
because the fraction coarse particles was rather small and they were mainly
composed of Ti, the fraction of Nb being about 20–30%. Secondly, the
precipitation of Nb carbides during rolling in the non-recrystallization regime of
austenite is retarded due to low finish rolling temperatures between 850–780°C.
Further, relatively high Mn contents can retard the precipitation kinetics of NbC
[227].
The average precipitate size can be evaluated from the coherent to incoherent
transition diameter, since the heat-treatment conditions at 600°C/1h roughly
correspond to at peak hardening, where the transition is assumed to take place. In
the case of NbC carbides, the transition diameter has been reported to be
approximately 4.0–5.0 nm [112].
If the average precipitate size is taken as 4.0–5.0 nm and the volume fraction
of NbC is 0.054%, the increase in yield strength is between 106–118 MPa, which
is quite close to the observed increase in yield strength in Steel 1171 (107 MPa)
after heat treatment at 600°C/1h.
A similar alternative approach as used for Steel 1171, can be adopted to Steel
1172 to estimate the degree of precipitation strengthening after the heat-treatment.
Once again, if it is assumed that approximately 90% of Nb is available for
strengthening, the approach leads to a NbC volume fraction of 0.094%. If the
average precipitate size is taken as 4.0–5.0 nm, the calculated yield strength
increment is 136–152 MPa i.e. slightly higher than the observed yield strength
increment in Steel 1172 after the heat treatment (127 MPa). This value is, however,
in agreement with the calculated precipitation strengthening computed by using
the misorientation of 8°, as the angle that determines the grain, Figure 187 b.
The precipitation strengthening potential of Nb can fully utilised by applying
post-TMCP heat treatment at the temperatures where the diffusivity of Nb is high
enough to allow the NbC to precipitate in reasonable times. Practically, this means
a heat treatment at 570–580°C or above.
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The progress of precipitation hardening can be observed by constructing age
hardening curve for various times and temperatures. The ageing curves for Steel
1171 and Steel 1172 are shown Figure 162 a and b, respectively.
The precipitation process of NbC during the heat treatment is concluded to
progress as expressed schematically in Figure 19, showing the nucleation and
growth of new coherent precipitates and/or growth of existing coherent
precipitates in bainitic ferrite at the first stage of heat treatment. The strengthening
increment obeys roughly a Δσ PPT ≈ f 1 / 2d1 / 2 type formula, which indicates that
strength (hardness) is increased with increasing precipitate size and with
increasing volume fraction of precipitates.
At the peak hardening time, it is expected that all Nb is precipitated as
carbides and the transition from coherent to incoherent precipitates occurs. The
particle-dislocation interaction is then assumed to be Orowan looping type. From
this stage onwards, the volume fraction of precipitates remains constant, but the
particle size and the interparticle distance increase due to Ostwald ripening. This is
observed as a decrease in strength, as also indicated in Figure 19.
It should be emphasized that the contributions from different strengthening
mechanisms to overall yield strength are based on the equations and formulas
presented in the literature and some of them can be considered only as rough
estimates bearing lot of uncertainty and scatter. Therefore, the numerical values of
calculated strengthening mechanisms should not be taken as exact values, but
should be considered as suggestive.
9.5

Influence of Cu on the mechanical properties and
microstructure of LCB steel

The main effect of 0.71 wt-% Cu on the mechanical properties in as-rolled
condition was a slight increase in yield strength, but without any discernable
decrease in impact toughness properties. A further increase in Cu content to 1.15
wt-% weakened toughness properties without any pronounced change in yield
strength, as shown in Figure 95 a. The addition of 0.71 wt-% of Cu in Steel 1173
caused an increase in volume fraction of granular bainitic ferrite at the expense of
quasi-polygonal ferrite, when compared to the microstructure of Cu-free
counterpart Steel 1171. Quasi-polygonal ferrite was still present in marked
fractions, as shown in section 8.5. A further increase in Cu content to 1.15 wt-%
led to deterioration in toughness properties, but yield strength was not influenced
markedly as seen in Figure 95. In the high Cu Steel 1174 (1.15 wt-%),
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quasi-polygonal ferrite formation was not completely eliminated, although its
fraction was significantly decreased, Figure 188. Granular bainitic ferrite and even
bainitic ferrite were present in significant fractions. It was thought that small
increase in granular bainitic ferrite in 0.71 wt-% Cu steel did not cause significant
deterioration in toughness, although it can cause an increment in yield strength. A
part of the strengthening can be caused by the solid solution strengthening from Cu
[68]. Further increase in Cu content did not increase strength, since
quasi-polygonal ferrite was still present in significant fractions. Toughness
deterioration could also be attributed to the partial replacement of granular bainitic
ferrite by bainitic ferrite.

Fig. 188. Typical microstructure of as-rolled steel 1174 containing 1.15 wt-% of Cu.

In fact, Cu in as-rolled condition could be a beneficial addition, since a small
additions could increase yield strength rather pronouncedly, but the expected
deterioration of toughness is quite negligible. The pronounced strength increment
due to Cu alloying can occur even at lower contents, as suggested the ln(Cu)
coefficients in Equation 88. This is illustrated in Figure 189, where the effect of Cu
on the assumed composition of 0.02C-1.9Mn-0.2Si-0.8Cr-0.25Mo-0.05Nb-0.02Ti
steel is calculated according to Equation 88. Yield strength increased rapidly with
increasing Cu content from residual levels to approximately 0.2-0.4 wt-%, but
beyond that the yield strength decreases rather modestly with increasing Cu
content. The maximum attainable yield strength increment due to 1.15 wt-% of Cu
addition is slightly above 45 MPa.
The beneficial effect of small Cu content has been found in high strength
linepipe steels, since it can stabilize austenite forming preferable microlaminate
(i.e. a mixture of lower bainite and martensite) and can increase the strength and
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decrease the DBTT. The preferable Cu content is suggested to be in the range of
0.1-0.2 wt-%. At higher amounts, Cu is found to induce excessive precipitation
hardening and if this precipitation is not properly controlled, it can cause
brittleness. Therefore, it is suggested that Cu content should be limited to 1.0 wt-%
in as-rolled high strength linepipe steels [52,53].

Fig. 189. Effect of Cu content on yield strength of an assumed composition
0.02C-1.9Mn-0.2Si-0.8Cr-0.25Mo-0.05Nb-0.02Ti calculated by using Equation 88.

In heat-treated condition, strengthening effect of Cu was evidently present, since
yield strength increases almost linearly with increasing Cu content. However, this
increment may not be completely derived from Cu precipitation strengthening due
to following facts. Yield strength increases pronouncedly in Cu-free steel,
probably due to NbC precipitation strengthening in as-rolled condition. The heat
treatment at 600°C for 1h could be too high temperature and long time for intense
Cu precipitation, since this can cause significant overawing of ε-Cu precipitates
and hence the maximum potential of Cu is not achieved [68]. Instead, it was
discussed earlier that 600°C/1h are rather optimum condition to reach peak
strengthening due to NbC. To realize the maximum potential of Cu, lower
heat-treatment temperatures, say 500–550°C, should be used [68]. Therefore, the
strengthening due to Cu increment in heat-treated condition could be partly
reflected by the strength changes caused by Cu addition in as-rolled condition. Of
course, it is possible that part of strength increment is also due to Cu precipitation.
In summary, small Cu additions in the range of 0.2–0.4 wt-% or sometimes
even up to 0.7 wt-% seem to be rather beneficial for steels in as-rolled condition,
since Cu can increase yield strength by about 30–35 MPa without significant
sacrifice in toughness properties. A further increase in Cu content in as-rolled
condition is not recommendable due to rather modest increase in yield strength,
389

but rather severe deterioration of toughness properties. The main strengthening
mechanisms are transformation hardening, since Cu retards phase transformation
to lower temperatures and solid solution strengthening. In heat-treated condition,
increasing Cu contents can also increase strength, but strength increment in
heat-treated condition could be partly reflected by the strength changes caused by
Cu addition in as-rolled condition. It is also possible that a part of strength
increment is also due to Cu precipitation, but to fully utilize the strengthening
potential of Cu, lower heat treatment temperatures of 500–500°C are probably
required [68].
9.6

Influence of Mo on the mechanical properties and
microstructure of 500MPa grade LCB steel

The yield strength increment of LCB steels due to Mo alloying (Steels 1176 and
1177) seems to be attributed to the formation of granular bainitic ferrite over
quasi-polygonal ferrite observed in large fractions in their lower Mo counterparts
(Steels 1171 and 1172) (See sections 8.5.11, 8.5.12 and 8.5.14). The influence of
Mo on the formation of bainitic ferrite or granular bainitic ferrite is consistent with
the influence of Mo during dilatometric studies, where an increase in Mo content
from 0.25 wt-% to 0.6 wt-% lowered phase transformation by about 25–40°C and
suppressed formation of quasi-polygonal ferrite. It is reasonable to assume that
strength increment by Mo is attributed to transformation strengthening, since the
contribution of Mo via solid solution hardening appears to be less significant [5].
The deterioration of impact toughness properties can be attributed to the
formation of granular bainitic ferrite to a large extent and consequent suppression
of formation of quasi-polygonal ferrite. When granular bainitic ferrite forms in
large fractions the preservation of prior austenite boundaries occurs locally and
formation of MA microconstituents can also take place there. Granular bainitic
ferrite is characterized by micrometer sized MA microconstituents in a ferrite
matrix that contains a high fraction of well-developed low angle boundary
substructures. A majority of high angle grain boundaries are attributed to the prior
austenite boundaries (or granular bainitic ferrite/quasi-polygonal interfaces) and
probably to boundaries derived from deformation bands. Of course, a part of these
boundaries could also be packet boundaries of granular bainitic ferrite.
It is well established that MA microconstituents can act as nucleation sites for
brittle fracture and are detrimental to toughness of steels especially if their size and
fraction are large as summarized in section Discu5.1.11ssion. Therefore, if the
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nucleation of brittle fracture occurs in the vicinity of MA microconstituents in
granular bainitic ferrite structure, it can rather easily grow in the matrix, since
MA’s cannot arrest a crack and inhibit its propagation [166]. The only boundaries
that are capable to do that are prior austenite grain boundaries, granular bainitic
ferrite packets and/or prior austenite deformation bands. Therefore, toughness
deterioration can occur in due to increase in Mo content is due to the formation of
granular bainitic ferrite.
Interestingly, the nature of granular bainitic ferrite seems to change as a
function of its volume fraction. For instance, in Steel 1144, where quasi-polygonal
ferrite formed in large fractionson the prior austenite grain boundaries, the fraction
of granular bainitic ferrite was small. Granular bainitc ferrite was characterized by
rather fine-grained irregular ferrite with MA microconstituents. Most of the grain
boundaries in the granular bainitic ferrite seem to be high angle boundaries (See
section Discussion and they can hence prevent the propagation of brittle fracture
nucleated in the vicinity of MA particles. However, when granular bainitic ferrite
is formed in large fractions, for instance, in the cases where the formation of
quasi-polygonal ferrite at prior austenite grain boundaries is partially or complete
suppressed, as it is case in Steel 1176 and 1177, the granular bainitic ferrite seems
to occupy the prior austenite grains. The grain boundary structure differs greatly
from that of granular bainitic ferrite formed in conjunction with high fraction of
quasi-polygonal ferrite, since now the granular bainitic ferrite seem to contain high
fraction low angle boundaries connecting MA microconstituents with each other,
as shown in Figure 159. The high angle boundaries now seem to be attribute to the
prior austenite grain boundaries, deformation bands and granular bainite packet
boundaries. The reason of this change in grain boundary structure is not clear, but
formation of quasi-polygonal ferrite enriches residual austenite and the volume
change causes the γ/α transformation introduced strains and defects in the
austenite. This must influence the way in which residual austenite transforms to
granular bainitic ferrite and bainitic ferrite. It could be assumed that when quasipolygonal ferrite formation takes place to a large extent, the volume change
accompanying this transformation can cause similar effects in residual austenite as
the mechanical deformation of austenite during controlled rolling. This could
create large number of nucleation sites for granular bainitic ferrite and deformation
bands that can contribute to microstructural refinement. However, the quantitative
estimation of the degree of deformation in the residual austenite caused by the
constraints of quasi-polygonal formation is difficult. Consequently, when the
fraction of quasi-polygonal ferrite is small, the deformation of residual austenite is
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smaller, which is can its effect on the subsequent granular bainitic ferrite
transformation.
The granular bainitic ferrite promoting effect of Mo was established by Zicek
et al. [5] and Wang et al [358]. In addition, in very high strength linepipe steel Mo
is considered as a beneficial alloying element, since it increases hardenability of
steel, especially in combination with B and Nb. Mo also helps to promote the
ausaging. The preferable Mo content is suggested to be approximately 0.1–0.2
wt-%,as excessive Mo additions are found to deteriorate toughness of steel as well
as that of HAZ and therefore the recommendable upper limit is set to be 0.4 wt-%
[52].
During heat treatment, the yield and tensile strengths increase with increasing
Mo content, the slope being equal to corresponding slopes for the effects in
as-rolled condition, Figure 96. As expected, steels containing higher Nb contents
exhibit higher strengthening potential than their lower Nb counterpart. On the
other hand, higher Mo content does not seem to fortify the effect of Nb, since
strength increment seems to be similar in low 0.25 wt-% Mo steels than in high 0.6
wt-% Mo steels. The strength increment potential seems to be dependent mainly
on the Nb content. The higher strength of 0.6 wt-% Mo containing steels in
heat-treated condition is derived from the higher strength of these steel in as-rolled
condition caused by transformation strengthening effect of Mo.
Heat-treatment causes deterioration in toughness properties, as microstructures consist of quasi-polygonal and granular bainitic ferrite microstructures. Similar reasoning in microstructure-toughness property relationship in heat-treated
condition would apply as presented above for similar types of microstructures.
9.7

Influence of B on the mechanical properties and microstructure
of 500 MPa grade LCB steel (Steels 1171 and 1175)

The striking effect of B (Steel 1175) on the mechanical properties is the sharp
increment in the yield strength, but simultaneous decrease in impact toughness
properties as compared to its B-free counterpart Steel 1171. The changes are well
noticed in the microstructures too. The preservation of austenite grain boundaries
is the striking difference when comparing the microstructures of Steel 1171
(B-free) and 1175 (28 ppm of B). The microstructure of B-bearing steel comprises
of granular bainitic ferrite, whereas in B-free steel the dominating microstructure
is quasi-polygonal ferrite in conjunction with fine-grained granular bainitic ferrite.
Some small fractions of quasi-polygonal ferrite were also observed in B-bearing
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steel. These quasi-polygonal ferrite grains were observed inside the prior austenite
grains in contrast to conventional nucleation sites at the austenite grain boundaries.
The quasi-polygonal ferrite transformation is believed to be diffusional
transformation as discussed in section 9.3.1 and it is also well established that B
has a tendency to segregate on the prior austenite grain boundaries and suppress
the formation of diffusional products there. The suppression of diffusional
products at prior austenite grain boundaries leads to formation of granular bainitic
ferrite in large fractions, since this product is thought to form via displacive or
shear transformation, perhaps through Widmanstätten ferrite transformation, as
discussed Discussion in section 9.3.1. However, it might be possible that B is not
uniformly distributed at the austenite grain boundaries. Further, B may not be
segregated sufficiently on the deformation bands of austenite, since the
segregation of B at austenite grain boundaries and deformation bands has been
suggested to be a function of composition (B, Nb, Mo, Ti), besides the degree of
deformation in the non-recrystallization regimen of austenite [350]. As the degree
of deformation employed in the non-recrystallization regime was 60% in the
laboratory hot rolling schedule, it is possible that B is not adequately segregated at
the deformation bands and consequently the formation of diffusional
transformation products was possible. This could explain why small fractions of
quasi-polygonal ferrite were occasionally detected also in B-bearing steel.
The changes in mechanical properties due to B alloying can be explained (in
microstructural terms) as follows. B segregates on the prior austenite grain
boundaries and prevents the formation of quasi-polygonal ferrite. The phase
transformation is suppressed to lower temperatures, which leads to the formation
of granular bainitic ferrite. As the transformation takes place at lower temperature
this results in transformation hardening (i.e. grain size and dislocation hardening)
that could explain the increment in strength. The toughness deterioration can also
be explained by the change in the microstructure. As the microstructure consists of
practically single-morphology granular bainitic ferrite with well-preserved prior
austenite grain boundaries and rather uniformly distributed MA microconstituents
inside the grains, it seems that effective grain size becomes more clearly
determined by the prior austenite grain boundaries. Further, it is well established
that MA microconstituents can act as the initiation sites for a brittle fracture, as
discussed earlier. The granular bainitic ferrite of steels contains rather high
fraction of even micrometer sizes of MA microconstituents, which are preferential
sites for the brittle fracture to initiate. As shown in section 5.1.12 granular bainitic
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ferrite as single ferrite morphology contains dense distribution of low angle
boundaries, besides rather a low density of high angle boundaries inside the prior
austenite structure. Brittle fracture initiated at MA microconstituents can readily
propagate in such a structure and reach the critical crack length, beyond which
microcracks will propagate spontaneously in the microstructure leading to final
brittle fracture.
9.8

Toughness regression equations

As shown in section 8.4.10 all alloying elements except Nb, in as-rolled condition,
contributed positively to strengthening. In the case of Charpy-V transition
parameters, however, the situation is more complex. Most alloying additions
lowers the upper shelf toughness, which is in line with their effect on strength.
After all, only 6 specimens were used to determine the transition curves in the
heat-treated conditions. As regards transition temperatures, some elements are
detrimental, others have no detectable effect, while others are beneficial. From the
point of view of alloy design, alloy elements that have no detectable effect on
transition temperature can also be considered beneficial since they increase the
strength without raising the transition temperature. In this way, Mn and Ni can be
considered beneficial to transition temperatures, T27J and DBTT. In addition, it is
interesting to note that C is not detrimental to T27J in the as-rolled condition. It
does, however, raise DBTT, which will be seen as lower toughness values in the
transition region. The most detrimental addition, as far as transition temperatures
are concerned, is B. Roughly, the addition of B increases T27J and DBTT by 50°C,
irrespective of cooling and heat treatment conditions. (As shown below, the same
shift is also found for the transition temperatures of the simulated CGHAZ). Of the
other alloying elements, on a weight percent basis, Mo is the most detrimental to
toughness: an addition of 1.0 wt-% increases T27J and DBTT by about 50 and
80°C, respectively.
The reasons for the DBTT increasing effect of C in as-rolled condition can be
understood its MA microconstituents increasing effect. On the other hand, C
favours of formation bainitic ferrite morphologies over the quasi-polygonal/
granular bainitic ferrite, which tends to decrease toughness of LCB steels, as will
be discussed later. On the other hand, some C might be trapped inside the ferrite in
steel with rather low transformation, which may cause brittleness.
Although DBTT increases with increasing C content, T27J is not influenced.
This behaviour can be understood by means of the influence of C on the
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transforming microstructures and transition behaviour of different types of
microstructures. Increasing C content strongly favours the formation of bainitic
ferrite and granular bainitic ferrite over the quasi-polygonal ferrite dominated
microstructure. The transition behaviour of these microstructures in Charpy-V
testing is quite different as seen from Figure 184. Quasi-polygonal ferrite
dominated microstructures exhibits rather low DBTT. T27J is rather close to
DBTT, as the transition from high-absorbed energy to low absorbed energy takes
place in a rather narrow temperature range. Although bainitic ferrite and granular
bainitic ferrite dominated microstructures exhibit much higher DBTT’s than
quasi-polygonal ferrite dominated ones, the transformation from high absorbed
energy to low absorbed energy takes place at much wider temperature ranges. As a
consequence of this, different microstructures can exhibit a clear difference in
DBTT’s, but T27J is not significantly influenced.
In heat-treated steel, C seems to increase DBTT more significantly than in
as-rolled steel. This is probably due to the effect of C on the precipitation
strengthening caused by the heat treatment. As the degree of precipitation
strengthening during heat treatment is a function of C and microalloy contents
(mainly Nb) the yield strength increases significantly in higher C steels than in its
lower C counterpart. The DBTT is assumed to increase proportionally to the yield
strength increment, since heat treatment does not influence the effective grain size.
This is especially true for the quasi-polygonal ferrite and granular bainitic ferrite
dominated microstructures, where heat-treatment does not significantly chance the
microstuctural characteristics of MA microstructures and does not change their
assumed tendency to initiate brittle fracture. Therefore, DBTT increases, as the
precipitation strengthening (that is related to C content) increases the yield
strength, but the effective grain size and fracture characteristics of MA
microconstituents are not changed. On the other hand, it was shown in 0.03-0.04
wt-% of C containing steels with essentially bainitic ferrite matrix that DBTT
decreased after heat-treatment. This is attributed to a severe decomposition of MA
microconstituents into tempered martensite and fine spherical cementite particles.
This change in MA microconstituents is presumed to change DBTT transition
characteristics, hence allowing simultaneous improvement in both strength and
toughness.
An increase in Mn content from 1.3 to 2.0 wt-% decreases the transition
temperature by about 10°C according to Equation 93, even though this is not a
very dramatic decrease in DBTT. Bearing in mind the significantly favourable
effect of Mn on the strength and cooling rate insensitivity as well as its effect on
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improving the CGHAZ toughness, all evidences points towards the choice of high
Mn close to 1.9-2.0Mn wt-% for enhanced property improvement. Mn is a strong
austenite stabilizer and increases the solubility of C in austenite. Therefore, it
could be expected that the size and fraction of MA microconstituents are smaller,
which could explain the improving effect of Mn on DBTT. On the other hand, Mn
is also a strong solid solution strengthener, but its strengthening effect has been
reported to decrease with a decrease in temperature in low C irons [89,359].
Therefore, the yield strength of high-Mn alloyed steel may not increase as fast as
that of low Mn steel as a function of temperature and hence the yield strength in
high Mn steels exceeds cleavage fracture at lower temperatures than that in steel
with low (~1.3 wt-%) Mn. DBTT is conventionally related to the temperature,
where yield stress exceeds the cleavage fracture stress.
In heat-treated steels too, an increase in Mn content decreases DBTT and
T27J. This improvement could also be explained by the temperature dependence
of solid solution strengthening of Mn [89,359].
Cr and Mo both increases DBTT, but influence of Cr appears to be much less
severe than that of Mo. An addition of 1.0 wt-% of Cr increases DBTT by 13°C,
whereas 0.6 wt-% of Mo can increase yield strength by about 38°C. Both Cr and
Mo are ferrite stabilizers and have tendency to increase DBTT [53]. Cr can slightly
increase yield strength due to solid solution hardening. However, unlike Fe-Mn-C
alloys, the yield strength in Fe-Cr-C alloys does not decrease with decreasing
temperature, but increases slightly. This may partly explain its marginal effect on
increasing the DBTT. Mo especially promotes the formation of granular bainitic
ferrite over quasi-polygonal ferrite, hence changing the to microstructure that
contains probably more MA microconstituents and its toughness properties are
related to austenite grain size rather than the mixture of quasi-polygonal granular
bainitic ferrite.
Nb does not have any substantial effect on the toughness (Equations 93–94) or
strength (Equations 88–90) in as-rolled condition. However, it seems to have
detrimental effect on the CGHAZ impact toughness and CTOD (section
Discussion). Therefore, the Nb content in as-rolled Nb steel should be limited to
0.04 wt-%. However, in heat-treated LCB steels, Nb increases strength, without
decreasing significantly toughness.
In heat-treated condition Nb in the range of 0.04–0.10 wt-% does not seem to
have any effect on DBTT or T27J (Equations 95, 96). On the other hand, Nb in the
aforementioned range had small strengthening effect. In that sense, high Nb (0.09–
0.10 wt-%) addition can be considered as beneficial in heat-treated steels. Results
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are also consistent with the results presented in Discussion section Nb increases
DBTT and T27J after heat treatment as compared to as-rolled condition, but
difference in DBTT and T27J in heat-treated condition is negligible, when Nb
content is varied in the range ~0.05–0.10 wt-%.
Ni does not have pronounced effect on toughness properties is as-rolled
condition (Equations 93–94), but it has relatively high influence on the yield
strength (Equations 88–89) and therefore, it can be assumed that Ni has a
beneficial influence on toughness, since it increases yield strength without
sacrificing DBTT. In heat-treated steels, Ni decreases DBTT (Equations 95–96)
and simultaneously increases strength (Equations 91–92) and therefore Ni is
beneficial in the heat-treated LCB steels too.
An increase in Cu content to 1.15 wt-% increases DBTT in as-rolled condition
by about 22°C (Equation 93). Cu is according to CCT diagrams, has a tendency to
lower the phase transformation temperature and promote formation of bainitic
ferrite and granular bainitic ferrite microstructures, which may explain its effect on
deterioration of toughness in as-rolled condition. In heat-treated condition, an
increase in Cu content to 1.15 wt% increases the DBTT by about 24°C, but bearing
in mind the large influence of Cu on the yield strength in heat-treated condition,
DBTT is not greatly decreased due to Cu alloying. On the other hand, Cu produces
a rather modest increase in the strength of steels, where no Cu precipitation
hardening takes place. On the other hand, it was concluded in section 9.5 that
small Cu addition between 0.2–0.4 wt-% are beneficial for increasing strength
without significantly influencing the toughness properties. Llewellyn [355]
examined the effects of Cu content in the range of 0.15–0.6 wt-% on the toughness
of low alloy engineering grades using regression analysis, which showed that Cu
in that particular range had no significant effect on the FATT. However, he
concluded that the deterioration effect of Cu on some steel is attributed to higher
fraction of lower transformation products.
In heat-treated condition increasing Cu addition decreases toughness
properties (Equations 95–96). Cu is regarded as a soft precipitate in iron, because
in strengthens the iron (by 40MPa per wt-%), but does not cause a decrease in
toughness. The precipitation of copper occurs from supersaturated bainitic ferrite
as a consequence of either auto-tempering or when steel is deliberately tempered
[41]. However, it was concluded in section 9.5 that heat treatment at 600°C for 1h
may not be optimal for the Cu precipitation and significant overaging may occur
and strengthening in 0.7–1.15 wt% Cu-bearing steels may not be a consequence of
Cu precipitation, but the formation of fine NbC, instead B has a detrimental effect

397

on the toughness both in as-rolled and heat-treated condition (Equation 93–96).
From microstructural analysis of dilatometric specimens and laboratory hot rolling
plates, it was found that microstructures of B-alloyed steels contained granular
bainitic ferrite and bainitic ferrite and formation of quasi-polygonal and polygonal
ferrites were efficiently prevented. Further, it was detected that prior austenite
grain structure was frequently preserved. The elimination of polygonal and
quasi-polygonal ferrite formation seems to expose the susceptibility of effective
grain size to austenite grain size. For instance, in bainitic ferrite, the laths grow
form one flattened austenite grain boundary to another (as shown in Figures 146,
147, for instance), indicating that the effective grain size is directly related to
austenite grain thickness. In fully granular bainitic ferrite microstructures, the low
angle sub-grains can fill the whole austenite grain structure and the only high angle
boundaries are the prior austenite grain boundaries and some boundaries deriving
from deformation bands. Therefore the effective grain size in single phased
granular bainitic ferrite is also closely related to a austenite grain size. Both
granular bainitic and bainitic ferrite contained clear substructure, which can cause
deterioration in toughness [62], since these boundaries contribute to strengthening,
but cannot prevent the progress of brittle fracture. Further, granular bainitic and
bainitic ferrites can contain significant fractions of MA microconstituents (the
fraction depending on the C content), which in conjunction with sub-grain
structure, can cause deterioration in toughness. Microcrack can easily initiate at
the interface of MA and ferrite, and if the adjacent boundary is a low angle grain
boundary, micro cracks can easily progress through matrix due to poor ability of
low angle boundaries to blunt or prevent the crack propagation.
9.9

Influence of composition on strength-toughness balance

The strength-toughness balance of LCB steels can be estimated on the basis of
embrittling vectors as presented in section 8.4.13.
C is an effective way to increase strength. With respect to deterioration of
DBTT, C seems to be rather beneficial for strengthening, since DBTT increases by
about 2.4°C with every 10 MPa increase in yield strength. However, as shown in
section 8.4 and discussed section 9.4.3, C has quite a minor effect on the yield
strength of 500 MPa grade LCB steels with quasi-polygonal and granular bainitic
ferrite microstructures, but rather negative effect on the DBTT. This may indicate
that embrittlement vectors for C may not be linear over the studied range and 500
MPa grade LCB steel should be based on the very low C level below 0.02 wt-%,
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whereas 700 MPa steel should be based on the higher C steel, or else the alloying
content would increase enormously, rendering the production process too
uneconomical from practical point of view.
In heat-treated condition, C increases the strength more significantly than in
as-rolled condition, but relative toughness deterioration is not so significant as
compared to that in as-rolled condition. However, if the C content is very low
(close to 0.01 wt-%), yield strength may not increase during heat treatment as
shown in section Discussion and discussed in section 9.4.3.
Cr, Ni and Mn have rather strong strengthening potential without significant
detrimental effect on DBTT both in as-rolled and heat-treated condition. Precisely,
in as-rolled condition, Mn increase strength and also decreases DBTT. Ni
increases yield strength, but does not increase DBTT, whereas Cr can improve
strength to the same extent as Ni, but with only slight deterioration in DBTT. In
heat-treated condition, Mn, Cr and Ni increase the strength with a concomitant
pursuance of decrease in DBTT.
From the discussion above, it can be concluded that main alloying design
should be based on the Mn-Cr alloying. Alloying with Ni should be avoided, as it
is generally not preferred from economical point of view and its concentration
should be rather limited.
Mo and B have rather high strengthening potential both in as-rolled and
heat-treated conditions, but this increment is associated with a pronounced
increase in DBTT and therefore, their concentration should be limited with respect
to the required yield strength. They also significantly weaken the toughness
properties of CGHAZ, as shown in section Especially, the use of high Mo should
be avoided, since it may cause brittleness, for instance, by promoting excess
formation of granular bainitic ferrite in quasi-polygonal-granular bainitic ferrite
dominated microstructures. Further, from the economy point of view, high Mo
additions are not advisable and it is, therefore, justified to avoid Mo alloying or at
least limit its concentration to 0.2–0.3 wt-%. The use of B seems to be unwanted
from the toughness deterioration point of view. However, it does have an
astonishing strengthening potential in as-rolled condition (100-140 MPa) in
extremely small quantities, rendering it rather interesting alloying element for
alloy design of 700 MPa, for instance. The microstructural changes and their
relationship to deterioration in toughness caused by B are rather well understood
as discussed in chapter and therefore, toughness deterioration caused by B should
be compensates by proper austenite processing.
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Small Cu additions up to 0.4 wt-% may be beneficial from strength-toughness
balance point of view, but higher Cu contents are not recommended since strength
does not increase further. Instead, toughness may substantially decrease. In
heat-treated condition Cu can give pronounced strengthening when its content is
about 1 wt-%, but to realize the complete strengthening potential, other conditions
than 600°C/1h are required.
Nb does not seem to have any substantial effect on the toughness in as-rolled
or heat-treated condition on the yield strength (However, it seems to have
detrimental effects on the CGHAZ impact toughness and CTOD (section 8.4.29.
Therefore, the Nb content in as-rolled Nb steel should be limited to 0.04-0.05
wt-%. However, Nb additions still seems to be indispensable in LCB steels, since
Nb tends to promotes quasi-polygonal ferrite and granular bainitic ferrite over the
polygonal ferrite in low alloyed LCB steel. Further, Nb increases the range
between Ar3 and Tnr -temperatures, allowing sufficient temperature range for
controlled rolling. However, high Nb addition in heat-treated conditions are
justified, since it provides extra strengthening potential without sacrificing the
toughness and therefore, Nb additions of 0.09-0.10wt-% can be considered in
heat-treated steels.
9.10 Ageing curves of selected steels
9.10.1 The time for peak strengthening
The ageing curves of Nb microalloyed steels (section Discussion) can be
compared with the ageing data recorded by Vollrath et al. [361] on an HSLA-Nb
steel (0.09C-0.72Mn-0.046Nb), which provides necessary information for
comparison of precipitation kinetic of Nb(C,N). They recorded the ageing curves
at 550, 600 and 650°C after number of different rolling and cooling patterns, but
their influence on the ageing behaviour was minor. The ageing peaks were
observed after 10 min, 100 min and 800 min at 650, 600 and 550°C, respectively.
These are in good agreement with experimental results that showed peak
hardening taking place in the time range from 8-15 min at 650°C, between 60- 120
min at 600°C and after 960 min at 550°C.
The activation energies determined on the basis of ageing curves were found
to be slightly influenced by C and Nb concentrations (Equation 99). For instance,
high Nb concentrations seemed to increase the activation energy. The activation
energies determined range from 227 to 336 kJ/mol. The average activation energy
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was approximately 294 kJ/mol, which is somewhat lower than that reported for
activation energy of diffusion for Nb in ferrite, 334 kJ/mol [79]. On this basis, it
could be concluded that precipitation reactions are mainly controlled by Nb
diffusion. However, there exists possibility that precipitates formed in ferrite are
not completely NbC, but mixed (Mo,Nb)C [64]. Formation of these kinds of
mixed precipitates could also explain the slightly lower activation energy for
diffusion. The activation energy of diffusion for Mo has been reported to be 238
kJ/mol [362].
9.10.2 The shape of hardening curves and degree of precipitation
strengthening
The degree of precipitation hardening during heat treatment is a function of
chemical composition and temperature as well as microstructure. In
quasi-polygonal ferrite and granular bainitic ferrite dominated microstructures (i.e.
Steels 1171–1174, and Steels 1176–1177, see Figure 162 a–d, f, g) the hardness
values start to increase immediately at the start of the heat treatment in a manner as
reported for microalloyed steel with mainly (polygonal) ferritic microstructures
[89]. Hardness values increase constantly to peak hardnesses beyond which, the
hardness start to decrease due to overaging. For polygonal ferritic steels it has been
reported that the peak hardness is independent of heat treatment temperature [304],
but in the present study on quasi-polygonal and granular bainitic ferrite dominated
microstructures, the peak hardness shows dependence on heat-treating
temperature. Higher reheating temperature seemed to produce the lower peak
hardnesses and vice versa. This could be explained by the different tempering
effects of MA’s at different peak temperatures. At lower peak temperatures, MA
islands do not undergo so significant tempering effect than at higher temperatures.
Further, FEG-SEM micrographs in Figure 163 suggested that cementite particles
formed at higher peak temperatures were slightly coarser than those formed at
lower peak temperatures. Different tempering effects of MA microconstituents and
coarsening of cementite particles at different peak temperatures could explain the
differences.
The degree of hardening at a given temperature is mainly a function of Nb, but
hardly dependent of Mo content. For instance, compare the maximum hardness
increment between Steels 1171 and 1176 as well as Steels 1172 and 1177. The
maximum hardness increment in Steel 1171 with 0.05Nb-0.25Mo was 22 HV10,
whereas in Steel 1176 with 0.054Nb-0.6Mo the increment was 31 HV10. The

401

hardness increment in Steel 1172 with 0.09Nb-0.25Mo was 33 HV10 and in Steel
1177 with 0.09Nb-0.6Mo, 37 HV10. This would indicate that Mo only slightly
contributes to hardening. Further, when comparing the yield strength increment of
as-rolled steel after heat treatment at 600°C for 1h, Steel 1171 and 1176 as well as
in Steels 1172 and 1177, the strength increment was attributed to Nb content, but
not to the Mo content. The yield strength increment in Steel 1171 was 107 MPa
and Steel 1176 105 MPa. In Steel 1172 heat treatment caused an increment of 128
MPa in yield strength and as compared to 125 MPa in Steel 1177.
For steels with bainitic ferrite (Steels 1178–1179, Figure 162 h and i) and
mixture of bainitic ferrite and granular bainitic ferrite (Steel 1175, Figure 162 e)
the shape of the ageing curves were similar as the ageing curves reported for
martensite for and conventional bainite [41,362]. At the first stages, hardness
decreases the followed by an increase that continues to peak hardness beyond
which, the hardness starts to decrease due to overaging. In martensitic structure,
decrease of hardness at early stages of tempering is associated with cementite
precipitation at the expense of C in solid solution. It was discussed in section that
part of hardening of bainitic ferrite may derive from C in solid solution and the
decrease in hardness can be partly due to relieving of the C supersaturation in
bainitic ferrite. On the other hand, the decrease in hardness can be due to reduction
in dislocation density, which is not compensated by precipitation hardening, due to
slow precipitation kinetics. With increasing time, the hardness starts to increase
due to precipitation. In martensitic steels, this is termed as secondary hardening.
As a summary, the hardening behaviour of LCB steels is related to their ferrite
morphology, heat treatment temperature and composition. In quasi-polygonal and/
or granular bainitic ferrite dominated microstructures there is no clear softening at
the early stages of heat treatment process and hardness constantly increases to the
peak hardness, beyond which, the hardness starts to decreases due to overaging.
Hardening behaviour is similar to that reported for the ferritic steels, with the
exception to the fact that absolute hardening is related to tempering temperature.
The bainitic ferrite dominated microstructures exhibited a slight decrease in
hardness, as compared to the hardnes of the as-rolled specimen in the early stages
of heat treatment. With increasing time, the hardnesses starts to increase and
exceeds the hardness of as-rolled condition. Hardness values increase until the
peak hardness is reached, beyond which hardness decreases due to overaging
phenomena. The shapes of ageing curves resembles closely shapes of ageing
curves reported for martensitic steels and conventional bainitic steels with Mo, Cr,
Nb and/or V alloying [41,362].
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9.11 Coarse grained HAZ properties
9.11.1 Hardness of CGHAZ
Influence of C on the maximum hardness of CGHAZ was pronounced. An
increase of C from its lower limit (0.011 wt-%) to upper limit (0.047 wt-%) was
found to increase hardness by about 40 HV10. Also, significant contributions to
the maximum hardness of CGHAZ is expected from Mn, Mo, Cr and B, whereas
effects of Ni and Nb are not so pronounced, Equation103.
Conventionally, the main reasons for limiting the hardness of HAZ, the is
believe that high hardness of HAZ is an indication of martensite formation.
Martensite formation is generally associated with poor impact toughness
properties of HAZ [262]. Although the martensite formation in LCB is usually
very limited, the high hardness can still be considered as a factor (but not as an
imperative prerequisite) that contributes to poor toughness of CGHAZ, because
the changes in hardness indicate the changes in microstructure.
A second reason for limiting the HAZ hardness is to avoid cold cracking,
which is associated with hydrogen present in the microstructure, high level of weld
residual tensile stress and susceptible microstructure (i.e. hard martensite with
hardness above 300 HV). When eliminating one of these factors, tendency of
CGHAZ to cold cracking is significantly reduced or even completely eliminated
[265]. As the maximum hardness of studied steels was always below 300 HV, it
can be concluded that there is no great tendency for cold cracking in LCB steels.
9.11.2 Toughness of HAZ
Toughness properties of CGHAZ were mainly dictated by B, Mo, Mn Ni and Nb
(section While interesting, C did not have any substantial effect on the DBTT of
CGHAZ (Equation 105). B was extremely harmful for CGHAZ toughness (DBTT,
T27J and CTOD). For instance, a deliberate addition of B between 11–20 ppm
would lead to an increase in DBTT by 53°C and a decrease in CTOD by 0.17 mm
at 23°C. It is interesting to note that effect of B in increasing the DBTT is very
close to that in as-rolled plate, where B alloying was expected to increase DBTT
by 54°C. The detrimental effect of Mo is pronounced too. An increase in Mo
content from 0.1 wt-% to 0.6 wt-% would expectably lead to an increase in DBTT
by 22°C and an decrease in CTOD by 0.12 mm at 23°C. Nb is harmful for CGHAZ
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toughness too. For instance, an increase in Nb content from 0.04 wt-% to 0.10
wt-% would lead to an increase in DBTT by 18 °C.
C is generally found to decrease toughness of HAZ [52,53,272], which seems
to contradict with the present results. However, the clear deterioration effect of C
on toughness of HAZ is reported especially at higher C contents above 0.05–0.07
wt-% [262, 272]. In addition, bearing in mind the studied range of 0.011–0.05
wt-% C, the results may not be so surprising. For instance, Figure 56 shows that
CTOD values of X70 linepipe steel are at low level, when C content is above 0.07
wt-%. However, when C content was below ~0.05 wt-%, its effect was not so
obvious. For a given C content (when C is below ~0.05 wt-%) , CTOD values
exhibited both low and high values. From this analysis, it can be concluded that at
low concentrations, C may not be a dominant factor controlling at least CTOD
values.
In low carbon steels, B has been reported to reduce the of fraction MA
microconstituents, and favour the formation of intragranular nucleated ferrite
morphologies [279]. On the other hand, in CCT diagrams and laboratory hot rolled
plates, B alloying was found to suppress polygonal and quasi-polygonal ferrite
formation and promote granular bainitic ferrite/bainitic ferrite formation, the
effective grain size of which is almost directly related to the austenite grain size. It
could be expected that B influences in a way similar to the base material and as the
peak temperature is high (>1300°C) during the thermal cycle of CGHAZ, austenite
grain size becomes quite coarse in CGHAZ, which negatively influences of
toughness properties of HAZ.
Akselsen et al. [363] studied the HAZ hardenability of two low carbon
microalloyed steels containing different boron levels (11 and 26 ppm B). At the
highest B level (26 ppm B), the hardenability of the grain-refined region was
approaching that of the grain coarsened one, which resulted in an approximately
uniform microstructure within the transformed parts of the HAZ. However, there
are indications that additions of B to conventional low carbon microalloyed steels
should be restricted to approximately 10–15 ppm due to the risk of embrittlement
in the grain coarsened region at higher B concentrations.
Nb has been reported to deteriorate HAZ not only due to precipitation
hardening [364, 365] but also due to promoting coarse upper bainitic structures
and harmful pinning effect of TiN on grain boundaries [99]. However, low carbon
content allows the utilization of higher Nb contents without significant
degradation of HAZ toughness [102,366], which is a fact that is not fully
appreciated. For instance, Han et al. [275] stated that when C content of steels was
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kept low (0.03–0.04 wt-%), the Nb concentration up to 0.04 wt-% could be applied
without any detrimental effects on HAZ toughness, even during welding at high
heat inputs. In addition, Nb alloying is often used to prevent and retard softening
of HAZ [367] and during post-welding heat treatment [368].
Mo is known to promote low temperature transformation products (granular
bainitic ferrite and bainitic ferrite) since it suppresses grain boundary ferrite (i.e.
quasi-polygonal ferrite) [369]. Mo is also a carbide former that also increases the
hardenability of austenite [370]. In high strength linepipe steels large additions of
Mo (0.6–0.8 wt-%) are known to cause cold cracking and decrease HAZ toughness
as well as weld metal toughness [52,53]. Therefore, the upper limit for Mo content
in these steels is suggested to be 0.4 wt-% at maximum [53].
From alloy design point of view, CGHAZ toughness does not seem to set any
limits in designing 500 MPa grade steel. This is because 500 MPa grade can be
easily reached without B alloying. Also Nb content can be kept at low level. Nb
contents above 0.04–0.05 wt-% does not cause any significant improvement in
mechanical properties of base material in as-rolled condition. Also
quasi-polygonal ferrite/granular bainite microstructures can be reached in steels
with low levels of Mo (0.1–0.2 wt-%) and even in some cases, a 500MPa grade
steel without addition of Mo can be considered as well.
The alloying concept for a 700 MPa grade is more complex. This is because,
700 MPa yield strength is rather difficult to obtain without B-alloying, while
keeping the level of other alloying elements at reasonable levels (from industrial
application point of view) and without changing the cooling rate significantly.
When alloying with B is employed, it requires at least simultaneous Nb and/or Mo
alloying in order to maintain effectiveness of B, by preventing the formation of
Fe23(C,B)6 [43]. Although Nb is maintained at low concentrations, alloying with
Mo may be required too. Then there exists a risk for significant deterioration of
CGHAZ.
9.12 Discussion on the structure-property relationships of selected
bainitic microstructures
9.12.1 Factors controlling the strength of bainitic microstructure
In this chapter the strengthening mechanism of LCB steels that are dominated by
different ferrite morphologies (i.e. quasi-polygonal ferrite, granular bainitic ferrite
and bainitic ferrite) are discussed and attempts are made to quantify the individual
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contributing factors. It should be emphasized that the microstructures presented in
this thesis are produced via continuous cooling rather than isothermal holding at
various temperatures. Therefore, a variety of different ferrite morphologies are
observed as pointed out in Section 8.3.7, which makes structure-property analysis
quite complicated.
In the present chapter, an attempt is made to account for the individual factors
contributing to the strengthening and discuss the validity of existing models for
different strengthening mechanisms. The strengthening mechanisms in LCB steel
are:
–

Solid solution strengthening

–

Grain size strengthening

–

Dislocation strengthening

–

Precipitation strengthening

Steel 1142 in as-rolled and heat-treated condition
The microstructure of Steel 1142 consisted of a mixture of quasi-polygonal and
granular bainitic ferrite morphologies and is rather similar to as-rolled
microstructures seen in Steels 1171 and 1172, the strengthening mechanisms of
which were estimated in section 9.4.4. Similar approach was also adopted for steel
1142. The estimated contributions of different strengthening mechanisms in
as-rolled and heat-treated Steel 1142 are presented in Figure 190.

Fig.

190.

The

contribution

of

different

strengthening

mechanisms

for

total

strengthening in as-rolled Steel 1142. The grain size strengthening is calculated by
using grains defined by 15° and 8° misorientation angles.
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The base strength of iron is taken as 88 MPa [114] and the solid solution
strengthening by Si, Mn, Ni Cu and Mo is calculated to be 117MPa according to
the empirical relationships between solid solution strengthening and their weight
fractions presented in section 5.1.2. These strengthening mechanisms were
assumed to be constant independent of whether steel was in as-rolled or
heat-treated condition. The dislocation density of as-rolled plate was estimated by
using Equations 23 and 24. The method was similar to that described in section
9.4.4. The calculated dislocation strengthening by using the aforementioned
approach is 127 MPa.
The grain size strengthening was based on the Equation 17 and the ky was
taken as 15.1 MPa/mm1/2 according to Zajac et al. [111]. As discussed previously,
the grain size contribution can be calculated using two misorientation angles; 15°
or 8°. Misorientation angle of 15° is conventionally presenting the contribution of
grain size and the misorientation angle of 8° is suggested to define grain size
strengthening in low C bainitic in Reference [111]. The contribution of grain size
to total strengthening is 209 MPa and 265 MPa determined by 15 and 8°
misorientation angles, respectively. A simple calculation of difference between
these two “grain sizes” give approximately 60 MPa contribution of low angle
boundaries between 8–15°.
The sum of aforementioned strengthening mechanism gives the yield strength
of 541 MPa and as the measured yield strength was 544 MPa, it indicates only
minor contribution (3 MPa) of precipitation to total strengthening. Further, if grain
size is determined by a misorientation angle of 8°, the sum of grain size, solid
solution and dislocation density gives already 595 MPa as total strengthening,
suggesting no contribution of precipitation to total strengthening.
However, as shown in Figure 121, a fine distribution of precipitates was
occasionally observed in TEM, which raises the queastion on their contribution to
strengthening. First important thing is the size of the observed precipitates. As
shown in Figure 121, the average particle size was only 3.0 nm and their
distribution was very narrow, so that 90% of the particles were smaller than 4.0
nm. Further, it should be born in mind that during ageing at 600°C for 1–2 h, the
hardness always increased for as-rolled plates cooled at 20°C/s to room
temperature. This indicates the precipitation behaviour that is schematically
illustrated in Figure 19, which suggests that precipitation behaviour obeys the
nature of cuttable or shearable particles until the peak hardness is reached. It is
also possible to calculate the transition diameter Dtt of shearable to non-shearable
particles by the following equation [112]:

407

Dtt=30Gb/Gpp
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where G = shear modulus of iron (82 GPa), b is the Burgers vector (0.25 nm) and
Gppt = shear modulus of NbC precipitate (135 GPa). Adding the aforementioned
values into Equation 114, leads this to a Dtt of 4.5 nm. This is in good agreement
with the findings of Gladman [120], who stated that transition from particle
deformation to Orowan looping in microalloy carbonitrides occurs at a very small
size of about 5 nm. These results indicate that carbides are shearable and their
contribution to strengthening cannot be predicted, for instance, by Ashby-Orowan
relationship, but Equation 10 should be valid. The problem in using Equation 10,
is the true assessment of volume fraction of precipitates, especially when size of
precipitates are determined as using the thin foil. The evaluation of volume
fraction of precipitate gave f=0.001 (estimating the thin foil thickness as 100 nm).
Equation10 with an average particle size of 3.0 nm and the volume fraction of
0.001 (mismifit strain was taken as 0.012), gives a shear strenght increment of 26
MPa, which is transformed to yield strength increment by using Von Mises criterion [112]:

τ=0.577σ
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that leads to the yield strength increment of 45 MPa. This is higher than the
calculated strength increment in Figure 190. However, this implies that
precipitation strengthening due to fine particle is of the order of 10–45 MPa. The
results are consistent with the results and discussion presented in section for Steel
1171 and Steel 1172 having essentially similar microstructures and compositions
as those of Steel 1142. It was concluded that precipitation strengthening in
as-rolled Steels 1171 and 1172 cannot be completely ruled out, but its contribution
to total strengthening is minimal in comparison to other strengthening
mechanisms.
In heat-treated condition, the solid solution and grain size strengthening
contribution are at same level as in as-rolled condition, since grain size was not
found to change after the heat treatment and major solid solution strengtheners
(Mn, Si Ni and Mo) are expected to remain in solution after heat treatment.
However, the dislocation strengthening is slightly reduced due to tempering effect
and is expected to assume the dislocation density level of steel transformed
isothermally at 600°C, as calculated by Equations 23 and 24.
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Fig. 191. Strengthening contributions of solid solution, grain size, dislocation density
and precipitation strengthening on the total strengthening in heat-treated Steel 1142.
The grain size contribution was calculated by using grain sizes determined by both the
misorientation angles of 15° and 8 °.

After heat treatment the yield strength is significantly increased. This is due to
intense precipitation of fine particles with the average size of 3.5 nm. These are
presumably NbC. According to Discussion, all Nb in solid solution can be
expected to be precipitated just before the peak hardness is reached i.e., after 1h
holding at 600°C. The measured strength increment is 133 MPa, but total
contribution of strengthening from precipitates can be expected to be higher due to
a decrease in dislocation strengthening because of recovery at 600°C. If it is
assumed that practically all Nb in solid solution is precipitated after 1 h holding at
600°C and the volume fraction of precipitates can be calculated according to
Equation 112. This equation suggests that the maximum volume fraction of NbC is
0.0061. If the precipitation is assumed to obey the Orowan looping, the strength
increment can be calculated according to Equation 113. If it is further assumed that
approximately 80% of Nb is in solid solution and hence available for the
precipitation. Equation 113 gives (when f=0.0048 and particle size of 3.5nm) a
yield strength increment of 117 MPa. This is about 40 MPa higher than the
calculated precipitation strengthening presented in Figure 191, but fits well with
the observed increment in yield strength following the heat treatment (133 MPa).
In summary, the main contributions to strengthening in as-rolled condition in
Steel 1142 come from grain size and dislocation strengthening. A significant
contribution is also from solid solution strengening, whereas precipitation
strengthening appears to play only a minor role. In heat-treated condition,
contributions from solid solution and grain size strengthening are at same level,
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but dislocation density is slightly reduced due to the tempering effect. However,
this decrease is efficiently compensated by the precipitation strengthening that
gives almost 100–160 MPa increment in yield strength.
Steel 1147 in as-rolled condition
Steel 1147 in as-rolled condition was characterized by a very peculiar
microstructure, as seen in section 8.4.10. The lack of high angle boundaries that
were mainly determined by the prior austenite grain boundaries and relatively fine
and uniform distribution of low angle boundary substructure formed by the low
angle boundaries were typical features of this microstructure. On this basis,
microstructure can be classified as granular bainitic ferrite. Therefore, the
contribution of grain size, as defined by 15° misorientation, to total strengthening
would be smaller than that for Steel 1142 and Steel 1148, because the average
grain size was 7.8 μm, as estimated by EBSD measurements. However, a closer
look at Figure 128 suggest that there is a distinct conflict between grain size
measured by EBSD and the grain size shown by the orientation image. The grain
size in 128 seems to be clearly non-uniform. As mentioned earlier, the prior
austenite grain structure with some random high angle boundaries divides the prior
austenite grain into smaller blocks, mainly defined by the “coarse grain size”,
which varies from 10 μm to 100 μm. The fine grains, usually smaller than 10 μm,
seem to be dispersed randomly and rather sparsely inside the larger grains.
Therefore, it seem that 7.8 μm is not a representative value for the grain size. This
is because the small grains that are sparsely distributed among the coarse grainsare
assumed to have a negligible influence on the grain size strengthening. These
small grains can, however, significantly skew the average grain size. Therefore,
the average grain size was measured by the mean linear intercept, which gave an
average grain size of 20 μm. This, in turn, leads to a strength increment of only
107 MPa by the high angle boundaries, as calculated by the Hall-Petch relation.
When solid solution strengthening and dislocation strengthening are also
taken account, the sum of aforementioned strengthening mechanisms is 404 MPa,
which is, however, clearly below the measured yield strength. This result indicates
a remarkable contribution of precipitates to strengthening by nearly 200 MPa. On
the other hand, as discussed in the previous sections, the precipitation
strengthening due to fine precipitates that are formed during phase transformation
is possible, but magnitude of their contributions is between 10–50 MPa. From this
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point of view, the calculated magnitude of precipitation strengthening is
overestimated.
As shown in the section Steel 1147 had a pronounced and well-developed substructure inside the prior austenite boundaries. It has been reported by Mangonon
et al. [372] and Gladman et al. [107] that sub-grains can significantly contribute to
strengthening. Therefore, strengthening contribution caused by the subgrain
boundaries must be taken into account. According to Mangonon et al. [372], the
influence of subgrain boundaries to strengthening can be accounted by:

Δσ sg = k0 + k1d −1/ 2 ,

(116)

where k0 and k1 are constants (-125 MPa and 13.6 Nmm3/2) and d is the average
diameter of a sub-grains. The sub-grains size, measured by the mean linear intercept method, is 2 μm, which according to Equation 116, yields to a strength increment of 212 MPa caused by the sub-grain boundaries. Hence, the estimated contribution of different strengthening mechanisms in as-rolled steels can be represented
according to Figure 192.

Fig. 192. The estimated contributions to the strength of Steel 1147. PPT = precipitation,
SS = solid solution, GB = strengthening due to high angle boundaries, SBG =
strengthening due to subgrain or low angle boundaries.

As can be realized from Figure 192, the major strengthening contribution comes
from grain size that causes almost 50% of the total strengthening. Significantly,
almost 2/3 of the grain strengthening is due to subgrain strengthening, which has a
pronounced influence on the strength-toughness balance of Steel 1147. The reason
why Steel 1147 does not exhibit significant fractions of high angle boundaries,
although other 500–600 MPa grade LCB steels, such as Steel 1142, 1171 and
1772, do exhibit a clear high angle boundary structure (they also have a clear low
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angle boundary substructure) can be understood due to effect of alloying with B.
As B efficiently suppresses the formation of diffusional transformation products,
such as quasi-polygonal ferrite, the transformation products are essentially
granular bainitic ferrite (and bainitic ferrite if phase transformation is suppressed
low enough), which are thought to form via the displacive transformation. Since
granular bainitic ferrite transforms without quasi-polygonal ferrite formation and
austenite grain structure is rather coarse, it forms without any high angle
boundaries caused by transformation itself. A similar phenomenon was also
observed in Steels 1176 and 1177 (see sections where quasi-polygonal
transformation was significantly suppressed by 0.6 wt-% Mo alloying and in Steel
1175, (see section where B alloying practically completely suppressed the
quasi-polygonal ferrite formation. In these steels, granular bainitic ferrite was
characterized by low angle boundary structure.
Precipitation strengthening is once again estimated to play minor role in
as-rolled condition. This is presumably due to insufficient precipitation kinetics
due to fast cooling rates over the phase transformation temperature ranges and
rather at low phase transformation temperatures.
Steel 1148 in as-rolled condition
Similar approach as in Steel 1142 was applied to evaluate the strengthening
mechanism in Steel 1148. The microstructures of theses steels did not essentially
differ from each other. Microstructures in both steels were dominated by the
quasi-polygonal ferrite and granular bainitic ferrite. Some signs of bainitic ferrite
can be also found in both steels, but its fraction ferrite is somewhat higher in Steel
1148.
The strengthening contributions of different mechanisms in as-rolled
condition are given in Figure 193. The main contribution to total strengthening is
via grain size (~220 and 280 MPa) depending on whether the grains size is
determined by 15° or 8° misorientation angles strengthening from dislocations
(~130 MPa) and solid solution strengthening (~110 MPa). The sum of
aforementioned strengthening mechanisms gave a total strength of 550–605 MPa.
This suggests that role of precipitates to total strengthening is quite small in
as-rolled condition. If the grain size is determined by 15° misorientation angle, the
estimated precipitation strengthening is approximately 40 MPa, which falls in the
same category as the estimated for precipitation strengthening (10–50 MPa) in
other quasi-polygonal ferrite and granular bainitic ferrite microstructures.
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The yield strength of Steel 1148 in as-rolled condition is 54 MPa higher than
in Steel 1142, although the phase transformation, according to CCT diagrams,
takes place roughly at the same temperature. Further, the contribution of solid
solution to total strengthening in Steel 1148 is slightly smaller, owing mainly to its
lower Mn content (1.33 wt-%). The higher strength could be due to greater
contribution of precipitation to total strengthening. This can be attributed to higher
Nb content in Steel 1148 (0.112 wt-%), which is more than two times than that in
Steel 1142 (0.054 wt-%). On the other hand, higher fraction of bainitic ferrite may
explain the higher yield strength of Steel 1148.

Fig. 193. Contribution of individual strengthening mechanisms in Steel 1148 in
as-rolled condition.

After the heat treatment, yield strength of Steel 1148 increases significantly
(almost 220 MPa), which is not surprising, as the steel contains 0.112 wt-% Nb,
besides 0.6 wt-% Mo, both of them being strong carbide formers. On the other
hand, the total contribution of precipitates may be larger than the observed
increment in yield strength, as the dislocation density is thought to decrease during
tempering. The estimated precipitation strengthening is approximately 280 MPa,
as shown in Figure 193, when the contribution of grain size is estimated by using
8° misorientation angle. Consequently, if grain size is calculated by using 15°
misorientation angle, the estimated precipitation strengthening is approximately
220 MPa.
If this estimated strength increment due to precipitation is compared to the
strength increment suggested by Equation113 by assuming the average precipitate
size as 4 nm and total volume fraction of fine NbC precipitates 0.1 wt-% (if 80%
of total Nb is in solid solution after rolling), the total strengthening is 170 MPa.
This is below the estimated strengthening. This suggests that other alloying
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elements contribute to precipitation strengthening. Indeed, it has been suggested
that fine mixed (Nb,Mo)C can form in low-C 0.06Nb-0.6Mo steels [64].

Fig. 194. Contribution of individual strengthening mechanisms in Steel 1148 in
heat-treated condition.

Steel 1183 in as-rolled and heat-treated condition
The microstructure of Steel 1183 consisted mainly of bainitic ferrite and clearly
differed from those observed in Steels 1142, 1147 and 1148, which were mainly
composed of quasi-polygonal ferrite and granular bainitic ferrite. The ferrite
morphology in bainitic ferrite is lath-like, unlike quasi-polygonal ferrite and
granular bainitic ferrite, where the ferrite morphology is more irregular or
polygonal. It was also discussed in section 9.3.2 that bainitic ferrite exhibits
conventional bainite type of transformation and resembles closely upper bainite.
Therefore, bainitic ferrite should obey models developed for the conventional
bainite.
An important question in the present case is how to define the grain that
contributes to strengthening. According to Zajac et al. [111] for upper bainitic
structures (considered to be very similar structure with bainitic ferrite) the grain
size that justified the observed strengthening in their study was estimated from
boundaries with misorientations angles of about 8° and above, suggesting a
significant input from the low angle boundaries too. If the grain size (2.2 μm)
strengthening is calculated by using 8° misorientation angle, this leads to a
strength increment of 338 MPa. As the contribution from solid solution
strengthening is 132 MPa and the dislocation strengthening, based on phase
transformation temperatures, is evaluated to be 206 MPa, the total strengthening of
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above mentioned mechanisms is 761 MPa and 55 MPa for the precipitation
strengthening. On the other hand, as pointed out in section 8.4.19 fine precipitates
sized below 10–20 nm were not detected in TEM. This observation raises
questions about the whole precipitation strengthening in this LCB Steels.
However, this does not completely exclude the existence of fine precipitates.
This can be mainly due to the fact that a strong contrast from high dislocation density in the lath bainitic ferrite matrix overshadows a weak contrast from ultra-fine
particles. This specimen was also investigated at Chalmers University of Technology. When the specimen was heated at 600°C, the larger particles could be separated from dislocations. This does not necessarily mean that the fine dispersion of
carbides does not exist in the as rolled-material.
In the heat-treated material, dislocation strengthening is assumed to decrease
by approximately 100 MPa, but this loss in strength is compensated by the intense
precipitation of fine precipitates. Grain size strengthening and solid solution
strengthening are assumed to remain at the same level as in as-rolled material.
Hence, the estimated strengthening due to precipitation is then about 289 MPa,
which is almost two times higher than the observed increment in yield strength
after heat treatment (138 MPa). Steel 1183 contains 0.06 wt-% Nb and 0.4 wt-%
Mo. If it is assumed that 80% of Nb is in solid solution and available for
precipitation at 600°C, the calculated increment in yield strength according to
Equation 113 is (when the average precipitation size is 4.0 nm as shown in section
8.5.8) approximately 117MPa, that is close to the observed increment in yield
strength, but well below the estimated increase. This discrepancy can be explained
by as follows: dislocation density and thereby dislocation strengthening is not so
greatly reduced than assumed and/or precipitated carbides are not all NbC, but
complex carbides, perhaps (Mo,Nb)C can form [178].
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Fig. 195. Effects of different strengthening mechanisms on the total strengthening of
as-rolled and heat-treated Steel 1183. The grain size contribution was calculated by
using a misorientation angle of 8° as the critical angle that determines the grain.

Strength-structure model for lath like bainite (Equation26) developed by Gladman
et al. [107] assumed that the lath-size controls the strength of bainite. They also
assumed contribution of dispersion strengthening (in Ashby-Orowan manner) and
dislocation forests on the total strengthening in conjunction with solid solution
strengthening by Si, Mn and N.
The determination of lath size also remains an issue, since reference [107]
itself does not give any further explanation of lath-size. Conventionally, the
average transverse lath-width is considered as the lath-size. Here lath-widths were
measured on both FEG-SEM images and EBSD maps transverse to the packet
direction. Lath-size was found to vary in the range of 0.4–0.9 μm depending on the
location, the average lath-width being 0.7μm. If precipitation strengthening is
negligible and the contribution of free N on the total strengthening is nil, as the
steel contains an excess of strong nitride formers, such as Ti and Nb, the different
strengthening mechanisms can be estimated according to Equation 26. Results are
shown in Figure 196.
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Fig. 196. The individual strengthening mechanisms in Steel 1183 calculated according
to approach Gladman et al. [107].

The main contribution to total strengthening is through laths size that gives
approximately 68% of the total strengthening (i.e. 550 MPa). Solid solution
strengthening including the strength of iron gives approximately 26% of total
strengthening (220 MPa) and if precipitation strengthening is assumed to be
practically zero, then the contribution of dislocation forests is approximately 45
MPa, i.e., approximately 5% of the total strengthening. After all, the strengthening
mechanisms represented in Figure 196 are not conflicting with the strengthening
mechanisms shown in Figure 195, which indicates that the sum of grain size
strengthening (that includes contribution from grains or laths with misorientations
higher than 8°) and dislocation density, which is assumed to represent dislocation
walls or forests, is approximately 550 MPa, whereas the sum of lath size and
dislocation forest in Figure 196 is 590–595 MPa. What is common for both the
approaches is that they both acknowledge the significant strengthening achieved
from grains or laths with low angle boundaries defined by low angle boundaries. It
may be insignificant (and may be practically impossible) from strengthening and
also from toughening point of view, to try to distinguish between strengthening
derived from low angle boundaries and that from free dislocations inside the
grains.
The approach of Gladman et al. [107] can also be used for the estimation of
strengthening mechanisms in heat-treated steels. As lath-size and especially
lath-width is not changed during the heat treatment and no pronounced changes in
solid solution strengthening are expected, these strengthening contributions are
assumed to be at the same level as in as-rolled condition. The complexity, once
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again, is the estimation of the change in dislocation density during heat treatment.
However, the error in deriving this estimation is not very large, since the approach
gives a small (approximately a 45 MPa) contribution from the dislocation forests.
Here, it is assumed that 50% of dislocation forest is annihilated during the
tempering process. This assumption allows the estimation of the degree of
contribution from precipitation strengthening to the total strengthening of
heat-treated steel. The results are represented in Figure 197.

Fig. 197. The effect of individual strengthening mechanisms on the total strengthening
in heat-treated Steel 1183.

The role of precipitation strengthening in total strengthening is then approximately
157 MPa, i.e. 17% of total strength. This calculated strengthening from
precipitates is still higher lower than in dislocation strengthening calculated
according to Ashby-Orowan equation (i.e. 117 MPa), but is in plausible agreement
with the observed increment yield strength after heat treatment (138 MPa).
Steel 1184 in as-rolled and heat-treated condition
A similar approach to extract the contribution of different strengthening
mechanisms, as done for Steel 1183 was applied to Steel 1184. This is well
justified, because of the similarity of the microstructures. The main strengthening
mechanisms in as-rolled and heat-treated conditions are represented in Figure 198.
Once again, the strengthening due to grain boundaries is the major strengthening
mechanism and the degree of strengthening is at the same level than as in Steel
1183. In addition, precipitation strengthening was estimated to play a minor role, if
any, to total strengthening. The lower yield strength of Steel 1184, as compared to
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Steel 1183, is due to its slightly higher phase transformation temperature, thus
decreasing the dislocation strengthening, and also lower contents of Ni and Mo,
giving smaller contribution to solid solution strengthening.
In heat-treated steels, precipitation was considered to be the main reason for
strengthening after the heat-treatment. The degree of precipitation was estimated
to be approximately 230 MPa, which is clearly below the observed increment in
yield strength (101 MPa). Ashy Orowan-equation (Equation 113) suggests the
contribution of precipitation to strengthening to be about 147 MPa (assuming the 4
nm average grain size and volume fraction of precipitates as 0.084%, i.e. 80% of
total Nb is precipitated as fine particles.) This is a larger increment than the
observed increment in yield strength but smaller than the estimated ones.

Fig. 198. Effects of different strengthening mechanisms on the total strengthening of
as-rolled and heat-treated Steel 1184. The grain size contribution to strengthening was
calculated by using a misorientation angle of 8° as the critical angle that determines
the grain.

Also, the approach of Gladman et al. [107], as represented above for Steel 1183,
was applied for Steel 1184 to evaluate the individual strengthening mechanisms.
The lath- size varied from 0.5 μm to 1.0 μm with an average thickness of 0.8 μm.
The precipitation strengthening was assumed to have a negligible role similar to
that in Steel 1183. In addition, strengthening due free N is practically negligible for
the same reasons as mentioned for Steel 1183. The results are shown in Figure 199.
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Fig. 199. The individual strengthening mechanisms in as-rolled Steel 1184 calculated
according to the approach of Gladman et al. [107].

Once again the main contribution to strengthening is via lath size (532 MPa), i.e.,
approximately 69 % of total strengthening. Solid solution strengthening gives
approximately 14% (11 MPa) of total strengthening, whereas the dislocation
forests have only a minor role. No contribution of precipitates is assumed due to
low transformation temperature and high cooling rate. Further, it should be stated
that in Steel 1183 with a microstructure similar to that in Steel 1184, no
precipitates in as-rolled condition were observed in TEM study.
The present approach (Gladman et al. approach) is fundamentally not
conflicting with the approach represented in Figure 198, since both approaches
acknowledge that the main contribution to strengthening comes from lath or grain
size and dislocation strengthening, which, in turn, (for a given austenite condition)
are mainly dictated by the phase transformation temperature. The difference
between these approaches is that the former predicts a higher contribution from
“free “dislocation forests or tangles and a smaller contribution from grain size (as
determined using 8° misorientation angle), whereas in the latter approach, main
strengthening is due to fine lath-size and strengthening due to dislocation forest
has only a small role.
The approach of Gladman et al. [107] was again utilized for Steel 1184 to
estimate the strengthening mechanisms in heat-treated condition, similarly as done
for Steel 1183. Same kind of microstructural findings were made (i.e. no change
in lath structure during the heat-treatement) and similar assumption (i.e. no change
in solute content and 50% reduction in dislocation forest strengthening) were
made. The results are given in Figure 200.
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Fig. 200. The effects of individual strengthening mechanisms on the total
strengthening in the heat-treated Steel 1183.

The role of precipitation strengthening is now estimated to be 123 MPa that falls in
the range observed for increment in yield strength after heat treatment (101 MPa)
and the calculated precipitation strengthening according to Ashby-Orowan
equation (147 MPa).
9.12.2 Other aspects of strengthening
It is emphasized that the individual strengthening mechanisms presented in the
above chapters are based on the existing strengthening models, whose parameters
are based on EBSD, TEM and dilatometric measurements. These strengthening
models are very rough approximation and are expected to cause relatively high
level of uncertainty.
It is well known that the strength of bainitic steels increases as the phase
transformation temperature decreases. This is true in the present case, too. Figure
182 183 show the yield and tensile strengths of the as-rolled plates as a function of
Ar3 at corresponding cooling rates as determined in the Gleeble experiments.
Similar plots would be obtained for Rp0.2 and Rm vs. (Ar3+Ar1)/2 for example.
This trend is not surprising, since lath (or grain size) of bainite decreases and
dislocation density increases as the transformation temperature decreases. As the
precipitation strengthening in as-rolled condition plays only a minor role and
variation in solid solution strengthening due to different solute contents (mainly
from variations in Mn, Mo an Ni contents) is within few tens of MPa, a strong
relationship between phase transformation temperature (650–400°C) and strength
can be found.
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9.13 Summary of the strengthening mechanisms in LCB steels
9.13.1 Grain size and dislocation strengthening
The main strengthening mechanisms in LCB steels in as-rolled condition are via
“grain size” and dislocation strengthening. However, it is important to notice that
the concepts of grain size and dislocation strengthening in the present cases are not
completely straightforward, since LCB steels are characterized by grains that have
different grain boundary misorientations (low and high angle boundaries) and the
morphology of grains changes form irregular to lath-like as the phase
transformation temperatures are reduced. Further, TEM micrographs in Figure
120 and141 have shown that there exist dislocation tangles or forests inside the
ferritic parts of these ferrite morphologies. The grain size strengthening and
dislocation strengthening are also more or les coupled with each other. From
strengthening point of view, it may not be necessary to make a distinction between
dislocation strengthening and strengthening due to low angle sub-grain
boundaries.
For the quasi-polygonal ferrite dominated microstructures, a plausible
explanation of the strengthening may be reached by assuming the grains to be
determined by high angle boundaries (>15°) in EBSD technique. The low angle
subgrain boundary strengthening can be taken into account through dislocation
strengthening. It is reasonable to assume that quasi-polygonal ferrite comprises of
high angle boundaries, as the low angle boundaries are not always well-developed
as mentioned in section 8.3.17. Further, the granular bainitic ferrite part of
microstructure, often associated with the quasi-polygonal ferrite transformation, is
characterized by fine high angle boundary structure.
Fully granular bainitic structure containing a small fraction of high angle
boundaries in comparison to the high fraction of low angle grain boundaries that
form rather well-developed subgrain boundary network, the grain boundary
strengthening can be understood due to low angle subgrain boundaries. The
subgrain boundary structure can be taken into account for a similar method, as the
subgrain boundary strengthening in cold deformed ferritic steels, for instance
[372].
Bainitic ferrite microstructures were characterized as lath-like ferrite in
contrast to quasi-polygonal and granular bainitic ferrite dominated steels, which
exhibited irregular-type ferrite. It was concluded that the bainitic ferrite might
exhibit real bainitic type of transformation. A plausible estimation of grain size
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strengthening can be obtained assuming the lath-size thickness to control the
strength according to the approach suggested by Gladman et al. [107]. Another
approach to take into account the strengthening due to grain size, is to use EBSD
measurements for grain size determined by a misorientation angle of 8°, as
suggested by Zajac et al. [41]. The dislocation strengthening is taken account by
the Equations 23–24. Both approaches acknowledge that lath or grain size together
contribute 500–600 MPa to the total strength in as-rolled condition with bainitic
ferrite dominated microstructures. Further, a significant contribution from low
angle subgrain boundaries is expected. The difference between these two
approaches is that the approach of Zajac et al [41] predict higher contributions
from dislocations and smaller contribution from grain size in comparison of the
approach of Gladman et al. [107], where the main strengthening is via lath-size
and the strengthening due to dislocations is relatively small.
The degrees of grain size strengthening and dislocation strengthening can
vary from 330 MPa (quasi-polygonal ferrite dominated microstructures) to as high
as 600 MPa (bainitic ferrite dominated microstructures) and these can contribute
more than 60% of the total strengthening in as-rolled condition. The grain size
(high angle boundaries and low angle boundaries) does not essentially change due
to heat treatment at 600°C, so the strengthening effect of grain boundaries is same
both in the as-rolled and heat-treated conditions. The dislocation densities are
assumed to decrease during heat treatment, but still the grain size and dislocation
strengthening are the main strengthening mechanisms in addition to precipitation
strengthening.
9.13.2 Solid solution strengthening
The strengthening due to solid solution is expected because of the presence of Si,
Mn, Al Mo, and Ni. As the bainitic steel contains Mn between 1.3–2.0 wt-%, Mn
is considered as the most significant solid solution strengthener in LCB steels.
Further, Si can increase strength pronouncedly, whereas strengthening due Al, Mo
and Ni are relatively small. Cu can also contribute to solid solution strengthening
by 20–30 MPa at a rather low concentration of 0.2–0.4 wt-%.
In heat-treated condition no substantial change in solute content and therefore
in solid solution strengthening is assumed to occur, since main the prime solution
strengthening elements (Mn, Ni and Si) do not have tendency to precipitate as
carbides or nitrides in ferrite. Mo can partially precipitate as carbide in ferrite, but
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as the solid solution strengthening from is quite small (just 11 MPa/wt-%), any
estimation error from this is insignificant.
9.13.3 Precipitation strengthening
From the analysis presented above, it can be concluded that the role of microalloy
precipitation strengthening in as-rolled LCB steels is negligible. This is attributed
to the phase transformation characteristics and precipitation kinetics of microalloy
particles. However, in quasi-polygonal and granular bainitic ferrite
microstructures, the precipitation cannot be completely ruled out, as some fine
precipitates (sized below 10 nm) were detected in TEM. However, the degree of
precipitation strengthening was estimated to be rather minor compared to other
mechanisms, only a few tens of MPa’s. In bainitic ferrite dominated
microstructures, no precipitates were observed inside the ferrite part in TEM. This
indicates that there exist no contribution from the precipitates to total
strengthening in as-rolled steels with bainitic ferrite dominated microstructures.
Heat treatment at 600°C for 1h offers favourable conditions for intense
precipitation of fine precipitates. Dense distribution of fine precipitates ranging
from 2–8 nm with average precipitate size of about 3.5–4.5nm were observed on
the thin foils in TEM both in quasi-polygonal ferrite as well as bainitic ferrite
dominated microstructures. The observed yield strength increment in were
typically in the range of 100–160 MPa depending on the composition and
microstructure of steel.
9.14 Factors controlling the impact toughness properties in LCB
microstructures
The toughness of steels is often related to a high density of high angle boundaries
(i.e. grain size in ferrite and effective grain size or packet size in bainite and
martensite). This is because these high angle boundaries act as strong barriers to a
propagation of brittle facture and thereby increase the cleavage fracture strength.
In a simplified case, the transition from ductile to brittle fracture will occur, when
yield strength exceeds the cleavage fracture strength. The cleavage fracture
strength is, however, the sensitive to grains size or packet size (i.e. effective grain
size) and it increases pronouncedly with refinement of the grain size. Therefore,
grain size or packet size refinement is observed as improvement in toughness
properties [197].
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However, grain or packet size refinement is not the only microstructural factor
affecting the steels toughness properties. It is well established that the size,
fraction and morphology of secondary microconstituents, such as, carbides or MA
particles have pronounced effect on toughness. There is general agreement that
toughness properties are improved, when the size and fraction of MA
microconstituents or carbides are reduced [158].
Other strengthening mechanism such as precipitation strengthening,
dislocation strengthening and low angle subgrain boundary strengthening are
considered negative mechanisms, since they all increase yield strength, but
without hindering the brittle fracture propagation. Another factor affecting the
toughness properties is the inclusional state of steel [373].
It is evident that for high toughness LCB steel, the packet of effective grain
size must be small and secondary microconstituents are refined and their fraction
is small. Strengthening due to precipitates, dislocation and subgrain boundaries
should be utilized only, when theses are simultaneously attributed to
microstructural refinement [79].
9.15 General trends in as-rolled and heat treat steels
There seems to be a general relationship between strength and toughness as shown
in Figure 110. An increase in yield strength leads to an increase in T27J transition
temperature. This general trend can be partly understood from Figure 201, where
the “effective grain sizes” (mean and grains size finer than 90% of grains) are
plotted as functions of yield strength. The effective grain size is measured by
EBSD method and is defined by a boundaryies with misorientation above 15°. As
can be clearly seen, the effective grains size remains almost constant, while the
yield strength increasesf from 500 MPa to above 600 MPa. The only exception is
the Steel 1147, whose grain size is clearly higher. An increase in yield strength
above 700 MPa leads only to a minor decrease in grain size.
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Fig. 201. Effective grain sizes as functions of yield strength in some LCB steels.

Thus, the general trend for the decrease of T27J or BDTT with increasing yield
strength can be partly explained by the fact that “effective grain size” controlling
the brittle fracture, is not significantly reduced as the yield strength increases. The
situation is schematically presented in Figure 202 a, where influence of “effective
grain size” refinement on the ductile to brittle cleavage transition temperature is
sketched. It is a well-known fact for the ferritic-pearlitic steels that the grain size
refinement increases the yield strength (σy). The brittle fracture stress (σfr),
however, in the absence of any substantial discontinuous yielding, is also sensitive
to grain size and according to Petch, the brittle fracture stress shows a higher grain
size dependency than does the yield strength by a factor of about 4 [79]. This is the
reason why the grain size refinement increases both the strength and toughness in
ferritic-pearlitic steels.
However, in the case of LCB steels, the situation is slightly different as
sketched in Figure 202 b. Yield strength can be increased significantly by other
strengthening mechanism such as dislocations, solid solution, precipitation and
subgrain strengthening, without decreasing the effective grain size. Now yield
strength increases without any decrease in effective grain size that controls the
brittle fracture stress.
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a

b

Fig. 202. Schematic illustrations of grain refinement on DBTT. Decreasing grain size
increases the yield strength but has a more pronounced effect on the

cleavage

fracture strength, thus lowering the transition temperature (a). Situation modified to
bainitic microstructures, where it is possible to increase

yield strength (due to

sub-grains, precipitates. etc.) without improving the cleavage fracture strength (b).

It is shown that bainitic packet size (i.e. the effective grain size for brittle fracture)
is dependent on the austenite grain size, which seems to be true especially for
granular bainitic ferrite and bainitic ferrite dominated microstructures [53,111].
Therefore, it is not surprising that there exists a general trend for toughness
properties to deteriorate with increasing yield strength level, since austenite grain
size is not essentially refined as the hot rolling parameters were held constant for
all investigated LCB steels, whose yield strength ranged from 500 MPa up to 850
MPa. It is simply impossible to roll a 700 MPa grade like 500 MPa grade LCB
steel and still expect its toughness properties to be at the same level as that of 500
MPa.
Although Figure 202 b gives quite a negative expression of the
strength-toughness balance of LCB steels, it also conveys some positive
interpretation, because the situation represented can also be assumed to work in
the reverse direction too. The effective grain size can be refined without any
change in yield strength, which can then lead to a decrease in DBTT at a given
yield strength level. This situation differs from that of ferritic-pearlitic steels,
where the decrease in DBTT is attributed to an increase in yield strength. Thus, it
seems that LCB steel offers an opportunity to maximize the impact toughness of
high strength steel at a given yield strength grade just by refining the “effective
grain size”. This can be done, for instance, by refining the austenite grain size and/
or by deforming the austenite below Tnr [53]. The situation in reality, however, is
not so straightforward, because the retained deformation of austenite below the Tnr
is shown to influence the type of austenite to ferrite transformation in LCB steels.
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Increasing the retained deformation below the Tnr is shown to increase the phase
transformation temperatures, which can decrease the strength [240,241]. However,
Suikkanen et al. [3] showed that the influence of retained deformation (ε = 0.15–
1.2) below Tnr at 850°C had a negligible influence on the hardness of 700–900
MPa grade LCB steels, whereas there was a slight decrease in hardness when the
retained deformation exceeded 0.6 strain in 500–600 MPa grade LCB steels.
9.16 Quasi-polygonal ferrite dominated microstructures
Good toughness of steels (especially low DBTT) is often associated with high
density of high angle boundaries that are usually present in the microstructure and
are beneficial, because these boundaries act as obstacles for cleavage crack
propagation. Development of EBSD technique has enabled the use of the concept
of crystallographic packet as the continuous set of ferrite “grains” or “plates” with
the misorientations lower than a certain angle. In low C bainitic steel, a
crystallographic packet has been established to be the microstructural unit
controlling the toughness properties. The critical misorientation is then found to be
15° [147], which is also considered as a standard misorientation for a high angle
boundary. It is also known that toughness of ferritic steels is not associated with
average grain size or the finest grains, but the coarsest grains, which tend to
control the toughness properties [374]. A similar reasoning can also be assumed to
apply to crystallographic packet size. It was shown in Figure 126 b that the
average dcp and dcp95% are slightly refined with increasing C content and
increasing fractions of granular bainitic ferrite and bainitic ferrite. In many cases,
these coarse crystallographic packets can be associated with the elimination of
quasi-polygonal ferrite in some coarse, weakly pancaked γ grains, which tend to
transform into fully granular bainitic ferrite/bainitic ferrite structures. These
structures were characterized by a high fraction of low angle boundaries. Only a
few of the boundaries were high angle boundaries, which means that the
crystallographic packets are quite coarse. Therefore, it seems that the
quasi-polygonal ferrite dominated microstructure Steel 1144 with 0.011 wt-% C is
finer and more uniform than in its higher C counterparts (i.e. Steel 1142 and 1143
with 0.024 wt-% C and 0.042 wt-% C, respectively).
It is known that in low C bainitic steels that carbon enriched secondary
microconstituents, such as MA’s, are detrimental to impact toughness properties
[158]. Therefore, the measured reduction in upper shelf energy with increasing in
C content (Figure 92 d) can be attributed to the increase of size and fraction of
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MA’ microconstituents (i.e C-ESM’s), Figure 126. Further, the increase in DBTT
with increasing C content, as seen in Figure 92 b, can also be partly associated
with the increase of size and fraction of the microstructures in the microstructure.
It is reasonable to assume that increasing size and fraction of MA’s, as well as
the increasing size of the coarsest crystallographic packets with increasing C
content can primarily explain the deterioration of impact toughness properties.
However, these may not be the only microstructural changes affecting toughness
that is taking place in microstructures with increasing C content. In Steel 1144
with 0.011 wt-% C steel, the quasi-polygonal ferrite formation has practically
eliminated the prior austenite boundaries and MA’s seemed to be located mainly
inside the granular bainitic ferrite part of the microstructure, which, in turn, was
frequently characterized by fine grains consisting of high angle boundaries (i.e.
fine dcp). Thereby, if the cleavage microcrack is initiated in the vicinity of MA
microconstituents, its propagation is temporarily halted due to the high angle
boundaries. For a microcrack to reach the critical length, beyond which the crack
can propagate in an unstable manner, linking of neighbouring microcraks, is
required, which, in turn, may require the rotation of the short microcraks in a
shearing mode [375]. This, in turn, consumes more energy and thereby improves
toughness.
Increasing the C content decreased the fraction of quasi-polygonal ferrite and
consequently favoured the formation of granular bainitic ferrite/bainitic ferrite and
MA’s. In the areas, where quasi-polygonal ferrite formation was significantly
suppressed or even completely eliminated (and transformation occurred from
rather coarse austenite grains), the MA’s were found to be located in a featureless
matrix, as revealed in SEM micrographs. In the EBSD maps, it was found that this
featureless region formed due to the location of MA’s in the ferrite matrix with the
substructure consisting of low angle boundaries [302]. If the initiation of a
microcrack occurs in or around these MA’s in this type of structure, the low angle
boundaries are not able to prevent the crack propagation and the crack can readily
grow reaching the critical size, beyond which the crack can propagate in an
unstable manner [375]. In addition, the local preservation of prior austenite grain
boundaries in higher C steels enabled the formation of MA’s on these boundaries.
The MA’s were arranged in band-like structures that are generally considered as
detrimental features to impact toughness properties [376].
After heat treatment, the yield strength of quasi-polygonal ferrite generally
increases, but impact toughness properties are consequently deteriorated. This can
be understood by the fact that yield strength increases due to the precipitation
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strengthening and MA microconstituents, although undergoing tempering effect,
are still present and do not fully decompose to fine cementite particles and hence
are assumed to maintain their “brittleness”. This is presumably caused by the high
C content in fine granular MA islands that increase their tempering resistance
[377]. Since there were no significant changes in grain boundary structure during
the heat treatment, it is natural that the impact toughness properties deteriorated.
9.17 Granular bainitic ferrite dominated microstructures
Granular bainitic ferrite dominated microstructures consisted of irregular ferrite
with MA microconstituents inside the ferrite grains as seen in the Figure 161 a and
b. Also, preservation of prior austenite grain structure is a typical feature of
granular bainitic ferrite dominated microstructure. Another salient feature is the
grain boundary structure of granular bainitic ferrite that comprises of a high
fraction of low angle boundaries compared the to high angle ones, as seen in
Figure 161 b. Most of the high angle boundaries can be associated with the prior
austenite grain boundaries. Further preservation of prior austenite grain boundaries
enables the formation of MA’s on these boundaries, as seen in Figure 127 c, for
instance.
Granular bainitic ferrite dominated microstructures exhibit rather poor impact
toughness relative to their strength. This can be related to following
microstructural features. As the granular bainitic ferrite is thought to be a product
of displacive transformation and its transformation occurs at low phase
transformation temperature. While the prior austenite grain boundary structure is
preserved and as the granular bainitic ferrite contains a small fraction of high angle
boundaries compared to the low angle boundaries, the prior austenite becomes the
dominant factor in determining the effective grain size grain. According to Zajac et
al. [111], the toughness of fully granular bainitic microstructures is mainly
dependent on the prior austenite grain size. In the present study the prior austenite
grain structure is rather coarse and slightly flattened, derived from austenitization
at high temperature (1250°C) followed by two high temperature rolling passes and
low controlled rolling ratio (2.5) below Tnr.
The fraction of low angle boundaries of granular bainitic ferrite (transformed
from coarse grained austenite) is quite high, as compared to the high angle ones.
These low angle boundaries contribute to strengthening [109] without any
substantial effect on hindering of cleavage fracture propagation and are considered
to be detrimental to toughness. The location of MA microcontituents at the prior
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austenite grain boundaries has also been considered as a detrimental
microstructural feature for toughness [376].
Quasi-polygonal ferrite formation is often attributed to the formation of
granular bainitic ferrite. In low C steel (i.e. Steel 1142 and 1144 the
microstructures shown sections 8.5.1 and 8.5.2) with a high fraction of
quasi-polygonal ferrite, the granular bainitic ferrite was frequently found to have a
fine-grained structure with well-etched boundaries comprising of high angle
boundaries. On the other hand, in high C steels, with reduced fractions of
quasi-polygonal ferrite, the boundaries associated with the granular bainitic ferrite
frequently comprised of low angle boundaries [302].
The reason for the dual character of granular bainitic ferrite is not completely
clear, but it could be suggested that the volume change caused by a high
temperature quasi-polygonal ferrite transformation in low C steels (such as in Steel
1144), causes stress and strain effects in residual austenite, which influences the
way how this austenite transforms into granular bainitic ferrite. In higher C steels,
the volume fraction of quasi-polygonal ferrite is lower and can be even completely
eliminated locally, and therefore, the stress and strain effects due to
quasi-polygonal ferrite formation are smaller. Dewei [326] also paid attention to
the dual nature of granular bainitic ferrite in his doctoral thesis on toughness
properties of CGHAZ of high strength steels. According to Dewei, two types of
granular bainite exists: one ferrite with aligned second phase constituents
composed of lath like MA particles and side-plate type bainitic ferrite, where lathy
MA particles are distributed in an aligned or string like manner. Other type is
ferrite with non-aligned second phase constituents composed of fine block-like
MA particles and rectangular bainitic ferrite in which high angle boundaries exist
and the block-like MA particles are distributed in a non-aligned or random
manner. The latter type of granular bainite was found to exhibits good low
temperature toughness due to existence of high angle boundaries and the small size
of blocky MA particles.
During heat treatment at 600°C for 1h, the yield strength of granular bainitic
ferrite increases due to precipitation strengthening but the MA microconstituents
are not significantly tempered or decomposed and they are assumed to maintain
their brittleness. Further, as there is no change in grain boundary structure during
heat treatment, it is natural to consider that the impact toughness is deteriorated
after heat treatment.
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9.18 Bainitic ferrite dominated microstructures
Bainitic ferrite dominated microstructures such as those exhibited in Steels 1183
and 1184, closely resembles the features of conventional upper bainite and its the
microstructure-toughness properties are well established [80,107,111]. Most
studies of this type of microstructure recognise that the important unit is the packet
size, which, in turn, is practically directly related to the prior austenite structure
[133,134,148]. Therefore its toughness properties are practically dictated by the
prior austenite grain structure. This is easily understood from micrographs, for
instance, in Figure 143 (Steel 1184), which shows that the bainitic ferrite laths
occupy the full height of prior austenite grain from one boundary to another.
It is well established that the toughness of bainitic ferrite (or similar type of
microstructures) can be improved by refining the austenite grain structure (both by
refining the equiaxed austenite grain structure and by increasing deformation in
the non-recrystallization regime of austenite) [53]. One of the basic shortcomings
of bainitic ferrite type of microstructure is the presence of rather coarse MA
microconstituents. The cleavage crack, once initiated by these islands, is not
obstructed by the low angle boundaries but only on packet boundaries or prior
austenite boundaries. Thus, cracks can propagates readily. It is generally accepted
that for a given austenite condition, a superior strength-toughness combination can
be achieved in lower bainitic microstructures instead of upper bainitic ones (i. e.
bainitic ferrite) [107,111].
After heat treatment at 600°C, secondary MA microconstituents undergo
severe tempering and decompose into fine spherical particles, which are most
likely cementite, as seen in Figure 146 c and d. It is then assumed that
susceptibility of MA microconstituents to cracking and thereby to initiate cleavage
fracture is significantly reduced. This may explain why DBTT of steels with
bainitic ferrite dominated microstructures decreases or remains at rather same
level after heat treatment than in as-rolled condition although their yield strength is
simultaneously increased. The reason for different tempering effects of acicular
MA microconstituents in bainitic ferrite and, for instance, granular MA
microconstituents in granular bainitic ferrite can be understood on the basis of
results of Matsuda et al. [377], who investigated the behaviour of MA
microconstituents in a simulated HAZ in low C HSLA steels. They stated that the
C content in MA microconstituents was related to their morphology in a given
steel. Elongated MA islands (i.e. acicular) had a lower C content than the massive
ones (i.e. granular). Consequently the microhardness of elongates MA
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microconstituents was lower than the massive ones. They also found that the
elongated MA microconstituents seemed to decompose more easily than the
massive ones.
It can be assumed that MA microconstituents in bainitic ferrite act as
favourable nucleation sites for cleavage fracture. Decomposition of these
microconstituents during heat treatment improves toughness of steel with bainitic
ferrite microstructures. However, in as-rolled condition, it is well established that
the toughness is controlled by the packet size [80,107,41]. This discrepancy can be
probably explained by the fact that bainitic ferrite microstructures always contain
quite coarse, elongated MA microconstituents, irrespective of the packet size.
Refinement of packet size leads to refinement of the size of MA microconstituents.
However, during heat treatment, these MA microconstituents decompose, but the
packet still remains constant and this consequently results in an improvement of
DBTT, although yield strength increases simultaneously.
9.18.1 Summary of the influence of microstructure on toughness
properties
It seems reasonable to suggest that the toughness of LCB steels is dependent on the
fraction of high angle boundaries and the type and morphology of the second
phase microcontituents. The fraction of high angle boundaries is related to the
austenite condition before the phase transformation (austenite grain size and its
deformation) and the type of phase transformation.
Quasi-polygonal ferrite dominated microstructures with small fractions of
granular bainitic ferrite exhibit good impact toughness. This can be attributed to
the following microstructural features: i) Low C content; this type of
microstructures are often achieved in very low C steels that reduced the size and
fraction of MA microconstituents, which are considered as favourable nucleation
sites for brittle fracture ii) Two-stage transformation; formation of
quasi-polygonal ferrite eliminates the prior austenite grain boundaries in the
microstructure and the formation of granular bainitic ferrite seems to create high
angle boundaries between the interfaces of quasi-polygonal ferrite and granular
bainitic ferrite. These presumably reduce the microstructure dependency on the
prior austenite grain structure. iii) Distribution of MA microconstituents;
quasi-polygonal ferrite does not generally contain coarse MA microconstituents
inside, but these are located in granular bainitic ferrite part of the microstructure
that, in turn, is characterized by a rather fine grain size. If the brittle fracture is
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initiated at the vicinity of MA microconstituents, this fracture is rather easily
blunted by the adjacent high angle boundary. The reason for the fine grained high
angle boundary structure of granular bainitic ferrite with conjunction of
quasi-polygonal ferrite is not clear, but it was discussed whether the volume
change caused by quasi-polygonal transformation would causes stress and strain
effects in austenite that would influence how the this austenite transforms into
granular bainitic ferrite.
After heat treatment, the yield strength of quasi-polygonal ferrite generally
increases, but the impact toughness properties are consequently deteriorated. This
can be understood by the fact that the yield strength increases due to precipitation
strengthening but the MA microconstituents do not fully decompose to fine
cementite particles and thereby may maintain their “brittleness”, although they
undergo tempering effect. This is presumably caused by the high C content in fine
granular MA islands that increases their tempering resistance. As there was no
significant change in grain boundary structure after heat treatment, it is natural that
the impact toughness properties deteriorate.
Granular bainitic ferrite dominated microstructures exhibited rather poor
impact toughness properties in contrast to their strength. This can be related to the
following microstructural features: i) As the granular bainitic ferrite is thought to
be a product of displacive transformation, the prior austenite grain boundary
structure is preserved, also as, the granular bainitic ferrite contains small fraction
of high angle boundaries compared to low angle boundaries, the prior austenite
becomes the dominant factor determining the effective grain size grain. In the
present study, the prior austenite grain structure is rather coarse and inadequately
flattened, derived from reheating at high austenitization temperature followed by
two high temperature rolling passes and low controlled rolling ratio below Tnr. ii)
Grain boundary structure of granular bainitic ferrite; fraction of low angle
boundaries of granular bainitic ferrite (transformed from coarse grained austenite)
is high compared to the fraction of high angle ones. These low angle boundaries
contribute to strengthening without any substantial effect of hindering on cleavage
fracture propagation and are, therefore considered to be detrimental to toughness.
iii) Location of MA microcontituents at the prior austenite grain boundaries is also
considered as a detrimental microstructural feature.
After the heat treatment, the yield strength of granular bainitic ferrite
dominated microstructures generally increases, but impact toughness properties
weaken. Increase in yield strength due to precipitation, rather high tempering
resistance of MA microconstituents and no pronounced change in grain boundary
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structure, lead to strengthening that is occurring at the expense of impact
toughness properties.
Bainitic ferrite dominated microstructures also exhibit rather weak impact
toughness relative to their strength in as-rolled condition. This can be understood,
since bainitic ferrite can be considered as a microstructure similar to the
conventional upper bainite. This type of microstructures, at least when
transforming from coarse grained austenite, is known to produce unfavourable
strength-toughness combinations. In microstructural terms, the impact toughness
properties can be understood as follows. The MA microconstituents crack to form
a critical defect. The cleavage, once initiated, is not obstructed by low angle grain
boundaries, but only by bainite packet boundaries or prior austenite boundaries.
Thus, crack easily grows to reach critical flaw size, after which brittle fracture
propagates in an unstable manner.
In heat-treated condition, it is possible to increase yield strength without
significantly increasing DBTT or T27J. Occasionally it is possible to even increase
the strength and simultaneously decrease DBTT or T27J. This can be understood
by severe tempering of acicular MA microconstituents that also decompose into
fine spherical cementite particles. Therefore, susceptibility of MA islands to
cracking is reduced, which is observed as an improvement in impact toughness.
The weaker tempering resistance of acicular MA microconstituents in bainitic
ferrite-dominated microstructures compared to that of granular like MA
microconstituents in quasi-polygonal ferrite or granular bainitic ferrite dominated
microstructures can be explained by their lower C content [377].
9.19 Alloying design consideration for 500 MPa and 700 MPa LCB
steels
One of the main objectives of the present work was to create a basic understanding
of the alloying design and processing routes (TMCP or TMCP+heat treatment) for
500 MPa and 700 MPa LCB steels. The target of the present chapter is to discuss
some possible alloying designs for the aforementioned strength grades on the
basis of the derived regression equations as well as direct comparison of the
influences of alloying elements on the mechanical properties of LCB steels.
For a 500 MPa grade LCB steel, it was shown and discussed in sections
Discussion and that C is not the major strengthening element in 500 MPa LCB
steels with quasi-polygonal ferrite and granular bainitic ferrite dominated
microstructures and the yield strength of 500 MPa can be achieved even with low
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0.011 wt-% levels. Further, it was shown in Figure 92 that the impact toughness
properties are deteriorated with increasing C contents from 0.011 wt-% to 0.043
wt-%. From microstructure point of view, this toughness deterioration was
attributed to the increase in MA microconstituents, which could act as preferential
initiation sites for cleavage fracture. Therefore, on the basis of aforementioned
findings, C content of 500 MPa grade should be focused at very low levels, say
between, 0.01–0.02 wt-%. At such a low C concentration, it is clear that steel
requires some other alloying elements to prevent formation of polygonal ferrite
and retard the phase transformation to the desired temperature (≈ 650°C). As Mn is
a essential alloying element in structural steels, it is natural to consider its level of
alloying concentration in steels. A majority of research results support the use of
“high” levels of Mn (~1.9–2.0 wt-%) instead of “low” levels (~1.3 wt-%), since
Mn has been found to increase the strength of LCB steels and simultaneously
improve the toughness properties. Further, Mn has been found to even out the
influence of cooling rate on the phase transformation temperatures (i.e. promoting
LCB microstructure formation at lower cooling rates). Of other “LBC
microstructure promoting elements, Ni and Cr are interesting options in the range
0.1–1.0 wt-%, since these offer rather high strengthening potential, but without the
expense of impact toughness, Figure 108. In fact, Ni alloying seems to increase
strength of LCB steels without any decrease in impact toughness properties. Cr in
the range of 0.01–1.0 wt-% has almost equal strengthening potential as Ni, but in
the case of Cr, toughness is expected to decrease marginally. For instance, in Steel
1142, the base composition was 0.022-1.99Mn-0.26Mo-0.8Ni-0.05Nb-0.03Ti and
the yield strength above 500 MPa was achieved with a corresponding DBTT of
-65°C and T27J of -100°C. Steel 1171 with 0.028C-1.9Mn-0.26Mo- 0.8Cr0.52Nb-0.02Ti under the identical processing conditions as Steel 1142 exhibited
yield strength above 500 MPa with a corresponding DBTT of -52°C and T27J of
-74°C. The main difference in alloying of these steels is that Steel 1142 is Cr-free
with 0.8 wt-% Ni and Steel 1171 contains 0.8 wt-% Cr but is Ni-free. Therefore,
from the strengthening point of view 0.8 wt-%Ni alloying can be substituted with
0.8 wt-% Cr in a 500 MPa grade LCB steel. However, from the impact toughness
point of view, 0.8 wt-% Cr alloying is not expected to be as superior than 0.8 wt-%
Ni alloying. Cu and Mo alloying is possible in a 500 MPa grade steel, but high
concentrations should be avoided for their harmful effects on the impact toughness
properties with respect to their strengthening potential in the compositional range
studied in this thesis. High Mo alloying should be avoided from weldability point
of view, since Mo has deleterious effect on the CGHAZ toughness. Nb seems to be
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an essential alloying element in these steels, since it promotes formation of
quasi-polygonal ferrite/granular bainite microstructure instead of polygonal ferrite
formation. Yet, Nb addition should be limited to 0.045–0.05 wt-%, because further
increase in Nb content up to 0.09–0.10 wt-% does not seem to have a pronounced
effect on the strength and toughness of a 500 MPa as-rolled LCB steel. Further, Nb
has a small negative effect on the CGHAZ toughness properties. B alloying is not
advisable, since from strengthening point of view 500 MPa grade can be rather
easily achieved without any B alloying. Further, B addition in very low C (≈0.01–
0.02 wt-%) LCB steel can cause significant increase in DBTT as well as T27J. B
has deleterious effect on the CGHAZ toughness, too.
The 700 MPa yield strength is difficult to achieve in very low C content (0.01–
0.02 wt-%, while keeping the other alloying elements at low levels. In the as-rolled
condition, the yield strength above 700 MPa was achieved mainly in steels with C
contents in the range from 0.035 wt-% to 0.055 wt-%. This suggest that C content
of 700 MPa LCB steels should be at least in this range. Further, as C does not seem
to have significant detrimental influence on the DBTT or CTOD of the CGHAZ,
the utilization of aforementioned amounts is also well justified from the weldabilty
point of view. Of course, C has a detrimental effect on the toughness of steels, but
this problem can be probably overcome by proper processing of steel (see section
Discussion
Similarly as in 500 MPa LCB steel, the utilization of high Mn of about 1.9–2.0
wt-% is well justified, because of beneficial effect of Mn on the strength and
toughness of the steel as well as toughness of CGHAZ.
Cr and Ni both increase the strength of LCB steels without any significant
detrimental effect on toughness. On the other hand, Cr has a small negative effect
on toughness of CGHAZ.
Mo alloying increases yield strength significantly but weakens the toughness
of base plate as well as CGHAZ. Therefore, utilization of high Mo of about 0.6
wt-% in 700 MPa grade LCB steels is not recommended. However, small additions
of about 0.2–0.3 wt-% can be considered necessary to protect B (if alloyed). These
concentrations may not be too harmful to the toughness of the base steel or the
CGHAZ.
Similar to 500 MPa grade steel, there is no beneficial effect of high Nb
addition of about 0.09–0.10 wt-% over the more conventional concentration of
about 0.04–0.05 wt-% on the strength toughness combination in as-rolled
condition. Further, high Nb addition weakens the toughness of CGHAZ. High Nb
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addition also retards significantly SRX kinetics. Therefore, the use of Nb addition
above 0.05 wt-% is not advisable in as-rolled condition.
Small Cu addition of 0.1–0.4 wt-% can be considered beneficial to 700 MPa
grade steel, since small additions of Cu can increase yield strength without
sacrificing the toughness. However, high Cu addition of about 1.0 wt-% does not
seem to be interesting in as-rolled steel, since the strength of the steel does not
increase further in comparison to the extent of toughness deterioration.
The yield strength level of 700 MPa in LCB steels may be difficult to achieve,
if B alloying is not utilized (assuming that the cooling conditions cannot be
increased from the studied rates of 10–15°C/s), since B alloying of about 10-20
ppm increases the yield strength by more than 100 MPa. On the other hand, B
decreases the toughness of the steel plate significantly. However, this problem can
be overcome by proper processing of steel, as mentioned above. B seems to have a
detrimental effect on the toughness of CGHAZ. Therefore, the use of B in 700
MPa grade should be avoided as far as possible, if extremely good toughness of
CGHAZ is required. However, if B alloying is considered necessary, its
concentration with respect to processing conditions should be carefully optimised
to ensure optimum strength, toughness and weldabilty balance. On the basis of the
regression equations, the optimum B concentration may lie in the range of 8–15
ppm.
Industrial application of 500 MPa and 700 MPa LCB steels – a
microstructural perspective
One aim of the present work was to investigate the suitability of LCB steels as
candidate materials for industrial scale production of 500 MPa and 700 MPa plate
grades with good low temperature impact toughness and adequate weldability by
using TMCP and ACC. The used laboratory hot rolling parameters such as
austenitization temperatures, controlled rolling ratios and cooling rates were
adjusted to simulate the corresponding parameters in an industrial scale
production. The subsequent heat-treatment (between 550–700°C for various
times) was also defined to be possible.
The microstructure of LCB steels with the yield strength from 500 to 600 MPa
mainly comprised of mixtures quasi-polygonal ferrite and granular bainitic ferrite.
The formation of quasi-polygonal ferrite eliminated totally or at least locally the
presence of prior austenite grain boundaries and hence it was concluded that the
influence of austenite grain size on the toughness in presence of quasi-polygonal
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ferrite may not be so pronounced in comparison cases, where the prior austenite
grain boundaries were almost completely preserved. On the other hand, prior
austenite grain size must still play a role in effective grain size and consequently
on the toughness in quasi-polygonal ferrite dominated microstructures.
The second phase microconstituents associated with the quasi-polygonal and
granular bainitic ferrite were granular MA. These microconstituents were
disconnected from each other, so these did not form long connecting arrays, along
which, the cleavage fracture could easily progress. The fraction of second phase
microconstituents was found to be dependent on the C content, so that a decrease
in C concentration led to the reduction in the size and fraction of MA
microconstituents.
The major contribution to strengthening comes from fine effective grain size,
which is beneficial for toughness. Strengthening due to sub-grain boundaries is
possible, but the fraction of high angle boundaries compared to low angle
boundaries is quite high, so that toughness is not greatly deteriorated.
500 MPa grade LCB steel seems to be possible to produce on an industrial
scale by using the defined hot rolling parameters boundary conditions. This is
achieved by using very low C concentration (below 0.02 wt-%) in conjunction
with Mn-N-iCr-(Mo)-Nb-Ti alloying that lead to formation quasi-polygonal ferrite
dominated microstructure with some granular bainite (depending on composition).
The elimination of the prior austenite grain boundaries in quasi-polygonal ferrite
microstuctural reduces probably their influence on the toughness properties. This
enables the formation of relatively fine effective grain size, although the prior
austenite structure might not be optimal (i.e. structure can be coarse and
non-uniform). Reduction in C concentration reduces the fraction and size of
granular MA microconstituents that is expected to improve the toughness. The
major strengthening contribution is through high angle boundaries, which is a
well-known method to improve the strength and toughness.
The major ferrite morphology in LCB steels with the yield strength above 700
MPa was generally found to consist of bainitic ferrite. A typical feature of bainitic
ferrite is the lath-like ferrite with MA microconstituents between them. The
bainitic ferrite lath ranged from one prior austenite boundary to another, strongly
suggesting the height of flattened prior austenite grains contributing the
determination of bainite packet size and hence the toughness properties. Further,
the clear preservation of prior austenite grain boundaries showed that the austenite
structure was non-uniform and consisted of flattened grains, whose degree of
flattening differed considerably, so that most of the grains were convex-shaped and
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minority of grains were pancaked, which is considered the preferable shape of the
deformed grains.
The EBSD method also showed that the bainitic ferrite consisted of packets,
which means that the single bainitic ferrite laths are separated by the low angle
boundaries and a bunch of several laths form a packet that is surrounded by the
high angle boundary. The problem from the impact toughness point of view is that
if the packets are coarse, not only the effective grain size remains coarse, but also
the low angle boundaries can contribute to strengthening. This can be considered
disadvantageous for toughness, if low angle boundaries contribute to strength,
because they cannot prevent the progress of brittle fracture.
In summary, production of 700 MPa grade LCB steel with bainitic ferrite
microstructure can be considered as a challenging task by using the defined
TMCP-ACC boundary conditions, because i) non-uniform and insufficiently
deformed austenite that partially define the packet size of microstructure ii) long
acicular MA microconstituents between the laths, that can act as preferential
nucleation site for brittle fracture iii) packet type structure (i.e. high angle packets
consisting of laths with low angle boundaries). Hence, it can be concluded that in
order to get 700 MPa LCB grade with good impact toughness properties,
following microstructural changes has to be considered: i) uniformity, fineness and
adequate pancaking of austenite structure (i.e. creating a high interfacial area of
high angle boundaries per unit volume of austenite) and ii) modification of
microstructure so that elongated MA microconstituent are eliminated and fraction
of high angle boundaries compared to the low angle boundaries is maximised.
These kinds of microstructures are, for example, lower bainite or fine-grained
granular bainite [52,53].
The mind-boggling questions in the case of austenite conditioning are how
fine the austenite grain size should be and to what extent the austenite should be
deformed in the non-recrystallization regime. One way to approach this problem is
to evaluate the density of austenite grain boundaries (SvGB), twinning boundaries
(SvTB) and deformation bands (SvGB) per unit volume. The total density of theses
sites per unit volume is expressed as the total interfacial area of near planar
boundaries per unit volume and has the units mm2/mm3 or mm-1. This
stereological concept was first discussed by Underwood and was later adopted by
Kozasu et al. They called this measure of total interfacial area per unit volume, Sv
as reviewed in Reference [124]. The parameter Sv can be considered as an
approximate austenite “grain size” and its magnitude is an indication of the degree
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of austenite conditioning. One principal goal of thermomeachanical processing is
to maximize Sv.
The influence of austenite grain size and percentage reduction below Tnr,
calculated after Equation 59, on Sv is represented in Figure 203. The limit for
-60°C DBTT (roughly 200 mm-1) according to DeArdo et al. [124] for 690 MPa
grade ULCB steel is also plotted in the figure. Figure 203 show that the increasing
degree of deformation below Tnr significantly increases the value of Sv. However,
if austenite grain is above 50 μm, even high total reduction of 80% (that can be
considered as a maximum total reduction in industrial scale TMCP) cannot
produce the Sv-values above 200 mm-1. If average grain size is reduced to 30 μm,
the requirement of Sv-value of 200 mm-1 is not fulfilled by total reductions below
75%, but is just reached when reduction of 80% is applied. As the austenite grain
size is reduced below 20 μm, it becomes evident that thr Sv-value of 200 mm-1 is
exceeded even at low total reductions above 55%.
It was concluded that in order to obtain good impact toughness properties in
700 MPa LCB steel, average equiaxed austenite grain should be reduced below 20
μm. On the other hand, austenite grain size refinement in the presence of strong
SRX retarding elements such as Nb, Mo and B can be an extremely challenging
task especially in older rolling mills. Therefore, the maximum allowable equiaxed
austenite grain size is 30 μm, but this should be valid only, if the total reductions of
above 75–80% are applied.

Fig. 203. Influence of austenite grain size and degree of deformation below Tnr
on Sv.

The second interesting issue is how to modify the transforming microstructure, so
that it does not contain long interlath MA microconstituents and instead obtain
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large amount of high angle boundaries compared to low angle ones resulting from
the phase transformation. For instance, lower bainitic microstructure is considered
to have a superior strength-toughness combination as compared to bainitic-ferritic
microstructure, because of fine carbides that are located inside the ferrite laths
[107]. The small and uniformly distributed carbides are considered to be less
susceptible to cracking than the carbides in classical upper bainite or MA’s in
bainitic ferrite. Another reason can be the fact that the fraction of high angle
boundaries is high as compared to that of low angle boundaries, Figure 204. If
carbide cracking occurs, the propagation of crack is obstructed by high angle
grain/lath boundaries [111].

Fig. 204. A Schematic illustration of grain boundary misorientation distribution in
granular-, upper and lower bainite [111].

The fully lower bainitic microstructure is difficult to obtain in low carbon steel,
when C concentration is reduced below 0.03 wt-%. On the other hand, lower
bainite formation has been reported to be possible in complex
Mn-Ni-Mo-Cr-Nb-B steels with C content between 0.045–0.06 wt-% [2,25].
According Asahi et al. [25] lower bainite is formed at almost constant bainite start
temperature of around 480°C in a wide range of cooling rates from 60°C/s even to
10°C/s in a B-containing low carbon steel. This is evidently a lower phase
transformation temperature than recorded for the steels investigated in the present
thesis. This is in accordance with the fact that no lower bainite was observed in
microstructures investigated. This clearly indicates that the austenite stability of
investigated steels during dilatometric testing and hot rolling trials has not been
high enough to retard the start of phase transformation to such temperatures, where
mainly lower bainite can form. To obtain lower bainite, a special attention should
be paid on the Mn-Mo-Ti-Nb-B and Mn-Mo-Ni-Cr-Nb-Ti-B steels with C-content
from 0.04–0.06 wt-% in conjunction with proper TMCP schedules followed by the
interrupted ACC [52,53].
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It is emphasized that the aforementioned low C steels with lower bainitic
microstructures have yield strengths generally above 700 MPa, usually in the
range 800–950MPa, and these exhibit, if processed properly, superior
strength-toughness combinations. On the other hand, it should be kept in mind that
low C steels with lower bainitic microstructures are rather heavily alloyed, which
limits their economic use in structural steels and therefore this type of steels are
usually employed in special applications, such as linepipes [2,25].
One approach is to obtain 700 MPa grade in LCB steel, is to target granular
bainitic ferrite structures. This type of microstructure can be obtained without
B-addition [378]. This would aid the austenite grain refinement by providing faster
SRX kinetics of austenite. According to Zajac et al. [111], the impact toughness
properties of granular bainitic ferrite microstructures are dependent on the
austenite grain size. As the granular bainitic ferritic microstructures are formed in
a certain phase transformation temperature range, attention should be paid on the
finish cooling temperatures. Cooling to very low temperatures may lead to the
formation of bainitic ferrite and this may attribute to a decrease in toughness
properties [378]. Fine grained granular bainitic ferrite is assumed to provide better
toughness than the bainitic ferrite itself not only in respect of granular shaped MA
microcontituents, but also due to a higher fraction of high angle boundaries
compared to low angle ones than in bainitic ferrite. It was discussed in section 9.17
that the heavy deformation of austenite may influence the grain boundary structure
of granular bainitic ferrite.
LCB steel can exhibit an expanded austenite field at low cooling rates. This is
true especially for B-bearing LCB steels and also for some B-free compositions as
seen in CCT-diagrams in section 8.3.2. This stable austenite field offers utilisation
of strain or deformation-induced ferrite formation in LCB steels. Fine grained,
strain-induced ferrite in association with LCB microstructure can enhance both
strength and toughness. Strain- or deformation-induced ferrite formation requires a
heavy deformation of austenite at low temperature regime of austenite. This can
promote the formation of ferrite during deformation (dynamic ferrite
transformation) or just after the deformation (strain induced ferrite
transformation).
The strain- or deformation-induced ferrite transformation has been overlooked
in industrial scale production due to its requirement for high deformation passes at
low temperatures. However, recent studies at POSCO have shown that even a
slight deformation (10–20 % reductions) can result in fine deformation-induced
ferrite formation, if the strain exceeds a critical level [379]. The key issue id
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whether the fine ferrite grains are preserved and accumulated during multiple light
passes with finite interpass time, where the amount of each pass exceeds the
critical strain. Further, according to Choi et al. [379], an increase in undercooling
can be an effective way to increase the fraction of deformation-induced ferrite,
when the applied reduction was relatively small. One of the key issues to obtain
deformation induced ferrite returns back to austenite conditioning. Fine austenite
grains are considered to be advantageous to obtain deformation-induced ferrite,
because a fine austenite grain size decreases the critical strain for
deformation-induced ferrite formation [380] and consequently volume fraction of
fine ferrite can be increased with smaller prior austenite grain size under similar
deformation conditions [380].
From above discussion in can be concluded that the deformation-induced
ferrite can be probably introduced in LCB steels to obtain high strength and
toughness. Pronounced amounts of strain- or deformation-induced ferrite can be
produced by accumulating the strain to a certain critical level at a low temperature
near Ar3 temperature.
For instance, Schwinn et al. [378] have introduced a 700 MPa grade TMC
processed 0.06C-1.9Mn-MoNbTiB steel. In the TMCP schedule, special attention
was paid on the accumulated strain below Tnr. The microstructure consisted of fine
irregular ferrite with fine residues of MA microconstituents. This fine scale ferrite
microstructure was concluded to be a result of deformation-induced ferrite
transformation.
Deformation induced ferrite transformation provides an interesting
opportunity to produce high-strength, high-toughness steels with LCB
compositions. It should be, however, mentioned that all fundamentals aspects of
deformation induced ferrite transformation are not fully understood, which may
hinder the utilization of this approach in industrial applications.
Bainitic ferritic dominated microstructures can be, however, utilized in 700
MPa grade LCB steels with adequate impact toughness via TMCP-ACC, if
subsequent heat treatment at 600–650°C is applied, as discussed earlier. The MA
microconstituents are transformed into fine spherical cementite particles that are
probably less susceptible to cracking than elongated MA microconstituents. The
simultaneously increase in strength is caused by the intense precipitation of
microalloy carbides, such as Nb C. This kind of approach is considered to be
suitable for rolling mills that have enough cooling capacities, but have shortages of
rolling loads to refine the austenite grain size.
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10 Summary and conclusions
In the present work the effects of alloying (C, Mn, Si, Cr, Ni, Mo, Cu Nb and B) on
the austenite grain growth, static recrystallization and phase transformation
kinetics as well as on microstructure-property relationships of steels with LCB
microstructures were studied. Following results and conclusions can be drawn:
–

The coarsening of austenite grain size in LCB steels is influenced by the chemical composition of steel. LCB steels with Nb-Ti microalloying exhibited
fine and uniform (~40–60 μm) uniform austenite grain size up to 1100–
1125°C. Increasing further the austenitization temperatures would lead to
abnormal grain growth with bimodal austenite grain size. This kind of grain
coarsening behaviour is wellestablished for microalloyed steels and can be
attributed to dissolution and coarsening of microalloy carbides during reheating. However, in Nb-Ti-B microalloyed steels, abnormal grain growth was
observed at reheating temperatures as low as 1050°C. Bimodal grain structure
was present at all reheating temperatures even up to 1175°C. The reason for
low abnormal grain coarsening in Nb-Ti-B LCB steels is not clear. This behaviour can be related to the so-called austenite memory effect or microalloy
carbonitride coarsening accelerated by B. However, the important message is
that in practical hot rolling processes, it may not be possible to obtain fine and
uniform austenite grain size as the initial structure after the reheating stage in
TMCP, but one has to be satisfied with coarse, but uniform austenite grain
structure as the most preferable starting structure. This kind of coarse structure
has to be then refined by using the static recrystallization (SRX) process.

–

Static recrystallization at roughing temperatures is slowed down markedly by
Mo, Nb and B alloying. On the other hand, C, Mn, Cr and Ni had no statistically significant influence at the levels present in the investigated steels. When
determining the activation energy of SRX using a linear regression analysis, a
better fit is obtained by using a B-level approach rather than a wt%-B approach. This suggests that the influence of B may not be linear over the alloying
range studied (2–30 ppm). The activation energy of SRX can be expressed as
Qrex (kJ/mol) = 248 + 957(wt%Nb) + 97(wt%Mo) + 55BL, where BL = 0 for
B-free compositions and BL = 1, when B is added in the range 11–27 ppm.
Low-carbon bainitic steels with high contents of Mo and Nb together with B
alloying can exhibit quite slow SRX kinetics under the conditions prevailing
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in an industrial roughing mill. Therefore, careful consideration of hot rolling
schedules is required to ensure efficient refinement of austenite grain size.
–

In the dilatometric studies, four different ferrite morphologies were indentified: polygonal ferrite, quasi-polyognal ferrite, granular bainitic ferrite and
bainitic ferrite, as termed according to the classification system by Bainite
Committee of ISIJ. The common feature was that these four different morphologies could only rarely be found as single moprhologies, but generally they
were found as mixed microstructures consisting of 2–3 types of the
above-cited bainite morphologies.

–

Polygonal ferrite forms at the highest transformation temperatures roughly in
the range of 780–680°C and it is characterized by equiaxed grains, which do
not generally contain a clear and dense low angle boundary substructure. Although some individual low angle boundaries were occasionally detected
inside polygonal ferrite grains. Polygonal ferrite formation is frequently
accompanied with the formation of rather coarse secondary microconstituents,
which may consist of the transformation products of classical upper and lower
bainite as well as formation of auto-tempered martensite.

–

Quasi-polygonal ferrite transforms below the temperature range of polygonal
ferrite, roughly between 660–600°C and is characterized by rather coarse irregular ferrite with highly ragged grain boundaries. EBSD experiments showed
that these grains contain quite a dense low angle boundary substructure. The
secondary MA microconstituents are not numerously associated with the
phase transformation, although some secondary microconstituents were occasionally detected inside the grains. The quasi-polygonal ferrite formation was
often found with granular bainite or sometimes even with bainitic ferrite formation. A typical feature of quasi-polygonal ferrite transformation was the elimination of prior austenite grain boundaries. It was concluded that the
quasi-polygonal ferrite might have essentially similar microstructure as that of
massive ferrite.

–

Granular bainitic ferrite transforms in the temperature range between those of
quasi-polygonal ferrite and bainitic ferrite, roughly between 600–560°C.
Similarly as quasi-polygonal ferrite, granular bainitic ferrite is characterized
by irregular-like ferrite with granular MA microconstituents, but in granular
bainitic ferrite the morphology of ferrite is less ragged and the formation of
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MA microconstituents is clearly detected. Due to lower phase transformation
temparature, the formation of well-developed substructure is more obvious in
granular bainitic ferrite in comparison to quasi-polygonal ferrite. The morphology of substructure was mostly granular, although occasionally some
lath-like substructure was also found. In quasi-polygonal ferrite, the prior austenite structure was mostly eliminated, whereas in granular bainitic ferrite, the
prior austenite grain boundaries were frequently preserved. It was concluded
that granular bainite might be essentially a product of Widmanstätten type of
ferrite transformation, nucleating primary on Widmanstätten ferrite sideplates.
It has also been suggested that the formation mechanism is similar to that of
bainitic ferrite with the exception of significant recovery or degeneration associated with the granular bainitic ferrite transformation.
–

Bainitic ferrite forms at the lowest temperatures, typically below 560–540°C.
It is characterized by a lath-like ferrite with MA microconstituents between
the laths. The salient feature of almost complete preservation of prior austenite
grain structure indicates that the bainitic ferrite cannot cross the prior austenite
grains, which is a well-established feature for the higher C bainite. In deformed austenite grains, bainite laths grow as parallel packets from one prior austenite boundary to another, which indicates that the thickness of austenite
grain strongly determines the height of bainitic ferrite packet size. Further, the
packets in deformed austenite grains have tendency to be orientated by about
45–50° angle to the rolling direction. The EBSD measurements revealed that
the laths within a single packet are separated by low angle boundaries, whereas the boundary between two packets is a high angle boundary. On the other
hand, based on the similarities of the morphological characteristics and phase
transformation temperature range of bainitic ferrite with those of conventional
upper bainite, it is reasonable to suggest that both microstructures form via
similar mechanisms. It was also found that the bainitic ferrite has practically
the identical ferrite morphology with BI type bainite in Ohmori et al. classification system [29], with degenerated upper bainite in Zajac et al. classification
system [2] and with B2m bainite in Bramfitt and Speer classification system
[41].

–

In the dilatometric studies, it was found that all alloying elements in the studied range decreased the phase transformation temperatures and increased the
hardness of the specimens. The most effective alloying element for this is B.
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In addition C, Mn, Mo, Cr and Ni have significant influences, but Cu had a
modest influence only. The only exception is Nb, which, in the range of
~ 0.045–0.10wt-%, does not significantly decrease the phase transformation
temperature or increase the hardness. However, Nb addition of about 0.05
wt-% to a Nb-free low C steel does decrease the phase transformation temperatures and increase the hardnesses especially at lower cooling rates. This is
because Nb addition seems to suppress the polygonal ferrite formation and
favours the formation of quasi-polygonal ferrite and granular bainite.
–

Phase transformation temperatures and hardness values of studies LCB steel
were generally quite insensitive to the cooling rate range studied (0.4–48°C/s).
Chemical composition, however, influenced the effect of cooling rate. Especially, B alloying seemed to increase the effect of cooling rate on the phase
transformation temperatures and hardnesses.

–

Consistent with the microstructures observed in dilatometric experiments, the
microstructures of as-rolled plates comprise various combinations of polygonal ferrite, quasi-polygonal ferrite, granular bainitic ferrite and bainitic ferrite.
These microstructures can cover yield strength range from 450 MPa to 850
MPa in as-rolled condition and from 500 MPa to 950 MPa in heat-treated condition (600°C/1h). As, expected, it was found that the strength level was
related to microstructure. In as-rolled condition, steels with the yield strengths
between roughly 500–550 MPa were comprised of quasi-polygonal ferrite
microstructures. Steels with the yield strength in the range from 570 to 700
MPa comprised essentially of mixture of granular bainitic ferrite and
quasi-polygonal ferrite microstructures with small fractions of bainitic ferrite.
Steels with the yield strength above 700 MPa are essentially comprised of bainitic ferrite.

–

The most effective alloying element in increasing the yield strength of as-rolled LCB steels is B. An addition of B of more than 10 ppm can cause 100–160
MPa increment. Mn, C, Cr and Ni at their studied levels can significantly contribute to strengthening, whereas Cu in the range of 0.01–1.2 wt-% can only
give modest increments. Nb in the in the range of ~ 0.045–0.10 wt-% does not
influence the strength.

–

The main strengthening mechanisms in as-rolled LCB steels are grain size and
dislocation strengthening mechanisms. It is important to mention that signifi-
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cant contribution of grain boundary strengthening can come from low angle
boundaries (i.e. subgrain boundary strengthening) and not just from high angle
boundaries. In all, these two strengthening mechanisms can cover approximately 60–75% of the total strengthening. Solid solution strengthening can
also play a significant role, mainly derived from high additions of Mn, Ni and
Mo. Precipitation strengthening in as-rolled condition seems to play rather a
small role, as compared to other strengthening mechanisms. The estimated
contribution of precipitates to total strengthening is between 10–60 MPa, i.e.
roughly 7–15 % of the total strengthening. This small contribution of precipitates in as-rolled condition can be understood by the insufficient precipitation
kinetics during or after γ/α transformation associated with relatively the low
phase transformation temperatures and high cooling rates over the phase transformation regime.
–

In heat-treated condition, precipitation strengthening seems to play an important role in the total strengthening. The estimated strengthening contribution
varies from 120 MPa to above 200 MPa (i.e. roughly 20–30% of total strengthening) depending on the composition and microstructure of steel.

–

Yield and tensile strengths of plates in the as-rolled condition increase with
decreasing Ar3. Also, regression equations describing the hardness of the CCT
specimens give reasonable good predictions of the hardnesses of as-rolled plates.

–

It was found that a good combination of strength and impact toughness can be
achieved in very low C steels (~0.01–0.02 wt-%). The microstructures of this
category of steels comprises mainly of quasi-polygonal ferrite with a small
fraction of granular bainitic ferrite. The high strength of this type of
microstructure is presumably derived from substitutional solid solution
strengthening as well as transformation strengthening due to low γ/α? transformation temperatures. The good impact toughness properties of low C steel
are a consequence of low fraction and small size of secondary MA microconstituents, as well as the refinement of the effective grains. Other beneficial
microstructural features in this low C steel with quasi-polygonal ferrite dominated microstructure were the elimination of prior austenite grain boundaries.
This can effectively reduce the microstructural sensitivity to prior austenite
structure and the concentration of coarsest microconstituents in the granular
bainitic ferrite part of the microstructure, which is characterized by a fine
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effective grain size. Quasi-polygonal ferrite, in turn, was found to be virtually
free of coarse MA microconstituents. After heat treatment, the yield strength
of quasi-polygonal ferrite dominated microstructures generally increases, but
impact toughness properties are consequently deteriorated. This can be understood by the fact that yield strength increases due to precipitation strengthening and MA microconstituents, although these undergo tempering effect, but
do not fully decompose to fine cementite particles and may maintain their
“brittleness”. This is presumably caused by the high C content of the fine granular MA islands that enhances their tempering resistance. As there were no
significant changes in grain boundary structure after heat treatment, it is
expected that impact toughness properties are deteriorated.
–

Granular bainitic ferrite dominated microstructures exhibit rather poor impact
toughness properties in contrast to their strength. This is due to the following
microstructural features: i) The prior austenite grain boundary structure is preserved and as the granular bainitic ferrite contains relatively small fraction of
high angle boundaries compared to low angle boundaries (the major source of
high angle grain boundaries is from prior austenite grain boundaries), the prior
austenite becomes the dominant factor determined the effective grain size. In
the present study the prior austenite grain structure is rather coarse and inadequately flattened, as a result of the high austenitization temperature, followed
by only two high temperature rolling passes and relatively low controlled rolling ratio below Tnr. ii) Fraction of low angle boundaries of granular bainitic
ferrite (transformed from coarse grained austenite) is high compared to the
high angle ones. These low angle boundaries contribute to strengthening without any substantial effect on hindering of the cleavage fracture propagation
and are, therefore considered to be detrimental features to toughness. iii) MA
microcontituents at the prior austenite grain boundaries are also considered as
harmful microstructural features.

–

After the heat treatment, the yield strength of granular bainitic ferrite dominated microstructures generally increases, but impact toughness properties are
weakened. Similar microstructural reasoning would also apply to as
quasi-polygonal ferrite dominated microstructures; increase in yield strength
due to precipitation, rather high tempering resistance of MA microconstituents
and no pronounced change of grain boundary structure, leading to strengthening at the expense of impact toughness properties.
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–

Bainitic ferrite dominated microstructures also exhibit rather low impact
toughness properties in contrast to their high strength in as-rolled condition.
Since bainitic ferrite can be considered as a microstructure similar to the conventional upper bainite or degenerated upper bainite. These kinds of
microstructures, at least when transforming from coarse grained austenite, are
known to result in rather unfavourable strength-toughness combinations. In
microstructural terms, the impact toughness properties has been interpreted as
follows. The rather coarse MA microconstituents can easily crack to form a
critical defect. The cleavage, once initiated, is not obstructed by low angle
grain boundaries, but only by high angle packet boundaries or the prior austenite boundaries. The crack easily grows to reach a critical flaw size, beyond
which the brittle fracture propagates in an unstable manner.

–

In heat-treated condition, it is possible to increase the yield strength without
significantly increasing the DBTT or T27J. This has been interpeted of severe
tempering of acicular MA microconstituents, which decompose into fine spherical cementite particles. Therefore, susceptibility of MA islands to cracking is
reduced, which is observed as an improvement in impact toughness.

–

CTOD toughness of CGHAZ at 23°C is not detectably affected by C, Mn or
Ni, but only slightly reduced by Cr. On the other hand, it is clearly reduced by
B, Mo and Nb. T27J and DBTT are increased by about 50°C by B addition.
While Mo and Nb have clearly detrimental effects, C, Cr and Ni have no effect
on transition temperatures. Mn is particularly beneficial.
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11 Future work
The present thesis has established the roles of alloying elements (C, Mn, Si, Cr, Ni,
Mo, Cu, Nb and B) on the austenite grain growth, static recrystallization and phase
transformation kinetics as well as on the microstructure-property relationships of
steels with LCB microstructures. However, there exist still unclear issues and
therefore, the future work should be focused on austenite conditioning and the subsequent cooling conditions. The following issues on the microstructure-property
relationship of LCB steels should be addressed:
–

Effect of austenite grain structure refinement in its recrystallization region

–

Effect of austenite grain structure deformation in the non-recrystallization
region

–

Effect of finish cooling temperature
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