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Abstract
From the largest discontinuities to the smallest of the elements, various factors can threaten
structural integrity. Susceptibility to these factors elevates with higher yield strengths. Asquenched low-carbon steels with a martensitic or martensitic-bainitic microstructure are modern
ultra-high-strength structural steels. They can possess sufficient toughness, formability, and
weldability, and are typically used in weight-critical and high-performance structures. Common
problems with as-quenched steels with a yield strength of 900 MPa or more are that they do not
obey the conventional correlation between the fracture toughness reference temperature T0 and
the impact toughness transition temperature T28J used in many standards and structural integrity
assessment procedures, and a lack of design rules in general.
This thesis studies the relationship between the T0 and T28J to provide additional knowledge
for future standardisation, the microstructural features governing the toughness at these
temperatures on both global and local scale, and whether hydrogen embrittlement is present at
subzero temperatures. It uses steels produced via laboratory rolling and quenching as well as from
pilot-scale and full-scale industrial production, studying them with standardised toughness tests,
microstructural characterisation, fractography, and cohesive zone modelling.
As-quenched steels have a distinct correlation between T0 and T28J. An improved general T0
– T28J correlation applies to a wide range of steels. T28J correlates closely with a dynamic
reference toughness, which can be used together with the fraction of detrimental {100} cleavage
planes near the main fracture plain to effectively estimate the transition temperatures. On a local
scale, centreline segregation decreases the effective coarse grain size, which more than
compensates for the harmful effects associated with the higher hardness and inclusion content of
the centreline, resulting in increased fracture toughness. Hydrogen embrittlement causes a
decrease in fracture toughness and local deformability, thereby increasing T0 while leaving T28J
unaffected. Overall, the results show that high toughness demands good control of effective coarse
grain size and hydrogen content.

Keywords: ductile-brittle transition, fracture toughness, grain size, hydrogen
embrittlement, impact toughness, martensite, microstructure, T0, T28J

Pallaspuro, Sakari, Karkaistujen matalahiilisten martensiittisten ja osittain
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Tiivistelmä
Tekijät suurimmista epäjatkuvuuskohdista aina pienimpään alkuaineeseen voivat uhata rakenteellista eheyttä, minkä lisäksi alttius näille kasvaa materiaalin myötölujuuden kasvaessa.
Modernit karkaistun tilan ultralujat matalahiiliset rakenneteräkset voivat silti omata riittävän sitkeyden, muovattavuuden ja hitsattavuuden. Tyypillisiä käyttökohteita näille ovat painon suhteen
kriittiset ja korkean suorituskyvyn rakenteet. Yleinen ongelma myötölujuudeltaan noin ja yli 900
MPa karkaistun tilan teräksillä on se, että ne eivät noudata perinteistä murtumissitkeyden referenssilämpötilan T0 ja iskusitkeyden transitiolämpötilan T28J välistä korrelaatiota, jota käytetään useissa standardeissa ja suunnitteluohjeissa, jotka eivät myöskään vielä salli näin lujien
terästen käyttöä.
Tämä väitöstyö tutkii transitiolämpötilojen T0 ja T28J välistä suhdetta edistääkseen näiden
terästen sisällyttämistä standardeihin, haurasmurtuma-sitkeyteen vaikuttavia mikrorakenteellisia
tekijöitä sekä yleisellä että paikallisella tasolla, ja vetyhaurautta matalissa lämpötiloissa. Koeteräkset ovat laboratoriovalmisteisia, tuotantokokeita ja tuotantolaatuja. Niitä tutkitaan standardisoiduilla sitkeyskokeilla, mikrorakenteen karakterisoinnilla, fraktografialla ja koheesiovyöhykettä hyödyntävällä mallinnuksella.
Tulokset osoittavat karkaistun tilan terästen omaavan erityisen korrelaation T0 ja T28J välillä. Muokattu, ultralujat teräkset huomioiva yleinen T0 – T28J -korrelaatio soveltuu laajalti eri
terästyypeille. T28J korreloi läheisesti dynaamisen referenssisitkeyden kanssa, jonka avulla
yhdessä haitallisten {100} lohkomurtumatasojen osuuden kanssa voidaan estimoida joukko transitiolämpötiloja. Paikallisella tasolla keskilinjasuotauma pienentää efektiivistä karkeiden rakeiden kokoa, mikä suotauman suurista sulkeumista ja kovuudesta huolimatta parantaa murtumissitkeyttä. Vetyhauraus taas huonontaa sitkeyttä ja paikallista muodonmuutoskykyä myös matalissa lämpötiloissa nostaen T0 lämpötiloja. Kokonaisuutena erinomainen transitiolämpötilasitkeys vaatii efektiivisen karkearaekoon ja vetypitoisuuden minimointia.

Asiasanat: iskusitkeys, martensiitti, mikrorakenne, murtumissitkeys, raekoko, sitkeähauras transitio, T0, T28J, vetyhauraus
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1

Introduction

1.1

Background

In today’s world of ever-growing need for improved efficiency and reduced carbon
dioxide (CO2) emissions, choice of material and its use are one key factor to
consider. Steel is the second most used structural material, after cement-based
concrete, with an annual global production of 1 620 million tonnes of crude steel
in 2016 [1]. CO2 is for the moment still an inevitable by-product of steel production,
as per every tonne of steel the CO2 emissions can be approximately 1.2 to 2.6 times
that [2,3]. On the future end of the spectrum, for example the Swedish industry has
stated that they are aiming for CO2-free steel production with demonstration plant
trials targeted for 2025–2035 [4].
Utilisation is another matter, however. To maximise the customer value and to
guarantee the safety, the requirements for design are constantly evolving and
becoming increasingly complicated. The traditional simplistic approach to
structural design and materials selection can consider just the strength of the
materials; based on the anticipated stresses in the structure, a material with adequate
strength and material thickness is chosen. A safety margin is implemented by
choosing a material with higher strength, ductility, and/or larger thickness.
Unfortunately, real life structures always contain flaws, which, in conjunction with
the growing need for thinner and more efficient structures, demand more advanced
dimensioning procedures.
Fracture toughness describes the material’s ability to resist fracture, and
fracture mechanics provides the tools to design against failure by quantifying the
critical combinations of the applied stress, flaw size, and toughness. Brittle fracture
is especially hazardous, as it often happens suddenly and unexpectedly. This thesis
uses fracture mechanics to study the microstructural and mechanical material
properties that influence the proneness to brittle fracture of a special class of ultrahigh strength structural steels.
Structural steels are the most extensively used category of steel. They have
standardised mechanical properties and chemical compositions, and can be used in
applications whose design is guided by standards and structural integrity
assessment procedures such as the European Eurocode 3 [5].
As-quenched low-carbon steels are a modern type of ultra-high-strength steels
(UHSS, yield strength σYS ≥ 900 MPa) intended for structural use. These steels are
19

typically produced via thermomechanical rolling and direct quenching to a
martensitic or martensitic-bainitic microstructure [6]. Produced with low carbon
contents and optimized process parameters, the direct-quenched (DQ) steels are
used in an untempered condition that still possesses a good combination of high
strength and sufficient toughness, weldability, and formability. Typical applications
are weight-critical and high-performance structures, like roof trusses, containers,
booms, and other structural members of equipment for transportation and mobile
lifting. They are a lower-cost alternative to conventional quenched and tempered
(Q&T) UHSS: the savings come from leaner alloying, the avoidance of reheating
before quenching, and the omission of additional tempering process after the
quenching. The pursuit to use these high-performance materials can be justified
with overall cost-effectiveness by maximising the load bearing capacity with
minimal self-weight, for instance considering the maximum weight limits for roadgoing vehicles in the EU [7].
However, Nevasmaa et al. [8] and Kaijalainen et al. [9] showed with DQ steels
that as-quenched ultra-high-strength DQ steels do not obey the conventional form
of the correlation between the fracture toughness reference temperature T0 [10] and
the 28 J Charpy-V impact toughness transition temperature T28J, which was
originally introduced by Wallin [11]. T0 is the temperature where the median
fracture toughness is 100 MPa√m for a 1-inch thick specimen. This correlation is
presently used in European standardisation [12] and in the structural integrity
assessment procedures of SINTAP [13] and FITNET [14]. The estimated T0 for DQ
steels are well on the non-conservative side [8,9], so research is needed to evaluate
their low-temperature toughness properties to assist their implementation in
updated future standards.
The Master Curve method (MC) [15], a special case of the local approach to
fracture [16,17], is the basis for the determination of T0 as per ASTM E1921 [10].
It combines a theoretical description of the scatter in the test data, a statistical size
effect considering the stress triaxiality and sampling of the weakest link in the
stressed area, and an empirically found temperature dependence of fracture
toughness, to describe the fracture toughness in the brittle failure region.
Common to Eurocode 3 [5,12,18] and ASTM E1921 [10] is that they do not
cover steels with yield strengths up to the regime of ultra-high-strength steels. In
addition to this, very few studies are made concerning the validity of the MC, its
temperature dependency [15], and of the conventional T0 – T28J correlation to
UHSS [8,9,19]. The latest addition to Eurocode 3, EN 1993-1-12 [12], covers steels
up to 700 MPa, and ASTM E1921 states that it is valid up to 825 MPa. A single
20

exception to these is the application-specific crane standard EN 13001-3-1 [20]
which permits the use of steels with yield strength up to 1300 MPa. The clear lack
of design rules limits the current structural application of UHSS.
To understand the applicability of UHSS better, one needs to take a deeper look
at their fracture mechanical behaviour. Chemical composition and microstructurebased T28J estimation still strongly relies on the pioneering work of Pickering and
Gladman [21] and Mintz et al. [22], who worked with ferritic-pearlitic steels. Like
the above description and estimation of fracture toughness, the UHSSs with their
microstructures differing from ferrite and pearlite still need to be studied in detail.
By studying the local features associated with brittle fracture initiation, one can
identify the weakest microstructural links, and hopefully then find processing
routes to eradicate, or at least, mitigate them.
Hydrogen has been known to reduce the ductility of steel for almost one and a
half centuries [23], but even now in 2018 it is still under hot debate about how it
actually does that [24]. The consequence of hydrogen embrittlement (HE) in the
presence of a sufficient hydrogen content is the degradation of the mechanical
properties of normally ductile/tough material, usually leading to a brittle failure by
a time-dependent and thermally activated process. Higher strength increases the
susceptibility to HE, and the level of degradation is dependent on the hydrogen
concentration, stress level, and microstructure.
Due to the nature of hydrogen embrittlement, the studies are strongly limited
to slow strain rates, tensile tests, and temperatures around room temperature. To the
best knowledge of the author, only one other study has afterwards addressed the
temperatures below zero degrees Celsius [25]. This leaves a research gap to be
filled – i.e. to what degree is hydrogen embrittlement present at sub-zero
temperatures, can it affect the toughness properties in standardised toughness tests,
and if it does, to what extent does it contribute to the T0 – T28J correlation.
1.2

Aims of the research

The motivation for this thesis lies in the anomalous T0 – T28J correlation, the lack
of standardisation for UHSS, and the insufficient knowledge regarding the
microstructural factors governing the toughness properties of these steels. The main
research questions are as follows:
–

Toughness correlation: What kind of T0 – T28J correlation applies for asquenched low-carbon UHSS and hardened welds?
21

–
–

–
–

Engineering application: How can DQ UHSSs be implemented into design
standards?
Description of impact toughness: What are the factors controlling ductilebrittle transition temperatures determined on the bulk level, and what are their
quantitative effects?
Description of fracture toughness: What are the local factors governing brittle
fracture initiation?
Low-temperature hydrogen embrittlement: Does it exist? Can it affect the
standard toughness properties at sub-zero temperatures?

To answer these questions, Papers I and II focus on the structural integrity
assessment and the T0 – T28J correlation. Paper I tests the applicability of current
correlations and deploys a best-fit approach to describe the correlation as a
material-specific property based on results from 39 low-carbon as-quenched
UHSSs.
Paper II discusses the usability of the Master Curve method focusing on novel
direct-quenched UHSS and the materials of Paper I. Emphasis is on the T0 – T28J
correlation and the temperature dependence. The paper proposes improvements to
the method and establishes a general T0 – T28J correlation covering ferritic steels
regardless of strength or quality.
Paper III investigates the quantitative effects of microstructure on the impact
toughness transition temperature with 18 UHSSs with varying martensite and
bainite contents. It proposes a new stress intensity parameter which, together with
a crystallographic parameter, correlates closely with T28J. The paper shows that a
model consisting of these two parameters can effectively estimate a range of
toughness transition temperatures.
Paper IV studies the local features that can cause the failure in a homogeneous
“clean” material and a heterogeneous “dirty” material. Both large grains and large
inclusions prove to be the dominant factors governing the fracture toughness.
Fractographic evidence shows that the effective coarse grain size established in
Paper III is able to describe the size of the brittle fracture initiators in both materials.
Paper V explores the effect of hydrogen on the fracture toughness and impact
toughness of UHSS at sub-zero temperatures in the ductile-brittle transition
temperature region. It uses tests with hydrogen-charged specimens, fractography,
kernel-average misorientation measurements and cohesive zone modelling to
analyse the results. It shows that hydrogen embrittlement is present at sub-zero
22

temperatures and that it causes an increase in the fracture toughness reference
temperature T0.
To best serve the aims of the thesis, I take the liberty to also include previously
unpublished work that complements the above papers.
The thesis divides into three topics: the T0 – T28J correlation, microstructural
properties, and hydrogen embrittlement. Section 2 contains the theoretical
foundations giving a brief insight into the state of the art. Section 3 describes the
materials and methods used to acquire the main results presented in Section 4. The
discussion joins the analysis within the three topics in Section 5. Section 6 presents
the overall conclusions, and Section 7 declares the novel features of the thesis.
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2

Theoretical foundation

2.1

As-quenched steels and their microstructure

Generally, in hot-rolling a thick cast steel slab is first reheated in a furnace to high
temperatures, typically over 1100 °C, to make the slab soft and deformable. Next,
the reheated slab is rough rolled to a smaller thickness and desired width while
keeping the slab in the temperatures above 1000 °C. After roughing the plate or
strip is hot-rolled to its final thickness in consecutive rolling passes. The final
passes are done preferably either at temperatures above the full-recrystallisation
temperature, where new austenite grains nucleate thus refining the grain size, or
below the recrystallisation-stop temperature, where the deformed austenite grains
stay elongated. The non-recrystallisation temperature (TNR) that falls between these
two temperatures is usually used in design over more appropriate recrystallisationstop temperature, because it is easier to define and more widely available in the
literature. After the final pass, the steel plate or strip is either left to cool in air or
actively cooled to achieve desired microstructures. [6]
Accelerated on-line cooling of the hot-rolled plates was first developed in
Japan in 1979 and it was adopted to production in Japan and Europe in the 1980s
[26]. In the case of high-strength ferritic-bainitic low-alloyed steels, the
combination of a thermomechanically controlled rolling process (TMCP) and fast
cooling improved strength, toughness, and weldability as a result of the fact that
carbon content and grain size could be reduced. Further increased cooling rates
facilitated direct quenching of steel strips to a martensitic or martensitic-bainitic
microstructure to produce ultra-high-strength steels [27,28].
For a given strength level, DQ steels differ from the Q&T steels produced on
plate mills in their microstructure and level of alloying. Furthermore, DQ steels can
be produced on both plate and strip mills, which allows further grain refinement
with shorter inter-pass times and flexibility with product sizes and thicknesses [6].
While both can have lath-martensitic microstructure, DQ steels can contain various
amounts of lower bainite, upper bainite and granular bainite too. With fully
martensitic microstructures, the steels differ in the carbide size and structure [29],
dislocation density which decreases with recrystallisation in reheating and recovery
in tempering [29,30], residual stresses formed in quenching and relieved in
tempering [31–33], and in possible differences in the hydrogen contents and
sensitivities to it [34–36].
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The lath-martensite in DQ steels is partially autotempered due to the low
carbon content and relatively high start temperature of martensite transformation.
In autotempering, carbon segregates to near dislocations and lath boundaries [37],
either forming very fine and homogeneously distributed transition carbides and
lath-like cementite (Fe3C) [29,30] or residing in the inter-lath residual austenite
film [38,39]. In Q&T steels, the carbides are enlarged, more spheroidal cementite
and alloy carbides [29,30].
In low-carbon steels (≤ 0.30 wt.% C), martensite forms from the parent
austenite in sufficiently rapid cooling by ideally diffusionless transformation. This
low-carbon martensite is susceptible to carbon diffusion during the rest of the
cooling resulting in an autotempered body-centred cubic (bcc) crystal structure
[29,37]. Figure 1 presents the structure of lath-martensite in its complex,
hierarchical, and heterogeneous nature. A prior austenite grain consists of packets,
blocks, sub-blocks and laths [40]. Between the laths, thin films of residual austenite
(γret) can be found [38,39] which can play an important role on the local
deformation capability of martensite [41]. On the other hand, Hutchinson et al. [33]
showed that local residual compressive stresses that form in the martensitic
transformation can explain the yielding behaviour of martensitic steel. The possible
“coarse laths” are the ones that have been formed earliest in the martensitic
transformation, which makes them more autotempered and therefore softer than
their surroundings [39,42].
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Fig. 1. The schematic structure of as-quenched lath martensite according to Morito et
al. [40] and Morsdorf et al. [39].

Considering Kurdjumov-Sachs (K-S) orientation relationships, there are 24
possible crystallographic variants between martensite and a parent austenite. These
group into four possible packets of distinct parallel {110}α planes that each have
six possible variants of distinct parallel directions. A packet can consist of three
distinct blocks (or Bain variants), which are further sub-divided into two sub-blocks
formed of laths. The smallest ferritic units, laths, can be considered as highly
dislocated bcc crystals that all have the same {111}γ habit plane in the parent
austenite grain. Laths and sub-blocks are separated by low-angle grain boundaries
that have a misorientation of less than 5° and around 10.5°, respectively. Block and
packet boundaries are high-angle boundaries with a misorientation of at least 15°.
[40,43]
If the cooling rate and/or the hardenability of the material is insufficient to
produce a virtually fully martensitic microstructure, several bainite morphologies
are the next to appear, forming above the temperatures of the martensitic
transformation. Going upwards on the temperature scale, the order of formation is:
lower bainite (LB), upper bainite (UB), and granular bainite (GB) [30].
LB consists of lath-like ferrite with cementite embedded inside the laths or in
contact with the lath boundaries. Characteristic to it, the cementite particles have
their long axis inclined at approximately 60° to the growth direction of the ferrite
laths [44]. UB has a lath-like morphology too, but the laths are elongated and
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ordered in packets. Carbon distributes along the lath boundaries forming elongated
cementite particles in UB. GB consists of coarse granular-like ferritic plates with
islands of retained austenite and some high-carbon martensite. A typical feature of
GB is the lack of carbides in the microstructure, whereas in microalloyed steels LB
and UB can contain fine alloy carbides also within the laths. The sub-grain structure
of GB is coarser than those of LB and UB [45,46], and in general, bainitic
morphologies formed at higher temperatures contain more low-angle boundaries
[47,48].
2.2

Ductile-brittle transition

An ideal pure material can fail by a complete necking of a stressed cross-section.
In engineering materials, plastic flow will be followed by ductile crack growth via
microvoid initiation, void growth, and coalescence of these microvoids. A void
forms typically at an inclusion or other second-phase particle, either by interface
decohesion or cracking of a particle. The void grows under sufficient plastic strain
and hydrostatic stress. When two or more voids are close enough to each other,
localising stresses and strains cause them to interact, which leads to necking
between the voids and their coalescence – causing the crack to grow. [49]
When the deformation capability of a ferritic steel decreases, usually by
lowering temperature, they experience a transition from ductile to brittle, where
brief plastic flow and ductile crack growth are eventually followed by an increasing
amount of brittle crack growth by cleavage. In the ductile-brittle transition region,
between the expectedly ductile upper shelf and the completely brittle lower shelf,
ductile and brittle mechanisms will alternate due to local cleavage crack arrests
where the crack driving force drops too low. The probability for brittle failure
increases as more material is sampled during the crack growth before the critically
sized microcrack is encountered that can cause a global failure. [49]
Cleavage occurs in bcc materials as a rapid transgranular crack propagation
along the crystallographic {100} planes that are the easiest to debond. In order to
initiate it, a local (microstructural) discontinuity ahead of the macroscopic crack tip
must provide sufficient stress concentration for the bond strength to be exceeded.
A simple method to assess the acuity of microstructural features is to treat them as
Griffith cracks, Eq. (1), where fracture stress σf is a function of the approximated
stress concentration factor c, the modulus of elasticity E, the effective surface
energy γeff, the diameter of the discontinuity d, and the Poisson’s ratio υ. For a
penny-shaped crack ahead of a macroscopic crack tip, which is a feasible
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approximation for many microstructural features that can be described with an
equivalent circle diameter (ECD), c = π.
[MPa] =

×

=

(1)

2.2.1 Impact toughness transition temperature T28J
The Charpy impact test is the most commonly used standard test method to measure
the toughness of the materials (ASTM E23 [50], EN 10045-1 [51] and ISO 148-1
[52]). In the test, a pendulum is dropped towards the specimen to break it. The
energy that the material absorbs in the test is calculated from the difference between
the start and end angles of the swing with the known striker mass and pendulum
arm length. The default specimen type has a V-notch and dimensions of 10×10×55
mm (Charpy-V impact test, CVN), but sub-sized specimens with reduced thickness
are also common.
Determinable factors from a single specimen are total impact energy, fracture
appearance and lateral expansion. Further instrumentalisation of the test equipment
allows the recording of the force signal as a function of time. Due to the inherent
scatter in the toughness results, the data collected from multiple specimens is
normally used to define toughness at a given temperature of interest or a certain
ductile-brittle transition temperature value. Such commonly used values are T50,
which is the halfway point in the transition curve, FATT50, which is the 50%
ductile/brittle fracture appearance transition temperature or T27J and T28J, which are
the temperatures on the transition curve that correspond to an energy level of 27 J
and 28 J, respectively. This thesis will use T28J, the French interpretation of the
American 20 ft-lb, but it is only the philosophy of the rounding that differs, since
all three transition temperatures are within 1 °C [19].
The benefits of T28J are that it lies on the less scattered lower shelf side of the
transition region, and as opposed to T50 or FATT50, it does not necessarily rely on
the determination of the full transition curve or the determination of subjective
fracture appearance, respectively. An energy level of 27–28 J is also low enough to
mostly omit the tearing resistance dependence of the sheared area. Furthermore,
T28J is important as it is chosen as the basis for the estimation of the fracture
toughness reference temperature T0 [10], and it is commonly used as the minimum
specified toughness for many steel grades.
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An established way to treat the scatter-ridden test data is to utilise a least-square
fit with a sigmoidal function. For CVN data, the most commonly used function is
the hyperbolic tangent function, originally introduced by Oldfield [53]. Eq. (2)
shows it in a simple form, where CV-US is the upper shelf energy, CV-MIN the
minimum lower shelf energy (usually 2–7 J), T the given temperature, T50 the
temperature at the middle point of the transition curve, and C the slope coefficient.
An alternative to hyperbolic tanh function is an exponential function with the form
of Eq. (3). If the material thickness is too thin for full-sized CVN specimens, Eq.
(4) yields an estimate of the full-size equivalent upper shelf energy CV10-US based
on the upper shelf energy CVB-US of the sub-sized specimens with a thickness of B,
where factor c is either 1.00 or 1.09 [19].
[J] =

× 1+
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+

×

[J] =

×
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=
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⁄
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.
.
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2.2.2 Fracture toughness and the reference temperature T0
In fracture mechanics, a single parameter (K, J, and CTOD) can characterise the
crack-tip conditions under small-scale yielding, that is when the plasticity is
confined to regions close to the crack tip when compared to the in-plane dimensions
of the cracked body. This criterion is approximately valid if the specimen still
maintains a high level of triaxiality, as in the case of edge-cracked specimen in
bending [49].
The stress intensity factor K describes the crack-tip conditions and the
toughness of a material under linear elastic conditions, i.e. when the material
deforms proportionally to the load before an eventual structural brittle failure. K
can be corrected for moderate crack-tip yielding, but eventually its validity will
break down. Elastic-plastic fracture mechanics (EPFM) applies to materials and
specimens that exhibit nonlinear behaviour. Under EPFM, the J-integral and CTOD
(crack-tip-opening displacement) describe the crack tip conditions and can be used
as fracture criteria. The J-integral can be regarded as both a stress intensity
parameter [54,55] and an energy parameter that is equivalent to the energy release
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rate in nonlinear elastic materials [56]. For further reading, Anderson [49] explains
the fundamentals of fracture mechanics.
This thesis considers fracture mechanics from the point of view of the
determination of quasi-static fracture toughness as KJc, elastic-plastic equivalent
stress intensity factor derived from the J-integral at the point of brittle fracture
initiation, according to the ASTM test standards E1820 [57] and E1921 [10]. In
these, the J-integral is calculated by dividing it to an elastic and a plastic part. The
elastic part is defined via the relation with K, and the plastic part is estimated from
the plastic area under the load-displacement curve. The focus is on the
determination of the fracture toughness reference temperature T0 (the test
temperature where the median KJc = 100 MPa√m for 1T sized (1 inch thick)
specimens) as per ASTM E1921 [10], which has its basis in the Master Curve
method [15].
Fig. 2 presents the principle of how the MC describes the fracture toughness in
the brittle fracture region. Briefly, the theoretical part is based on statistical
modelling of the cleavage fracture event and yields the fracture toughness as a
function of specimen thickness (B / B0, B0 = 25.4 mm) and median fracture
toughness KMED. For engineering purposes, this cumulative probability of failure
Pf has the form of Eq. (5), where KI is the stress intensity factor in Mode I (opening)
loading, KMIN is the minimum fracture toughness (here 20 MPa√m [10]), K0 is the
normalising fracture toughness corresponding to cumulative failure probability of
63.2%, and m = 4. Eq. (6) expresses the relation between the median fracture
toughness KMED and K0. KMIN is the lower limiting stress intensity factor, below
which the cleavage crack propagation is not expected in ferritic steels. The median
KJc enable the description of scatter. The weakest link nature of the cleavage
fracture initiation interlinks the scatter and the size-effect.
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Fig. 2. The principle of the Master Curve method after Ref. [15]. [Paper II, modified and
reprinted by permission of Elsevier]

=1−

−

×

√

= 0.912 ×

(5)
+

−

(6)

Eq. (7) expresses the approximate temperature dependency of the fracture
toughness K0 with a default c = 0.019. The dependency is empirical and bases on a
best fit of data with T0 = –109…+51 °C and σYS = 280…620 MPa. Also, ASTM
E1921 itself states that it covers ferritic steels only up to yield strength of 825 MPa.
Note that Eq. (7) is valid only within T0 ± 50 °C {ASTM E1921}, Fig. 2. For a
complete description of the Master Curve method, the reader can turn to Wallin
[19].
√

≈ 31 + 77 ×

×

−

(7)

2.2.3 T0 – T28J correlation
Compared to the cheap, fast, and easy to perform Charpy impact toughness testing,
standardised fracture toughness testing is expensive, time consuming, and more
difficult to interpret. Testing becomes even more difficult with irradiated specimens
from reactor pressure vessels and with the surveillance requirements for
commercial nuclear power plants. These have encouraged many researchers, Refs.
[11,58–62] for example, to attempt to correlate these together, often yielding
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material and case dependent solutions. This thesis focuses on the few T0 – T28J
correlations because they are the most relevant for the standardised use of UHSS
in load-bearing structures.
The most important differences between a fracture toughness test (FT) and the
Charpy-V impact toughness test in the brittle fracture region are the flaw geometry,
the event described in the tests, and loading rate. FT has a deep sharp crack, whereas
CVN has a shallow blunt notch. FT describes the fracture initiation, and the noninstrumentalised CVN contains both the initiation and propagation. Loading rate in
FT is here quasi-static whereas in CVN it is dynamic. Both higher loading rate
(CVN) and higher notch acuity (FT) decrease the toughness, but their combined
differences seem to mostly cancel each other out [19]. As a change in σYS affects
both parameters, the extent of the cancellation can be anomalous for UHSSs.
Marandet and Sanz were the first to relate the 100 MPa√m transition
temperature to T28J [60]. Wallin [11] included the effect of specimen thickness, but
the correlation was still strongly limited to nuclear pressure vessel steels. His
subsequently validated correlation, Eq. (8), is currently included in the Eurocode 3
[63] and in the structural integrity assessment procedures of SINTAP [13] and
FITNET [14].
.

[°C] =

− 18,

± 15°

(8)

However, steels with yield strengths of 900 MPa or more have not yet been
sufficiently validated for the basic MC [15], the T0 – T28J correlation of Eq. (8) [11],
or with regard to ASTM E1921 (σYS ≤ 825 MPa) [10]. More recently, Wallin [19]
developed an improved correlation, Eq. (9) that accounts for the effects of yield
strength σYS and CVN upper shelf energy. This correlation is based on data that
already includes some materials (~5%) that have a yield strength above 900 MPa.
Higher applied σYS emphasises the question of how much the T0 – T28J correlation
is affected by the yield strength and strain hardening exponent that relates to it.
According to Wallin [19], yield strength has a nearly linear effect, and the upper
shelf energy is significant mainly with low values below 100 J. CV-US is apparently
included into Eq. (9) because a very low upper shelf energy can over-suppress the
tanh fitted T28J.
.

[°C] ≈

− 87 +

+

,

± 18°

(9)
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2.3

Microstructural features governing the toughness properties

The critical factors that can determine the toughness properties in the transition
temperature region divide into three categories of discontinuities in the
microstructure: 1) small particles, like carbides and carbide clusters [64–67], 2)
larger inclusions and brittle second phase particles [68–74], and 3) grains
[9,21,22,46,75–88]. These have been used to explain and estimate toughness
properties, both interchangeably and often indirectly, and both at very low
temperatures, where toughness is controlled by crack nucleation, and at the DBTT,
where toughness is controlled by crack propagation [77]. The failure initiation is
often a complicated interaction between large grains and large particles [89–91].
Of all the factors, toughness is mainly correlated to grain size and often with
an inverse square root dependence [21,22,76,82,83,85,87]. Barr & Tipper [75]
showed first with the Liberty ships that the DBTT was elevated with increasing
ferrite grain size. Since then, various grain size definitions have been linked to
toughness: ferrite grain size in ferritic-pearlitic steels [21,22], and in bainitic and
martensitic steels the prior austenite grain size (PAG) [76,88], packet size [76,77,79]
and block size [82]. More generally, it is the size of the grains separated by highangle grain boundaries between the {100} planes that is important
[9,46,78,80,81,83–85,87,88], Fig. 3. This effective grain size in martensitic and
bainitic microstructures corresponds to blocks from different Bain variants
[82,86,92] with a grain boundary misorientation of at least 15° [43,48].
Because an industrial material never has an exact grain size but rather a
distribution of grain sizes, several definitions aim to provide a suitable description
considering strength and toughness: average effective grain size deff
[46,78,80,81,83], volume-weighted average grain size dv (for strength) [93], and
the size of the coarsest grains at various percentiles in the cumulative grain size
distribution – d80% [85,87] and d90% [9,94,95]. Lehto et al. [93] described the
strength of heterogeneous weld microstructures with a modified Hall-Petch
equation using dv, and it could be a viable option for toughness, too.
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Fig. 3. The crack path in a pre-cracked specimen tested at a sub-zero temperature
highlights the importance of the high-angle grain boundaries. The dark arrows show
these effective grain boundaries where the crack has arrested, and the light arrows
point to some of the boundaries where the crack has deflected. [Paper V, modified and
reprinted by permission of Elsevier]

Untempered martensite is historically considered unwanted as being too brittle for
structural use. However, modern low-carbon steels with as-quenched and partly
martensitic microstructures can possess similar or even better low-temperature
toughness properties than the conventional softer phases due to their finer effective
grain size and the autotempering that results from the low carbon content, which
leads to relatively high martensite start temperatures [37,46,80,81,87]. Successful
methods to improve the DBTT of as-quenched steels are increasing the bainite
content [9,46], refinement of the prior austenite grain structure [9,81,82], and these
two methods combined by lowering the finish rolling temperature (FRT) below TNR
[9,81,95]. Granular bainite seems to have a harmful effect on toughness due to its
coarse grain and sub-grain structures and M-A constituent islands [45,46]. Recent
studies on ferritic and bainitic pipeline steels highlight the importance of texture,
especially the fraction of deleterious {100} cleavage planes parallel to the fracture
plane [96–99].
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Many studies have been dedicated to deriving formulae to predict impact
toughness transition temperatures. Pickering and Gladman [21] linked T50 to the
inverse square root of the grain size of ferritic-pearlitic steels, and Mintz et al. [22]
complemented the predictive model by including the detrimental factors of grain
boundary carbides and elevated yield stress. Bhattacharjee et al. [78] incorporated
effective grain size to the modified Mintz type equation for ferritic steels, and
Gutiérrez [83] extended the equation to bainitic microstructures. Isasti et al. [85]
added the detrimental effects of M-A islands and grain size heterogeneity. Pillot
and Pacqueau [100] used an approach based on the Master Curve to define the CVN
transition curve with just the yield strength and a CVN value in the transition range.
These estimates show that, other factors being equal (except with Ref. [100]),
elevated σYS reduces toughness.
Excessive macrosegregation during the solidification generally leads to
impairment and anisotropy of mechanical properties due to local enrichment of
impurities and hardening elements. Solid state diffusion is too slow to enable the
homogenisation of macrosegregation in subsequent heat treatments, so the
segregation persists through the process route affecting the austenite
recrystallisation kinetics, grain growth, hardenability and the formation and growth
of carbides. Macrosegregation can be pronounced at the centreline of continuously
cast steel slabs, as it is the last to solidify and tends to contain detrimental larger Al,
Ca, Mn and Ti based non-metallic inclusions [70–73,101]. On the other hand, the
concentration of alloy elements can lead to the refinement of austenite grain size
via solid solution effects on recrystallisation and grain growth and/or microalloy
carbides and nitrides that can pin the grain boundaries [30]. The properties of the
centreline of the final steel plate and the centreline segregation are important for
toughness as up to 90% of the brittle failures originate in the middle third of the
material thickness [102].
Cracks formed on the fracture surfaces parallel to the rolling plane and normal
to the specimen crack plane are known as splitting (also delamination). Splitting is
most often present in impact toughness specimens of thermomechanically rolled
steels, associates sometimes to segregation and manifests local anisotropy of
toughness [103–105]. Splits introduce an internal size effect into the test specimens
making full-size specimens behave like joint sub-sized specimens by reducing the
plane strain constraint, which in turn increases the proportional amount of shear
lips.
Splitting can increase the absorbed energy in the DBTT region and so lower
the resulting transition temperature [97,103,105–107]. This is due to the higher
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fraction of shear lips that consume more energy than cleavage, and because splitting
increases the absorbed impact energy by creating additional surfaces perpendicular
to the main fracture plane [103,106]. Even though the new surfaces generated in
splitting consume slightly less energy per unit area than the original ligament area,
the generated splits toughen the material throughout the DBTT region [106]. On
the other hand, splitting reduces the upper shelf energy [107] since crack
propagation by ductile tearing absorbs about twice the energy of a fully shear
fracture [19].
2.4

Hydrogen embrittlement

The detrimental effect of HE on mechanical properties is clear, but from several
proposed mechanisms none have been fully accepted because experimental
observations are linked to different mechanisms. This controversiality is at least
partly due to the multitude of microstructural and environmental factors and
loading properties. The two most cited models for HE are the hydrogen enhanced
localised plasticity (HELP) and the hydrogen enhanced decohesion (HEDE) that
both regard the failure criteria as a critical combination of hydrogen concentration,
stress and strain, but differ in the details of the mechanisms. HELP is based on the
observations that H increases dislocation mobility and hence increases plastic
deformation ahead of the crack tip so that the fracture surfaces show localised
plasticity while the behaviour remains macroscopically brittle [108,109]. On the
other hand, HEDE is based on the hypothesis that H reduces the cohesive force
between the metal atoms and so eases the separation of grain boundaries or
cleavage planes [110]. Due to their nature, diffusible hydrogen is more relevant to
HELP, but with high trap densities, such as in the case of martensitic steels, trapped
hydrogen can become important with HEDE.
Hydrogen embrittlement is typically associated with intergranular fracture,
quasi-cleavage, and “flat” features that are all observed in lath-martensitic steels
[36,111–115]. Intergranular fracture propagates along prior austenite grain
boundaries and is considered as brittle [116]. Quasi-cleavage is often
misinterpreted as cleavage fracture or used to describe a combination of brittle and
ductile features. As opposed to {100} cleavage cracks, it involves a cleavage-like
crack initiating and propagating along {110} slip planes by the growth and
coalescence of shallow voids that form between or in slip bands [117]. Very fine
and highly deformed tear ridges separate the voids, often with lath-sized intervals
[113] that separate quasi-cleavage further from cleavage with relevant size-scale of
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a given effective grain size. Hydrogen-related local “flat” features follow PAG
boundaries [118] and consist of undulating surfaces covered with nanoscale
mounds with highly dislocated microstructure beneath the surfaces [113,114].
Similar features can also be transgranular and follow {110} slip planes [36]. Nagao
et al. [113] first stated that hydrogen-related crack growth is due to a hydrogenenhanced and plasticity-mediated decohesion mechanism. Most recently they
concluded [24] that this mechanism is a coupled HEDE–HELP induced failure
process, and that hydrogen-related intergranular cracking happens when
dislocation pile-ups impinge on PAG boundaries, and that quasi-cleavage happens
when the dislocation pile-ups impinge on block boundaries. The kernel average
misorientation (KAM) method can qualitatively measure HE related deformation
on and under the fracture surfaces [119,120], and could be a viable tool to
distinguish the crack growth mechanisms. It does this by providing information
about the local variations in lattice orientation, i.e. local plastic deformation.
The susceptibility to HE increases with increasing yield strength, hardness, and
hydrostatic stress levels [112,121–125]. High hydrostatic tensile stress levels,
residual stresses included, translate to larger lattice expansion and faster hydrogen
diffusion into the stressed areas. “Cold cracking” can occur even without applied
external stresses [34]. Local hydrogen concentration is the crucial factor, but how
it forms also depends on diffusivity of hydrogen (regarding both absorption and
desorption as a function of exposure history) and its solubility, which in turn are
affected by the environmental factors, temperature, crystal structure, hydrogen
trapping, and their history. Traps are local discontinuities of varying strength that
can hold the hydrogen in place. Traps can be vacancies, dislocations, cavities, and
various interfaces. Generally, only diffusible hydrogen is considered effective, but
with very high trap density, trapped hydrogen should promote HEDE mechanism.
As-quenched steels naturally combine both aspects of high stress levels and high
trap density with dislocations, carbides, grain, and sub-grain boundaries.
The microstructural factors translate to hydrogen diffusivity, the effective
diffusion coefficient, which follows a temperature dependent Arrhenius equation.
A problem arises with respect to both diffusivity and HE in that HE measurements
are lacking for temperatures below room temperature: only one study considers
sub-zero temperatures [25] while others lower bound to the subsea-relevant
temperature of +4 °C [122]. The reported experiments are mostly limited to
relatively slow strain-rates. Wang et al. [112] found the degradation of the notch
tensile strength of tempered martensite as a function of diffusible hydrogen to
follow a power-law type of behaviour. Tvrdy et al. [123] reported the static
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threshold toughness of UHSS to drop from 80 to around 20 MPa√m in an 0.5M
NaCl solution. Based on the 20% loss of total elongation, a linear relationship
between tensile strength and critical hydrogen content was found for as-quenched
and quenched and tempered steels in Refs. [124,125].
A promising method to simulate HE from a HEDE point of view is a hydrogeninformed three-step procedure including a cohesive zone modelling (CZM) step
[126,127]. The three-step HE modelling procedure is an interesting option for
studying the brittle fracture region with hydrogen and for interpreting and widening
the predictions based on experiments. CZM provides a phenomenological
representation of the fracture process with interfacial separation between the
inserted cohesive elements on the anticipated crack path between the solid elements.
A traction-separation law (TSL) describes the behaviour of the cohesive elements
based on the calibration according to the experimental results. It is characterised by
the cohesive strength (σc), the cohesive separation (δc) and the area below σ – δ
curve that is the cohesive energy. The reader is referred to Ref. [128] for more
details regarding CZM. The effects of HE on the mechanical response of the model
can be incorporated into the CZM by using a fundamental hydrogen degradation
law (HDL), which defines the decrease of σc as a function of the lattice hydrogen
concentration. Yu et al. [129] recently calibrated a CZM-based uniform HDL to an
engineering size scale from notched tensile tests with quenched and tempered AISI
4135 steel with microstructure relevant to this thesis. They observed excellent
agreement between the simulations and test results with their HDL, which is
applicable to all the specimen geometries thanks to successful normalisation.
Furthermore, their HDL omits the questionable transferability to engineering
components of a previously favoured HDL of Ref. [130], which is based on first
principle simulation results.
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3

Experiments and modelling

3.1

Materials

In total, this thesis consists of 68 different ultra-high-strength steels comprising
laboratory cast, rolled and quenched materials, and steels from pilot-scale directquenching and normal production. Of the as-quenched (untempered) materials, 42
are direct-quenched (DQ) and 13 reheated and quenched (RQ). The microstructures
are either martensitic or martensitic-bainitic. The martensite is mainly
autotempered lath martensite and the bainitic constituents are lower or upper bainite.
In addition, I present here 13 quenched and tempered steels (Q&T): 8 made by lowtemperature tempering between ≤ 500 °C (LTT) and 5 by high-temperature
tempering > 500 °C (HTT). Fig. 4 shows examples of some of these microstructures.
Paper I investigates the T0 – T28J correlation of 39 different as-quenched S900,
S960 and S1100 grade steels. Paper II utilises this data set and adds it to the preexisting data set of Wallin [19], which includes a wider range of structural and
nuclear pressure vessel steels and steel welds, effectively covering the steel grades
from S275 to S1100. I take the 17 direct-quenched plus one reheated and quenched
steel, originally produced for Kaijalainen et al. [9,131], to study the effects of
microstructure on T28J on a global scale in Paper III. Paper IV investigates the local
properties affecting the T28J and T0 with two laboratory hot-rolled martensitic steels.
Paper V explores the low-temperature hydrogen embrittlement with S960QL heattreated to as-quenched martensitic and martensitic-bainitic conditions, and I
include a Q&T condition in this thesis. Table 2 presents the chemical composition
range of these low-carbon low-alloy steels used in Paper I, and the compositions
used in Papers III (A, B, C and S960), IV and V (S960QL).
Table 2. The nominal chemical alloying composition range of the study materials (wt.%,
Papers I, III, IV & V).
C

Si

Mn

Cr

Ni

Mo

Ti

Nb

B

0.07

0.18

0.7

0.5

–

–

–

–

0

0.001 0.000

Maximum

0.15

0.30

1.8

1.2

4.1

0.50

0.03

0.04

0.003

0.011 0.005

A

0.07

0.2

1.4

1.0

–

0.02

0.02

0.04

0.001

0.009 0.001

B

0.08

0.2

1.8

1.0

–

0.01

0.02

0.04

0.002

0.011 0.000

Minimum

P

S

C

0.09

0.2

1.1

1.1

–

0.15

0.02

0.04

0.001

0.009 0.001

S960

0.09

0.2

1.1

1.2

–

0.01

0.03

–

0.002

0.007 0.002

IV

0.13

0.2

1.1

0.7

–

0.16

0.03

–

0.002

0.007 0.002

S960QL

0.15

0.3

1.2

0.5

0.4

0.50

0.02

–

–

–

–
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Fig. 4. The many faces of cementite: a) As-quenched autotempered lath-martensite, b)
mixed martensitic-bainitic microstructure, and c) quenched and tempered martensite.
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The full-scale direct-quenched steels of Paper III were produced by
thermomechanically controlled rolling and direct quenching (TMCP-DQ) varying
both the finish rolling temperatures (FRT) and RTOT, the total rolling reduction of
the prior austenite grains (PAG) below the non-recrystallisation temperature TNR.
FRT was varied between 950 and 800 °C, covering the temperature regions both
above and below TNR, and RTOT between 23% and 79%. After the final passes, these
steels were direct-quenched to room temperature at a rate of 50–70 °C/s. Together
with the differences in the alloying contents, these ranges of processing parameters
led to a wide range of microstructures and effective coarse grain sizes. The resulting
martensite contents vary between 5% and 100% with the remaining consisting of
different bainite morphologies (lower, upper, and/or granular bainite).
I used a 1 MN Carl Wezel laboratory rolling mill to produce hot-rolled reheated
and quenched plates and a direct-quenched plate from the top and middle third of
an experimental continuously cast slab and laboratory-cast ingots (Papers I, II and
IV). Before the rolling, I reheated the blooms, sized to 62.5×80×270 mm, at
1050 °C for two hours to homogenise the microstructure. Annealing temperatures
above 1100 °C caused abnormal grain growth and were hence avoided. Typical hotrolling included four passes above TNR and a total rolling reduction strain of 0.44
below it, resulting in a final thickness of 12 mm. Directly after the final pass at
850–920 °C, I quenched the plates in water with an average cooling rate of 90 °C/s,
measured from the middle of the bloom with a thermocouple inserted into a hole
drilled prior the rolling. Most of the plates went through an additional
reaustenitisation at 850–900 °C and final water-quenching to room temperature to
produce a fine, equiaxed prior austenite grain structure with a through-hardened
martensitic microstructure.
The materials of Paper IV were taken from different thickness-wise sections of
a width-wise central block from a continuously cast slab. This enables the
separation of the central equiaxed cast structure that showed centreline segregation
and was rich in inclusions (material “CL”) from the cleaner, more homogeneous
columnar cast structure top section (material “MM”). These different sections were
treated as described above.
For Paper V, I dehydrogenisation annealed S960QL plates at 600 °C for four
hours before heating to the austenitisation temperature of 900 °C for a 45-minute
hold. After the austenitisation, quenching in water to room temperature produced
autotempered lath-martensitic ATM. Interrupting quenching with a 10-second hold
in air at 500 °C yielded the material denoted as AB with a martensitic – upper
bainitic microstructure. Normal reheating, quenching, and tempering at 650 °C
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produced the material denoted QL, which comprised tempered martensite. Passive
cathodic protection hydrogen-charged the specimens to higher hydrogen contents
than the initial dehydrogenized condition in an electrolyte resembling sea water for
94 hours before the tests. The potential of the system was approximately -1050 mV
as measured against a standard Ag/Ag+ reference electrode.
3.2

Methods

3.2.1 Mechanical testing
Impact toughness and fracture toughness tests were used to evaluate the materials
focusing on the behaviour in the ductile-brittle transition temperature region, and
to determine the impact toughness transition temperature T28J and the fracture
toughness reference temperature T0. In addition, room-temperature tensile testing
(EN 10002-1 [132] and EN ISO 6892-1 [133]) was used to measure the basic
properties and to ensure the quality of the materials with 6–12.5 mm thick
rectangular specimens cut with their tensile axes in the longitudinal (i.e. rolling)
direction and the transverse direction. Eq. (10) of Ref. [14] estimates the yield
strength at lower temperatures with temperature T expressed in Kelvins.
[MPa] =

+

.

×

− 189

(10)

Charpy-V notch (CVN) impact testing was used according to the standards EN
10045-1 [51] and EN ISO 148-1 [52] to determine the impact toughness transition
temperature T28J and upper shelf energy CV-US of the 68 materials fitted with either
Eq. (2) or (3). The most common temperature range used is +20 – -60 °C, but in
some more brittle or ductile cases, the extended range spans from +40 °C down to
-140 °C. Specimens were typically full-sized 55×10×10 mm, but also sub-sized
specimens were used with thicknesses from 3 mm upwards. The sub-size values of
35 J/cm2 transition temperature and CV-US were converted to their full-size
equivalents by the procedure of Ref. [19] and the equation in its conservative form
given in Ref. [19], respectively. The estimated scatter of both T28J and T50 is 10 °C
in this thesis [19].
Fracture toughness testing and the determination of the fracture toughness
reference temperature T0 were done on 55 materials according to the standard
ASTM E1921 [10] using three-point bending test and mostly 10 mm thick SENB
specimens with an a/W ratio of 0.5. Some specimens had 10% side grooves, and
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some were thinner than 10 mm, the thinnest being 4 mm. Testing focused on the
temperatures between -20 and -60 °C, but results were obtained from +5 to -100 °C.
A constant displacement rate of 8.3E-3 mm/s has been used in the tests. This thesis
presents the fracture toughness results as thickness-corrected to the estimated
toughness of 1-inch thick specimens to determine the T0, but also for the
convenience of the reader and future comparability of the results.
Toughness testing was performed using both longitudinal-transverse (L–T) and
transverse-longitudinal (T–L) specimens, Fig. 5. L–T specimens have their long
side parallel to the longitudinal (rolling) direction, and the notch is in the
transverse–normal (thickness) plane pointing in the transverse direction. T–L
specimens have their long side parallel to the transverse direction and the notch is
in the longitudinal–normal plane pointing in the longitudinal direction [134], Fig.
5. In five exceptions, only L–T data is available.

Fig. 5. Specimen and crack plane orientation for rectangular sections after Ref. [134].

3.2.2 Characterisation and statistical analyses
Several characterisation techniques are used in this research work to measure the
chemical components, study the microstructures, and investigate the fracture
surfaces. This thesis provides a brief explanation and advises the reader to turn to
corresponding papers for further details. Paper I and II utilise previously available
information about the compositions and microstructures of these steels concerned.
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In Paper III, we characterise the prior austenite grain size, microstructure, and
texture with a scanning electron microscope (SEM) and electron backscatter
diffraction (EBSD) data acquisition and post-processing. Paper IV goes further and
includes elemental analyses, inclusion mapping, and fractography. Fractography
and kernel average misorientation (KAM) measurements of local deformation
under the cleavage fracture initiation sites are the main characterisation techniques
in Paper V.
Fractography starts with visual inspection of the fracture surfaces of SENB and
CVN specimens. The areas containing the main initiation are sites identified with
a light optical stereo microscope, and the river patterns that can be seen with higher
magnifications with a SEM lead to the point of primary cleavage fracture initiation.
Cutting metallographic sections in the thickness direction reveals the
microstructure under these sites and enables the KAM measurement of the plastic
deformation from selected specimen to reveal the effects of hydrogen.
We measured the bulk chemical compositions by optical emission
spectrometry (OES) and with combustion analysis of the elements H, C, N, O and
S. Large-scale through-thickness contents were determined from RD-TD sections
extracted from different thicknesses using an OES with a 2 mm spot size (also for
C and S). Electron probe microanalyser (EPMA) line measurements with a
wavelength dispersive detector and a 10 μm spot size provided us with local
compositions over the thickness-wise central area.
Optical laser and stereo microscopes were the main tools to study the prior
austenite grain structure and first observations of the fracture surfaces, respectively.
We used SEM to study textures and fracture surfaces, as well as microstructures
classified according to Ref. [135]. EBSD measurements from the mid-thickness
provided the grain size and textural data and the energy-dispersive spectrometer
(EDS) the composition of the inclusions found on the fracture surfaces. I
determined all the grain size parameters as equivalent circle diameters (ECD) of
the grains with high-angle boundaries (> 15°). The average effective grain size of
the population is deff (> 0.3 or 0.4 μm), and the sizes of the coarsest grains d80% and
d90% correspond respectively to the effective grain size at 80% and 90% in the
cumulative size distribution, and the volume-weighted average grain size dv is
calculated according to Lehto et al. [93].
In addition, I measured through-thickness macroscopic hardness, carbide size,
and used XRD measurements of the microstructure and possible residual austenite.
The hardness of martensite (HVM), calculated according to Blondeau et al. [136],
Eq. (11), where VR is the cooling rate, yields accurate estimates (Paper IV).
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Inclusions were mapped by a third party from the cross-sections with an EDS and
using a recognition threshold of 5 wt.% and if detected, iron was removed from the
results. Inclusions classify into relevant categories according to their main
component compounds and sizes. All the sizes of different measures are expressed
as ECD values.
[HV] = 127 + 949 + 27

+ 11

+8

+ 16

+ 21

(11)

Basic statistical methods help to construct and validate the models proposed in this
thesis, and to ensure the significance of the differences between the results.
Bivariate analysis was used to tell whether the individual factors correlate with each
other, and multiple linear regression analysis was used to build effective models.
The two-sample t-test was used to measure the significance of the difference
between two means. The Mann-Whitney 2-sample rank test [137] enables the
comparison of the likeness of large data sets with non-normal distributions. The
test is a non-parametric alternative to the 2-sample t-test of normal distributions
which tells whether one distribution tend to be stochastically greater than the other.
The null hypothesis indicates equality by default.
3.2.3 Modelling of hydrogen embrittlement
We used the hydrogen-informed three-step procedure including cohesive zone
modelling (CZM) [126,138] to simulate hydrogen embrittlement at -20 °C in an asquenched martensitic microstructure. The procedure consists of:
1.

2.
3.

Elastic-plastic finite element (FE) simulation. The specimen is loaded
following the loading history of the experiments to get detailed information of
the stress field.
Stress-driven hydrogen diffusion analysis. The hydrogen profile is obtained by
taking into account the hydrostatic stress gradient given in the first step.
Elastic-plastic FE analysis with the added user-defined cohesive elements
inserted over the mid-section. The cohesive strength is updated based on the
uniform hydrogen degradation law (HDL) and according to the local hydrogen
concentration information from the previous step.

To carry out these steps in ABAQUS, one needs to know a few basic things; the
rate at which the hydrogen moves in the lattice, the behaviour of the cohesive
elements, and their response to hydrogen. An average value of the effective
diffusion coefficient Deff = 2.3×10-11 m2/s from Refs. [34,122,139–142] presents
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the room temperature mobility of hydrogen for low- and medium-carbon asquenched microstructures. I used an Arrhenius-type equation of Eq. (12), where R
is the gas constant, fitted to the trend for martensitic steels reported in [143], to
extrapolate this value to lower temperatures yielding Deff = 5.9×10-12 m2/s at -20 °C
for the as-quenched martensite (material ATM).
[

×

] = 8 × 10

(12)

A modified Fick’s law [144], Eq. (13), determines the local lattice hydrogen
concentration (CL), where diffusivity is described with Deff, VH is the partial molar
volume of hydrogen in bcc ferrite, 2.1×10-6 m3/mol, TZ the absolute zero
temperature, and σh the local hydrostatic stress component. The initial step assigns
the measured hydrogen content as the initial hydrogen concentration CI to every
node in the model. Assuming that there is no significant hydrogen leak-out to the
sub-zero alcohol surrounding the specimen during the test, the boundary conditions
are insulated.
=

∇

+

∇

∇

+

∇

(13)

The polynomial traction-separation law (TSL) [145] describes the elastic behaviour
of the cohesive elements. To overcome the common convergence problems at the
point of instability in CZM, we incorporate a viscosity-like term [146] into the
constitutive behaviour of the cohesive elements and express the viscosity regulated
cohesive stress σv by Eq. (14), where the calibrated values are the critical cohesive
stress σc = 5600 MPa (2 × the ½σc given in Paper V), the critical cohesive separation
δc = 0.014 mm and the viscosity parameter ζ = 1×10-3. The strength of the cohesive
elements as a function of lattice hydrogen is described by Eq. (15), a CZM-based
uniform HDL calibrated by Yu et al. [129], where σc,H=0 is the hydrogen-free critical
cohesive stress.
[MPa] =

,
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1−
= 0.421

.

+
∙

+ 0.579

,

<

(14)
(15)
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Results

4.1

T0 – T28J correlation of as-quenched steels

Table 3 presents the broad range of characteristic mechanical properties acquired
in the experiments. Only in one low-temperature tempered (LTT, L–T orientation)
and two direct-quenched (T–L) steels is the fracture toughness reference
temperature T0 above zero. The average transition temperatures are around the
temperatures commonly used to specify minimum toughness levels for many steel
grades. LTT are mostly on par with or inferior to the mean of the as-quenched
materials (DQ & RQ). The high-temperature tempered (HTT) materials have
consistently low transition temperatures and higher upper shelf toughness. For the
as-quenched steels, T0 is persistently higher than the impact toughness transition
temperature T28J, on average 28 °C. Tempering at low temperatures, from 200 to
500 °C, widens the gap between the transition temperatures, and only hightemperature tempering > 500 °C can turn the difference to a conventional level (T0
– T28J ≤ -3 °C) obeying the T0-Est.1.
Table 3. Mechanical properties of the 55 steels expressed as mean [minimum, maximum]
(DQ = direct-quenched, RQ = reheated and quenched, LTT = low-temperature tempered,
HTT = high-temperature tempered).
Material

T28J [°C]

T0 [°C]

T0 – T28J [°C]

σYS [MPa]

CV10-US [J]

-60 [-175,0]

-35 [-132,21]

25 [-33,67]

1016 [670,1271]

154 [48,600]1

DQ

-67 [-175,0]

-37 [-132,21]

29 [9,67]

1043 [893,1250]

162 [48,600]1

RQ

-43 [-60,-25]

-20 [-44,-1]

23 [-13,39]

986 [950,1032]

135 [63,203]

LTT

-44 [-81,-22]

-9 [-39,21]

34 [15,63]

1068 [880,1271]

135 [79,170]

HTT

-81 [-106,-68]

-93 [-111,-63]

-12 [-33,8]

838 [670,999]

176 [102,250]

All

1

Max. 300 J linearly proportional to area.

Neither the T0-Est.1, Eq. (8) nor the T0-Est.2, Eq. (9) are capable of describing the T0
values for these as-quenched materials. More importantly, both yield estimates that
are on the non-conservative side. Only one exception falls within the confidence
limits of T0-Est.1 (Fig. 6 a), a reheated and quenched steel possessing pronounced
splitting behaviour and tested in T–L orientation, and less than half are within the
limits of the T0-Est.2. The addition of yield strength and upper shelf energy to T0-Est.2
brings the average slope closer to that of the as-quenched data set. However, it is
apparent from Fig. 6 a) that there is a distinct linear trend between the measured
transition temperatures T0 and T28J for as-quenched low-carbon steels.
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Since these correlations overestimate the level of T0 of low-carbon asquenched ultra-high-strength steels, the data needs further regression analysis. The
first suitable estimate has the form of Eq. (16) (Fig. 6 b), which fits the T0/T28J slope
and the overall level between the transition temperatures. The resulting adjusted
coefficient of determination R2adj. of 0.83 and the root-mean-square error (RMSE)
of 11 °C are acceptable when compared to T0-Est.1 (R2adj. = 0.00, RMSE = 48 °C)
and T0-Est.2 (R2adj. = 0.21, RMSE = 24 °C). Further additions of yield strength and/or
upper shelf energy do not change the model in a significant manner for as-quenched
materials, improving R2adj. by only 0.001 and RMSE by up to 0.2. T28J is the only
predictor that holds its individual significance in a t-test (p = 0.000, 95% confidence
limits [0.7, 0.9]). Yield strength has a confidence interval [0.00, 0.08] and p = 0.083
at best, and the confidence interval for upper shelf energy is [-0.05, 0.10] and p =
0.163. Thus, the addition of yield strength and/or upper shelf energy is questionable
(at α = 0.05), as they produced more outliers and did not improve the estimates of
T0 within this data set.
.

[°C] ≈ 0.8 ×

+ 14,

± 11°

(16)

The non-parametric Mann-Whitney 2-sample rank test [137] validates the T0-Est.3
as a material property of as-quenched low-carbon steels. The null hypothesis of
equal populations is rejected with T0-Est.1 and T0-Est.2 (p = 0.000), but the T0-Est.3 has
highly significant p = 0.660 indicating that it produces equal estimates of the
measured T0 values. Thus, the T0-Est.3, Eq. (16) is valid material-specific fit for
untempered martensitic and martensitic-bainitic low-carbon steels.
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Fig. 6. Applicability of Eq. [8] to the as-quenched (RQ, DQ), low-temperature tempered
(LTT), and high-temperature tempered (HTT) UHSS microstructures, b) the T0 – T28J
correlation of as-quenched steels. [Paper I, modified and reprinted by permission of
Elsevier]

Even though the additions of yield strength and/or upper shelf energy do not
improve the T0 estimate within the data set of Paper I and this thesis, their effects
need to be evaluated further. Fig. 7 shows their relationships with T0 – T28J. DQ,
RQ and LTT follow the same trend of as-quenched microstructures in Fig. 7 a)
which has an effect within the yield strength span of 391 MPa of a similar
magnitude as in T0-Est.2. The few ultra-high-strength HTT samples have more
conservative T0 – T28J. Fig. 7 b) further demonstrates the differences between the
HTT and the rest than any uniform trend between CV-US and T0 – T28J. However,
what is visible is that the lower the CV-US, the higher the possible difference between
the transition temperatures. This can also be due to fitting of the CVN data, where
low applied CV-US, either actual or due to insufficient information of the fraction of
ductile fracture, can press the resulting T28J lower than what it would be with the
same data at the DBTT but high CV-US. With respect to the four exceptionally high
CV-US, the use of Eq. (4) should be reassessed considering thin but very tough
specimens.
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Fig. 7. The elusive relationships between T0 – T28J and a) yield strength, b) upper shelf
energy.

Moving towards a general engineering application for a wider range of steels, Paper
II combines 181 different sets of SENB tested data from Paper I, this thesis and
Ref. [19]. Through a new three-dimensional regression analysis T0-Est.2 updates to
a form of T0-Est.4, Eq. (17). It is evident that the previous T0-Est.2 underestimates the
effect of yield strength and overestimates the effect of upper shelf toughness on the
correlation. That is, the coefficient of yield strength increases slightly, and the effect
of upper shelf energy almost disappears, apart from the toughest of steels for which
the term can have a stronger effect. Fig. 8 shows the applicability of the improved
T0 – T28J correlation of T0-Est.4 for steels from S275 to S1300. It applies also to
compact tension (CT, not shown here) specimen with an elevated constant of -79 °C
to account for the 10 °C bias between the SENB and CT specimen [10,19].
.
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[° ] ≈

− 89 +

−

,

± 18°

(17)

Fig. 8. Improved T0 – T28J correlation of Eq. (17) applied over the whole yield strength
range of structural steels. [Paper II, modified and reprinted by permission of Elsevier]

4.2

Microstructural factors governing the transition temperature
toughness

The impact toughness transition temperature T28J ranges from -9 to -126 °C with
the materials studied in Paper III. Martensite content has an apparent impairing
effect on T28J that improves almost linearly with decreasing martensite content.
Increasing fraction of bainite phase constituents and decreasing grain size are
associated with lower finish rolling temperatures and higher levels of austenite
pancaking, respectively. Exceptions to this trend are the materials with low FRT,
where the formation of more than 10% of granular bainite (GB) causes the grain
size to abruptly increase, thus impairing both toughness and strength. The steel C
(C880 and C840, the number indicates the given FRT) has both the best toughness
and the best combination of toughness and strength, i.e. the highest absolute value
of σYS × T28J. The coarse-grained reheated and quenched S960 and the S960
variants with FRT above TNR have the worst toughness. The two test specimen
orientations, L–T and T–L, follow each other closely (T28J R2 = 0.92, T50 R2 = 0.87)
with the values are on average 4 °C (T28J) and 6 °C (T50) higher for the T–L
orientation. On average, there are no significant differences in yield strength
between the longitudinal and transverse directions either, which allows us to
combine the L–T and T–L data sets for further analyses.
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From the different grain size measures, the reciprocal square root of the
effective grain size corresponding to 80% in the cumulative probability distribution
(d80%) has the biggest influence on T28J. However, d90% and volume-weighted
average grain size dv have explanatory power close to that of d80%. Yield strength
and impact toughness transition temperatures show no direct, although the yield
strength span of 326 MPa is rather limited in Paper III. Fig. 9 a) shows a bigger
picture of T28J versus σYS with the UHSS materials of this thesis (σYS range 422
MPa), mainly the increasing difficulty to achieve T28J below about -120 °C in lowcarbon as-quenched steels. In general, the parameters that correlate with the
transition temperatures do not correlate with room temperature yield strength.
Bivariate analysis shows that a stress intensity parameter σd,ref√(πd80%) (Fig. 9 b),
coarse grain size (Fig. 10 a), and the area fraction of {100} cleavage planes close
to the macroscopic crack plane (Fig. 10 b) are the best physical parameters to
describe T28J. I define the first parameter as the dynamic reference toughness (KId,ref)
given in Eq. (18), where room temperature yield strength is elevated with cσYS to
correspond to the dynamic yield strength (σd,ref) at the strain rate of 103 s-1, which
is appropriate to a Charpy impact test, and crack length described with the effective
coarse grain size, decgs, which for now includes d80%, d90% and dv as potential
descriptors. For σYS ≥ 900 MPa and A820 (σYS = 879 in L and 849 in T orientation),
we use a coefficient cσYS of 1.2 according to the Ref. [147]. For milder strength
steels, the cσYS rises so that for S275 it is close to 2.
,

√

=

=

√

,

×

(18)

Based on the results of linear regression analysis, the dynamic reference toughness
and the fraction of {100} cleavage planes within 15° of the macroscopic crack
plane combine to form a model to describe the impact toughness transition
temperatures (TT). This form of Eq. (19) is statistically most robust and can be used
to estimate at least T27J, T28J and T50. The first term, KId,ref, is a failure initiation
term linked to a propagation of a local Griffith crack, and the second term is
associated with crack propagation and the size of the continuous cleavage fracture.
Eq. (19) becomes Eq. (20) for T28J (R2 = 0.83, RMSE 14 °C) and Eq. (21) for T50
(R2 = 0.79, RMSE 12 °C) using d80% as decgs and with the outlier B920 excluded
from the fitting. Fig. 11 presents the accurateness of fit of Eqs. (20) and (21).
[° ] =
[° ] = 55 ×
54

×
,

× % 100 +

(19)

+ 3 × % 100 − 365, σ = ±14 °C

(20)

,

+

[° ] = 42 ×

,

+ 2 × % 100 − 283, σ = ±12 °C

(21)

Fig. 9. a) Lack of direct correlation between yield strength (σYS) and impact toughness
transition temperature T28J with σYS = 849…1250 MPa, and b) the effect of KId,ref
calculated using the effective coarse grain size d80%. [Paper III, modified and reprinted
by permission of Elsevier]

Fig. 10. The effect of a) inverse square root of the effective coarse grain size and b) the
area fraction of {100} planes in the notch plane on the impact toughness transition
temperature T28J. [Paper III, modified and reprinted by permission of Elsevier]
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Fig. 11. Estimated and experimental transition temperature values of a) T28J, – Eq. (20), and
b) T50 – Eq. (21). The open circles show the outlier B920 and the dashed lines the 95%
confidence limits. [Paper III, modified and reprinted by permission of Elsevier]

The results of Paper IV provide further insight into how the local microstructural
features affect the toughness properties. The blooms, which are cut from the
centreline (material CL) and off-centreline (material MM) positions from a single
continuously cast slab, have no significant differences in T28J, defined using the
exponential fitting of Eq. (3), nor in the tensile properties. For both materials, T28J
is on a level of -50 °C for the L-T orientation and around -35 °C for the T–L
orientation. The upper shelf toughness (CV-US) is better in the material MM in both
orientations. The fracture toughness of the material CL is surprisingly good, having
a significantly (p < 0.0001) better T0 than the MM material, i.e. 13 °C lower for the
L–T and 16 °C lower for the T–L orientation. CL has pronounced scatter of the
individual data points in both impact and fracture toughness tests. Based on T28J,
the estimated T0 is far off on the non-conservative side with the conventional
correlation of Eq. (8). Both the T0-Est.3, EQ. (16) and the T0-Est.4, Eq. (17) estimate
the T0 results well. The initially surprising fact that the segregated and inclusionrich CL material showed better fracture toughness T0 than the cleaner MM material
can, however, be rationalised as shown below. We divide the material CL into a
thickness-wise middle third (± 2 mm from the centreline) and combined upper and
lower thirds (> 2 mm from the centreline), where appropriate. The material MM is
presented as a whole due to its homogeneity.
The microstructure of both materials is through-hardened as-quenched
martensite with varying degrees of auto-tempering. SEM examination showed that
in CL, the level of non-auto-tempered lath martensite, i.e. showing no carbides or
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very weakly visible carbides having the same colour and contrast as that of the
matrix, is around 15%, which is 5% more than in MM. XRD measurements reveal
no traces of residual austenite in either the MM or CL materials, which in practice
means that the content is less than 1% and likely very finely distributed between
the laths [38,42].
On the bulk level, the chemical compositions of the materials have only the
slightest differences which, according to Eq. (11), should lead to a 6 HV higher
hardness in the estimated hardness of CL. This difference is in line with the
measured average through-thickness HV10 hardness of 391 (± 2) and 395 (± 3) of
MM and CL, respectively. The differences between the materials start to appear
with the GD-OES measurements taken on planes normal to the thickness direction
at various depths. The middle section of the CL shows clear segregation and
enrichment of alloying elements at the centreline that reflect the measured
hardnesses accurately: MM has almost uniform hardness throughout the thickness
ranging from 375 to 402 HV10, whereas CL shows substantial scatter with a peak
hardness of 448 HV10 at the centreline and alloy-depleted tails with hardness as low
as 367 HV10. EPMA measurements highlight the locally banded nature of the
segregation. Mn, Cr and Mo concentrate on narrow bands in a size scale which
matches with the stretches of very fine PAG (Fig. 12). The large inclusions are
concentrated within these bands, (Fig. 12 b).

57

Fig. 12. The prior austenite grain structure in the centreline of the materials MM and CL,
the latter showing a typical segregation band. Laser scanning confocal microscope
images of nital-etched specimens in a) and b), and binarised images showing the grain
boundaries in c) and d). The arrows in b) point on inclusions. [Paper IV]

The prior austenite grain structures separate the two materials further. MM has
some distinct larger grains but otherwise quite uniform grain size distribution with
an average PAG size of 8.9 µm, Fig. 12 a) and c). In contrast, CL contains frequent
segregation bands, Fig. 12 b) and d), which make the PAG distribution bimodal in
the outer segments (avg. 8.9 µm), and press the average PAG size down to 5.9 µm
in the middle section, which is the most banded (Fig. 13 a). Cumulative
probabilities highlight the differences in the coarse end of the effective grain size
spectrum that is relevant considering toughness and strength (Fig. 13 b): d80% is
6.05 µm in MM, 4.80 µm in the outer sections of CL and 3.43 µm in the middle
third of CL, the last being 43% finer than in the competing MM.
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Fig. 13. The differences in the grain sizes in the materials MM and CL: a) prior austenite
grain size, b) cumulative probabilities of the effective grain size highlighting the
effective coarse grain size d80%. [Paper IV]

Mapped inclusions divide into four main groups based on the main element:
aluminium, calcium, manganese, and titanium. Within these groups, there are
nitrides, oxides, sulphides, and mixed type inclusions. CL contains larger inclusions,
with an exception of CaOS, which are 23% bigger in MM. Furthermore, the largest
inclusions in the CL material are concentrated in the middle third of the thickness,
Fig. 14 a) and b). The size of the largest inclusions at 80% of the cumulative
distribution (d80%-i) is 3.3 µm for MM and the outer segments of CL, and 5.3 μm
for the middle section of CL. Large CaOS and TiN inclusions or inclusion clusters
are the most common failure initiator in the material MM, followed by grain
boundary triple points. Abundant TiN and Ca-based inclusions could also be found
near the local failure initiation sites in MM. TiN inclusions are the dominant reason
of failure in CL, either as large individual inclusions, or accompanied by MnS, or
as TiN clusters.
In the cases where inclusions were identified as initiation sites for the primary
failure on the fracture surfaces of both SENB and CVN specimens, their sizes are
bigger than the d80%-i values obtained from cross-sections through the bulk, i.e. 4.6
± 0.8 μm and 7.4 ± 1.8 μm for the materials MM and CL, respectively. They
correspond to the sizes at 94% and 90% in the cumulative size distributions. The
average cleavage unit sizes found on fracture surfaces of the MM material are 5.8
± 0.6 μm, which corresponds to the effective grain size at 79% in the cumulative
grain size distribution. For the CL material, the average cleavage unit size is 5.6 ±
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0.4 μm, which corresponds to 92% in the cumulative grain size distribution of the
middle section.

Fig. 14. a) The sizes of the various inclusion types as equivalent circle diameters (ECD),
b) comparison between the cleaner heterogeneous top-section MM and the inclusionrich heterogeneous CL divided into the thickness-wise thirds. [Paper IV]

The overall appearance of the fracture surfaces in both SENB and CVN specimens
is typical for fractures in the DBTT range, consisting of brittle areas separated by
frequent narrow ductile canvases. Macroscopically, the fracture surfaces are
essentially flat in MM, whereas CL specimens frequently possess either one large
or two to three smaller splits. The splits start with an inclusion and their walls
contain very large, up to 30 μm long, MnS inclusions as well as TiN inclusions.
The fracture morphologies of the splits are diverse. The walls of the splits mainly
have a combination of cleavage fracture and multi-void coalesced (MVC) ductile
fracture, and there is a clear division between the sides of the V-shaped splits – the
supposedly first formed side of the V-shaped split has a brittle appearance and the
side that formed later shows a higher proportion of MVC. Shearing is present on
most of the splits, but some smaller splits have a flat top and no sheared area. The
splits are longer in the T–L than in the L–T oriented specimens, which reflects the
length of the segregation bands on the given crack planes.
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4.3

Hydrogen embrittlement at low temperatures

Table 4 shows measured total hydrogen contents and selected toughness test results
for uncharged and hydrogen-charged materials. The hydrogen contents are
unexpectedly high in the uncharged condition in as-quenched martensitic ATM,
martensitic-bainitic AB, and quenched and tempered QL materials. The two H
levels are anyway significantly different and thus comparable between the cases in
all three materials. In both fracture toughness and impact toughness, AB is inferior
to ATM. The fracture toughness of QL is higher than as-quenched microstructures,
and its data points fall on the highly-scattered middle and upper part of the DBTT
region yielding insignificant changes between the charging states and so only a
provisional ToQ for the hydrogen-charged state. Hydrogen-charging elevates both
T28J and T0 in the as-quenched ATM and AB, but the changes in T28J are uncertain
as the differences are statistically insignificant with respective p-values of 0.142
and 0.588. At the test temperatures studied, -20 °C and -40 °C, fracture toughness
decreases 6% on average due to hydrogen charging and elevates T0 by 8 °C for
ATM and 6 °C for AB. These changes in T0 are statistically significant in ATM and
AB with respective p-values of 0.017 and 0.046.
Table 4. Hydrogen content, transition temperatures T0 and T28J, and fracture toughness
at −20 °C with their ± standard deviations and (number of parallels).
Steel

H

T28J

T0

KJc(1T), −20 °C

[wt. ppm]

[°C]

[°C]

[MPa√m] (number)
109.1 ± 13.0 (7)

ATM, uncharged

0.6 ± 0.26 (4)

−58 ± 10 (15)

−28 ± 6.4 (13)

ATM, H-charged

1.1 ± 0.17 (3)

−50 ± 14.1 (9)

−20 ± 7.5 (8)

104.3 ± 5.6 (5)

AB, uncharged

0.9 ± 0.25 (4)

−40 ± 10 (15)

−19 ± 6.3 (14)

100.5 ± 4.9 (6)

AB, H-charged

1.4 ± 0.24 (3)

−37 ± 14.7 (9)

−13 ± 7.2 (9)

93.3 ± 5.4 (6)

QL, uncharged

0.9 ± 0.35 (4)

−78 ± 10 (15)

−87 ± 7.2 (9)

–

QL, H-charged

2.0 ± 0.28 (3)

−82 ± 14.7 (9)

−89 ± 11.1 (3, T0Q)

393.1 ± 127.2 (5)

Overall, the fracture surfaces of ATM are similar in both conditions with areas of
essentially brittle cleavage, which are separated by frequent bands of ductile
fracture. Both conditions produce small isolated intergranular fracture surfaces and
patches of “flat” fracture, both associated with hydrogen embrittlement. These
features are more frequent in the hydrogen-charged specimens with the higher H
contents. Many of the cleavage surfaces in the H-charged specimens have fine lathlike features that correspond to quasi-cleavage. TiN particles populate the
immediate vicinity of the local brittle fracture initiation sites in several cases.
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KAM measurements of the sub-surface lattice distortion from the failure
initiation sites reveal that the hydrogen-charged sample differs from the uncharged
in that the level of distortion is clearly lower at levels under 0.5° and above 1.5°
(Fig. 15 a). The fraction of the characteristic peak at 1° diminishes as the plastic
deformation increases (unstressed reference  H-charged specimens  uncharged
specimens).

Fig. 15. a) Decreasing lattice distortion with increased hydrogen content in ATM, b) CZM
results for ATM with different displacement rates and H = 0.61 wt. ppm implying
saturation with slower strain rates. [Paper V, modified and reprinted by permission of
Elsevier]

CZM modelling captures the experimental force-displacement behaviour in a
reasonable manner by successful calibration of the cohesive parameters (Fig. 15 b).
The curves of the 2D model hit the upper bound of the experiments. The failure
point is at the complete separation of the tenth cohesive element corresponding to
100 µm crack growth. This point coincides with the distance of the maximum
opening stress with the average distance of the failure initiation site from the prefatigued crack tip in the experiments (150 µm). The model predicts profound
degradation of toughness for the hydrogen-charged case with CMOD −25%, Fmax
−17% and KJC(1T) −20% compared to the experimental results at −20 °C (Paper V).
Different simulated displacement rates from 8.3×10−3 to 8.3×10−9 mm/s predict the
toughness to decrease further with the slower strain rate of 8.3×10−6, but is almost
the same with 8.3×10−9 (Fig. 15 b) with both H contents.
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5

Discussion

5.1

On the T0 – T28J correlation

As a material property, the best-fit T0-Est.3 of Eq. (16) provides accurate estimates
for as-quenched steels of various bcc phase constituents and from different origins
and process routes, Fig. 6 a) and b). The unifying properties are that they all have
a hardened microstructure, low carbon content and yield strength of about 900 MPa
or more. Based on that, it should apply equally to hardened welds, too, as already
shown in Refs. [148,149]. Given the simple form of T0-Est.3, it serves as a good first
estimate of T0 and especially for welds, as it is more elaborate to extract other
mechanical parameters from them. T0-Est.3 applies also to the low-temperature
tempered materials (LTT).
The open questions that remains are: can one allow the slope of T28J to differ
from unity and how to address the remaining 20%. If one must have T0/T28J = 1,
the correlation of T0-Est.3 gets the form of T0-Est.5 ≈ T28J + 28 °C, σ ± 14 °C, based on
the DQ, RQ and LTT materials with n = 94 (50 materials, DQ and RQ tested in L–
T and TL orientations, LTT in L–T only) and σYS = 880…1271 MPa. The fit is ok,
but it does not change the difference in the slope. Whether this difference is just
due to sampling or the physical discrepancies between the FT and CVN testing
deserves further research.
Zhang and Knott [150] expect the minimum stress intensity factor KMIN to be
65 MPa√m and 81 MPa√m for two homogeneous as-quenched martensitic steels,
significantly higher than the standard value of 20 MPa√m. For bainitic and mixed
martensitic-bainitic microstructure, the KMIN is close to 20 MPa√m [150]. The FT
test data gathered in this thesis support a possible higher KMIN with the extrapolated
lower-bound fracture toughness at the 0.01% probability level reaching up to 40
MPa√m, but the linear fit is definitely not quite as good as in Ref. [150], and the
lowest used test temperature of -100 °C is too high to exclude an additional drop in
KJc level at lower temperatures. Furthermore, the determination of KMIN can be
quite ambiguous as discussed by Wallin [19]. If as-quenched martensite has a
distinct high (apparent) KMIN, it could be due to the compressive residual stresses
(Type I - homogeneous long-range stresses) in the thickness-wise central area of
the plates. At the lower shelf and in the linear elastic analyses, the residual stress
component is additive to the total stress intensity [49], but the magnitude of the
residual stresses after the pre-fatiguing demand proper quantification [151]
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although compressive residual stresses can be unaffected by the advancing crack
front [152]. This thesis will stay uncertain about how much these contribute to the
T0 – T28J correlation.
High-temperature tempered (HTT) steels obey the conventional correlation
(T0-Est.1), but the LTT, RQ or DQ do not (Table 3). The somewhat larger carbides of
the Q&T [29,30] steels and of LTT steels tempered at 500 °C [153], combined with
the fractographic evidence of the larger inclusions nucleating the brittle fracture
(Paper IV), nullify the hypothesis that the carbides could alter the T0 – T28J
correlation between these steels. With a lack of direct evidence relating carbides to
the primary cleavage crack origin [71], in the presence of readily available larger
cleavage fracture initiators, and with the σf ≈ 11 000 MPa (Eq. (1): γeff = 7 J/m2 [66],
d = 0.04 µm) for a coarse carbide, they seem quite unrealistic origins of failure even
for the cases with unfound primary cleavage fracture initiators because readily
available larger brittle inclusions fail at much lower stress levels. The differences
left are the dislocation density, hydrogen content and sensitivity to it, and residual
stresses.
Lower initial dislocation density [154] provides Q&T steels with better
deformation capability, but they have also lower strain-hardening compared to asquenched steels [155,156]. A material with low strain-hardening will have a larger
plastic zone ahead of the fatigue crack or notch, which leads to a larger volume
experiencing high triaxial stresses. In a larger volume, there is a higher probability
of encountering a microstructural feature capable of producing a critically sized
microcrack. On the other hand, a material with high strain-hardening will
accumulate higher stressed ahead of the crack tip [54] and will so be more likely to
fail at a given stress intensity. This could largely explain the lower toughness of the
as-quenched steels.
In order to evaluate the effect of hydrogen between the as-quenched and
quenched & tempered steels to be comparable, one would need to have the two
microstructures with approximately the same toughness level and tested at the same
temperature. Unfortunately, the quenched and tempered QL steel in Paper V was
clearly tougher and on the other end of the ductile-brittle transition region (Table
4), so comparison is not possible between the materials nor within the QL between
the two hydrogen contents. The measured total hydrogen content of 0.6 wt.ppm and
the tensile strength of the material ATM coincide with the 20% loss of ductility
based on the correlation of Refs. [124,125] (Paper V). Assuming that this translates
to a similar loss of toughness around the 100 MPa√m level when compared to zerohydrogen case, the hydrogen-free ATM would have 16 °C lower T0 (KJc / 0.8). If
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the impact toughness would also be similarly affected (which is not the case), the
hydrogen-free T28J would be only 5 °C lower. This implies that the shift in the
transition temperature values due to hydrogen could partially explain the higher T0
– T28J difference of as-quenched martensitic steels and contribute to the 20%
missing from the unity of Eq. (16).
The effect of residual stresses on the T0 and T28J would likely demand a thesis
of its own. Even if they constitute to a strengthening property for as-quenched
martensite [33], the inhomogeneous short-range microstresses (Type II) and their
local direction and magnitude make their transferability to the scale of a test
specimen challenging [157]. Hutchinson et al. [33] demonstrated that the
microstresses may well explain the relatively low yield strength compared to the
tensile strength of as-quenched martensite. Low-temperature tempering raises σYS
by relieving some of these stresses (up to 50% at 250 °C [32]) while σTS stays
almost unchanged. Table 3 shows the same elevation of σYS with LTT. Note with
low σYS in Table 3 that here LTT ≤ 500 °C: materials tempered ≤ 250 °C have
elevated σYS and the materials tempered at 500 °C have lowered σYS when
compared to their as-quenched counterparts. A higher “true” σYS might explain the
effect of σYS on the T0 – T28J difference (Fig. 7 a), the difference between asquenched and Q&T steels, and the underestimation of the effect of σYS on the
T0-Est.2 [19], Eq. (9).
Reassessment of the effects of σYS and upper shelf toughness CV-US (Fig. 7 b)
leads to T0-Est.4 of Eq. (17). UHSSs cover now around half of the whole data set of
181 samples. The adjustment to the coefficient of σYS and suppression of the effect
of CV-US enable the estimation of T0 based on the data with σYS between 248 and
1271 MPa. Even though the effect of CV-US is small for most cases, it is included to
increase the accuracy of the estimate for both the toughest and most brittle cases,
acting as a minor corrective factor for tearing resistance. If CV-US is omitted from
the estimate, its effect (average -2 °C ± 2 °C) can be included in the constant term
by lowering it by 2 °C [158] or as a more conservative approach the constant term
can be left unchanged. The outliers in the data set tend to be on the conservative
side of the 95% scatter bands. With this model, the majority of the DQ, RQ and
Q&T materials fall into the same band within the confidence limits of Eq. (17) that
are broader than with T0-Est.3 and T0-Est.5 (σ = 18 °C vs. 11 °C and 14 °C,
respectively). Thus, it appears that T0-Est.4 can be used as a general T0 – T28J
correlation regardless of steel strength or quality.
Considering the temperature dependency of MC, Eq. (6), with the ultra-highstrength steels from Ref. [159], the analysis shows a slight decrease for the σYS
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dependent c of Ref. [19] from the standard 0.019 °C-1 to 0.017 °C-1. The differences
are within 3 °C, so also the standard MC seems to be fairly applicable for UHSS.
5.2

On the microstructural features

The size of the coarsest discontinuities in the microstructures that can nucleate a
microcrack seems to be the property that defines the toughness in the ductile-brittle
transition region. Such readily available features are coarse grains and inclusions
(Fig. 14).
As regards the coarse grains, their size can be described using the effective
coarse grain size decgs, expressed as an equivalent circle diameter, at either the 80%
(d80%) or 90% (d90%) points in the cumulative effective grain size distributions.
Combined with dynamic yield strength, decgs allows the linking of impact toughness
transition temperatures to the established dynamic reference stress intensity KId,ref.
KId,ref relates to the propagation of a local Griffith crack. For small changes, a given
percentage drop in σYS lowers KId,ref approximately twice as much as an equal
percentage drop in decgs. Considering that a given steel class must have a certain
minimum yield strength, the refinement of decgs is the only viable mean to achieve
lower toughness transition temperatures. The semi-physical model of Eq. (19) uses
the amount of {100} cleavage planes as a propagation term to estimate the
transition temperatures, here in as-quenched steels with fully and partly martensitic
microstructures.
Fractographic evidence shows that both large grains and large inclusions, i.e.
the inclusions at 80–90% of the cumulative inclusion size distribution, facilitate the
primary cleavage fracture initiation. In this regard, the inclusions should be
incorporated to Eq. (19).
Both the lowest T28J and the best absolute combination of toughness and
strength come with mixed phase constituents of 70% ATM + 30% UB (C880) and
25% ATM + 70% UB + 5% GB (C840). The apparent inferiority of fully or almost
fully martensitic materials is directly related to the coarse grain size of the materials
in Paper III due to the limitations of the chosen process route of TMCP-DQ. The
same applies to the materials with over 10% of granular bainite (GB) because its
excessive formation enlarges decgs.
Considering toughness properties, the effective coarse grain size is best
described with d80% and d90%, which are also supported by the fractographic
findings. Of d80%, d90% and dv, d80% has the best correlation with T28J through the
KId,ref term (Fig. 9 b). Using d90% in the formula for KId,ref produces larger scatter
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than using d80%, which is likely due to higher sample-dependent variance in the top
range of the grain size populations. On the other hand, based on the fractographic
evidence dv is too small to cause a failure among present coarser grains.
The importance of the coarsest grains can be understood by the double-barrier
model as presented by Lambert-Perlade et al. [77]. In the propagation-controlled
DBTT region, the critical event for the local brittle fracture is the propagation of a
microcrack through the high-angle grain boundaries. Large grains and large
inclusions can be such weakest links to form the microcracks. In the identified cases,
inclusions caused more failures than grain boundary triple points. Large TiN
inclusions or clusters of inclusions are the most common failure initiators in both
the homogeneous clean MM and heterogeneous inclusion-rich and segregated CL.
Interestingly, in order to initiate the failure of the specimen, a large brittle unit needs
to be located in a coarse-grained matrix to propagate the microcrack far enough to
accumulate a critical level of damage. In this criterion, the first barrier is most likely
the interface of the brittle inclusion and the coarse grain in which it is located, and
the second barrier the boundary surrounding the coarse grain. The observations of
large inclusions in a fine-grained ductile matrix inside the fracture process zone
support this finding.
Assuming the Griffith crack criterion of Eq. (1), γeff = 100 J/m2 [160] and
setting the failure criterion to σf ≈ 3×σYS, which is appropriate for small-scale
yielding in a non-hardening material, the stress levels for the fracture toughness
specimens in Paper IV are in line with the experimental findings (Fig. 16). In the
homogeneous MM decgs (d80% and d90%) yield σf around the criterion level, and the
failure initiating inclusions are slightly above it. When a suitably large inclusion is
sampled within the process zone, it is easy for the crack to propagate through the
coarse-grained matrix (MM, outer 1/3s of CL). In the middle third of the inclusion
rich CL, an average large inclusion to-be cracked meets the criterion with ease,
especially inside the segregation bands, but the propagation of the crack over the
coarse grains is more difficult due to the smaller grain size, Fig. 12 and Fig. 13 b).
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Fig. 16. The relative critical failure stress according to a modified Griffith criterion in
the materials MM and CL. The bars are scaled to approximated quasi-static yield stress
at -40 °C, upper limits to -20 °C (T0 region), and lower limits to dynamic yield strength at
-40 °C (T28J region). [Paper IV]

The analysis above justifies the application of decgs to both the grains and inclusions
when the failure initiators are known. After the local cleavage crack initiation, the
crack propagation follows. The measures of the {100} planes parallel to the crack
propagation determine how far a cleavage crack can propagate before encountering
the first possibilities for crack arrests. Thus, the area fraction of {100} planes
parallel to the crack plane (± 15°) is a simple and easily available measure for
unhindered crack propagation. The lower the {100} fraction, the more probable
local crack arrests are during the fracture process. Fig. 17 shows an example how
the lower finish rolling temperature and higher austenite pancaking decrease the
grain size and chop the {100} to fine and discontinuous islands, although clear
textural banding is also visible. From the high-FRT C920 (Fig. 17 a and b) down to
low-FRT C840 (Fig. 17 c and d) T28J decreases by 76 °C while σYS decreases only
by 19 MPa due to the presence of softer phase constituents (ATM 90%  25%).
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Fig. 17. (100) pole figures and distribution of grains having {100} planes within 15° of
the notch plane for material C. a) and b) high FRT and low RTOT (C920), c) and d) low FRT
and high RTOT (C840). T28J improves 76 °C in due to refined coarse grain size and smaller
discontinuous {100} planes. [Paper III, modified and reprinted by permission of Elsevier]

KId,ref links the yield strength to T28J. With just the dynamic reference toughness
and the area fraction of {100} planes, Eq. (19) is the most robust model to describe
the impact toughness transition temperatures (here TT = T27J, T28J and T50), Fig. 11.
Note that Eq. (19) to Eq. (21) apply irrespective of the test specimen orientation
with respect to the rolling direction due to the inclusion of the fraction of {100}
planes within 15° of the main fracture plane and with assumed essentially equal
decgs between the longitudinal and transverse planes. Proper EBSD measurements
yield the necessary data for the use of the model, and because of the semi-physical
nature of the Eq. (19) it should also apply to other microstructures than the studied
as-quenched ones.
As the results of Paper IV show, segregation is not necessarily bad, although
large brittle inclusions should always be avoided if possible. As demonstrated, it
can produce a laminar structure, where the largest inclusions are surrounded by the
smallest grains (Fig. 12). The banded/laminar structure promotes splitting [97,103–
105], which increases the toughness in the DBTT regions [97,105–107], naturally
in CVN test, but also in FT tests when the splits formed before the global failure
do not surpass the pop-in criterion in ASTM E1921 [10]. This is the case with 7
specimens in material CL, of which 6 had the highest toughness at the given test
temperatures. This refinement of the prior austenite grain size is essential to good
low-temperature toughness properties, as it limits the maximum size of the coarsest
effective grains can possess as explained in Section 2. The best TMCP-DQ
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production practices to achieve this are the utilisation of low FRT and maximum
RTOT, as long as the formation of granular bainite is suppressed.
5.3

On the hydrogen embrittlement

Lower fracture toughness at -20 °C and -40 °C (Table 4), less plastic deformation
under the fracture surface as measured with kernel average misorientation method
(Fig. 15 a), HE-related fractographic evidence of mixed “flat” features and quasicleavage, and cohesive zone modelling results (Fig. 15 b) point to the same
conclusion: higher hydrogen content is able to induce a reduction in toughness and
deformation capabilities in sub-zero temperatures, in the quasi-static fracture test
at a displacement rate of 8.3×10-3 mm/s. The increase in T0 is small but significant
in the martensitic ATM and martensitic-bainitic AB. However, the changes in T28J
are insignificant. This indicates that hydrogen affects the T0 – T28J correlation.
As measured with the KAM method, the lower lattice distortion with higher
hydrogen content is in agreement with the hydrogen enhanced decohesion
mechanism [110,119]. The inherent 1° is due to the shear strains from martensitic
transformation [39,43] in addition to the contribution of the lath-boundaries [43].
Deformation lowers the fraction of that characteristic peak, shifts it slightly towards
higher misorientation, and elevates both the lower and upper tail (Fig. 15 a). The
agreement is good with a clear order from the unstressed reference level to slightly
deformed hydrogen charged cases and finally to the uncharged case with 0.5
wt.ppm lower bulk H content (Table 4).
The three-step HE simulation produces satisfactory results compared to the
experimental data with well captured behaviour of both the global and local failure.
I emphasise again that in the simulation, as supported by the KAM observations,
hydrogen reduces the cohesive strength of user-defined elements on the predefined
crack path. The model predicts a pronounced decrease in toughness in the
hydrogen-charged case (Fig. 15 b). Slight conservativeness can be regarded as
beneficial considering industrial applications.
The over-conservative predictions might be caused by the omission of trapped
hydrogen in the current model and possibly by the material differences used in the
original calibration of the HDL [129]. Although this can cause the difference, the
effect of pre-existing traps in martensitic steels is already incorporated with the
definition of the effective hydrogen diffusion coefficient acquired from the
literature and adjusted to the test conditions. In this study, the measured total
hydrogen content of ATM is considered as readily diffusible lattice hydrogen,
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justified with the limited plasticity of UHSS [161] and previous successful
modelling with excluded trapped hydrogen [162].
Pallaspuro et al. [163] iterated from this assumption on the basis of the HDL
of Eq. (15) that the lattice hydrogen content of ATM is about one half of the total
hydrogen content in the hydrogen-charged condition. The proportion of diffusible
hydrogen CL is a decreasing function of the total hydrogen content (best-fit
CL = -0.04×H2+0.63×H+0.06, based on the data of Ref. [164]). The proportion of
47.5% (CL ≈ 0.5 wt.ppm) brought the CZM results in line with the experimental
observations of this thesis.
The displacement rate of the experiments, 8.3×10−3 mm/s, is not slow enough
at -20 °C for H to achieve equilibrium with the hydrostatic stress state. For this
reason, the simulated toughness drops further down with the rate of 8.3×10−6 mm/s,
but not anymore with 8.3×10−9 mm/s. This implies that a displacement rate of
8.3×10−6 mm/s is small enough for hydrogen to achieve equilibrium concentration
at -20 °C and therefore the deleterious effect of H saturates, as shown in Ref. [129].
Still, even with the relatively short time for hydrogen to diffuse to the crack front,
the time corresponding to the experimental case, the difference in the H content
between the uncharged and H-charged condition is enough to decrease the
simulated toughness. These experimental and simulational findings are consistent
with HEDE theory, and with the fractographic findings, with the hydrogenenhanced-plasticity mediated decohesion theory of Ref. [24].
Here, the effects of differing displacement rates, i.e. eventual diffusion times,
were studied only numerically. However, Depover et al. [165] got similar results
experimentally by varying the displacement rates and initial hydrogen contents, and
found that extent of HE increased with lowering the test speed and that the
hydrogen-related features were present on the fracture surface over a distance H
could diffuse in given test conditions. In the experimental case of Paper V
(displacement rate of 8.3×10−3 mm/s), the diffusion distance is in the order of 25
μm (x = (t × 2Deff)1/2) and slightly more based on the distance between the hot-spots
in Fig. 13 of Paper V, so only H-affected region is measured with KAM. For the
simulated displacement rate of 8.3×10−6 mm/s and slightly shorter total
displacement to failure, the diffusion distance would be in the order of 850 μm,
allowing the hydrogen concentration to saturate following the hydrostatic stress
state (Fig. 13 in Paper V). Hence, the modelling results are in line with Ref. [165],
where lowering the test speed caused an earlier failure.
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5.4

Recommendations for further research

This thesis identifies several factors that affect the transition temperatures T0, T28J,
and the T0 – T28J correlation, but a quantitative physical description has still not
been reached. For engineering applications, the accomplishments could prove
sufficient. Still, strain-hardening, strain-rate sensitivity, and their temperature
dependencies should definitely be further investigated for the ultra-high-strength
steels. This could be conducted with digital image correlation measurements to
capture the local deformation in tensile tests.
The evaluation of the Master Curve temperature dependency bases on only a
few ultra-high-strength materials, so it should be studied with more large data sets
(> 20 pcs).
The model proposed in Paper III is very effective, but simple in a few aspects.
Given the initial promising results, further research is needed to validate the model
for other steel types and test specimen types. Aspects that should be considered are
the yield strength coefficient (does it unify the results with different microstructures
and lower yield strengths?) and the incorporation of a stress concentration factor to
take the notch into account and to apply to fracture toughness specimens. The {100}
plane fraction is easy to apply as such, but it is not necessarily the best or most
appropriate way to incorporate the size of the continuous local brittle fractures or
the toughness-increasing fraction of the ductile canvases separating them.
As segregation bands with very fine prior austenite grain structure are
beneficial for the low-temperature toughness, possibilities to produce highly
laminar materials with controlled “clean” and strong microsegregation void from
large inclusions is a wild possibility worth investigating – assuming that the very
fine average effective coarse grain size is easier to achieve than with uniform grain
size. From a more conventional perspective, the means to achieve maximum
austenite pancaking and minimum hydrogen content should anyhow receive top
priority when aiming for the toughest as-quenched materials. The incorporation of
hydrogen trapping alloy carbides to the as-quenched materials in question will be
beneficial considering the minimization of the diffusible hydrogen.
The HE experiments covered only very narrow test conditions. The
temperature range of −20 °C and −40 °C can be sufficient considering the
toughness transition temperatures, but to get an overall picture of low-temperature
hydrogen embrittlement, lower strain rates and a higher range of hydrogen contents
definitely need to be studied. Also, the same materials should be tested at room
temperature to see the effects of hydrogen at the conventional temperature,
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although with essentially ductile behaviour. As trapped hydrogen can play a role
with HEDE in trap-dense microstructures, quantifying the effects of both trapped
and diffusible hydrogen should be interesting. This could be done with both trapdense and trap-free materials supported by CZM with both quantities incorporated.
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6

Summary and conclusions

This research focused on three aspects of the ductile-brittle transition temperature
toughness properties of as-quenched fully and partially martensitic low-carbon
steels: 1) the T0 – T28J correlation, 2) microstructural features governing the brittle
fracture toughness at these transition temperatures, and 3) hydrogen embrittlement.
Data comprised of test data from collaborators and 19 steels produced by laboratory
hot-rolling and heat treatments. Standardised toughness tests are accompanied by
microstructural and fractographic characterisation, and by cohesive zone modelling.
The aim was to provide up-to-date understanding about the fracture mechanical
behaviour of this group of ultra-high-strength steels under different environmental
conditions, identify their weakest links, and to propose suitable tools for the
implementation of these steels in standards standardisation that have so far
completely omitted them. The main results and conclusions are as follows:
–

–

–

–

For as-quenched low-carbon steels, the relationship between the fracture
toughness reference temperature T0 and the impact toughness transition
temperature T28J cannot be described by previously available correlations. With
as-quenched materials, T0 is higher than T28J. The only exception to this
observation was found in the case of a single centreline plate with excessive
splitting in the fracture toughness specimens. A new T0 – T28J correlation,
specific to the studied steels and hardened welds, has been proposed to allow
better estimates of T0 to be made on the basis of known T28J values.
The as-quenched materials can possess equally good transition temperatures
(T0 or T28J) to quenched and tempered materials, but T0 >T28J rather than the
opposite. This difference can be due to 1) the higher “true” microscopic yield
strength of as-quenched materials, 2) the difference in the hydrogen contents
which will tend to be lower in high-temperature tempered Q&T materials, and
3) differing strain-hardening properties.
Overall, the Master Curve is capable of describing the ultra-high strength steels
with yield strengths of 900 MPa and over. Its accuracy increases for these steels
with slightly lower coefficient of the temperature dependency. A general T0 –
T28J correlation that corrects the magnitude of the effects of yield strength and
upper shelf toughness can be used regardless of the strength or quality of
ferritic steels.
The investigated direct-quenched ultra-high-strength steels can possess good
low-temperature toughness, generally down to T28J of -120 °C and T0 of 75

–

–

–

–
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100 °C, making them potential candidates for structural use also in cold regions.
The crucial part in the production of these steels is the control of the coarse
grain size and the size of the largest brittle inclusions, which correspond to the
effective grain size at 80% to 90% in the cumulative grain size distribution.
The most efficient way to reduce the size of the coarsest grains and the {100}
cleavage planes is to apply generous austenite pancaking, i.e. reduction of the
prior austenite grains below the recrystallisation stop temperature. A mixture
of martensite and lower and/or upper bainite yields the best combination of
toughness and strength within the studied cases. The used process methods left
the effective coarse grain size of fully martensitic steels too large for them to
achieve very low transition temperatures. The formation of granular bainite
impairs the toughness properties as it coarsens the effective grain size.
A dynamic reference toughness KId,ref, originally introduced in Paper III, links
to the propagation of a local Griffith crack using a room-temperature dynamic
yield stress and the effective coarse grain size. It has a very close correlation
with the impact toughness transition temperatures – with decreasing
temperature (of a given level of energy absorption) the reference toughness
level “needed” for the crack propagation decreases. To improve toughness of a
given strength level, the coarse particle size must be refined. Based on
fractography, this consideration can be extended to inclusions.
Combining the dynamic reference toughness with the fraction of {100}
cleavage planes within ± 15° of the notch/crack plane allows an accurate
estimation of the impact transition temperatures based on a simple semiphysical model consisting of just two parameters.
Local inhomogeneity can lead to improvement in fracture toughness and T0
even though the impact toughness, T28J, and tensile properties would have only
insignificant changes. This is due to drastically smaller prior austenite grain
size within the segregation bands that cause 43% smaller effective coarse grain
size for the centreline material when compared to the homogeneous “clean”
material cut above it from the same continuously cast bloom. This
improvement in decgs is more than enough to compensate for the high-hardness
centreline, both macroscopically and within the segregation bands, and the
high frequency of large inclusions in the middle third of its thickness.
The fracture toughness of the inhomogeneous “dirty” segregated and inclusionrich material improves by the lowered probability to encounter a coarse
cleavage crack nucleating inclusion that is surrounded by coarse grains within
the central part of the crack front, which is the failure criterion based on the

–

fractographic evidence. Present small splits in the inhomogeneous centreline
material increase the measured toughness without causing invalid results.
Large MnS inclusions promote splitting, but large brittle TiN and CaOS based
inclusions are the ones nucleating the failure.
In contrast to the general hypothesis that hydrogen would not cause problems
at temperatures below zero degrees Celsius, hydrogen embrittlement is present
and can lower the quasi-static fracture toughness at the ductile-brittle transition
temperatures tested and modelled at −20 °C and −40 °C. This conclusion is
consistent with hydrogen-enhanced decohesion theory throughout the study
methods, which show that specimens with higher hydrogen content have a
slightly lower fracture toughness with significant changes in T0, lower plastic
deformation under the fracture surfaces, and by the three-step cohesive zone
modelling that predicts an even higher decrease in toughness. Allowing for
only a fraction of the total hydrogen to be diffusible brings the decrease in
toughness in line with the experiments. A given hydrogen content causes a
higher increase in T0 than in T28J, so increasing hydrogen content separates the
values further from each other. Thus, hydrogen contents need to be kept low
even considering low-temperature toughness properties.
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7

Novel features

To the best knowledge of the author, the following findings are original to this work:
–

–
–
–

–
–
–

–

–
–

Definitive analysis showing that previous estimates of T0 based on T28J are
incapable of describing T0 for as-quenched (untempered) martensitic and
partially martensitic microstructures.
A new T0 – T28J correlation unique to the given microstructural condition.
An evaluation of the Master Curve method considering ultra-high-strength
steels with a statistically sufficient sample size.
An improved engineering application of the T0 – T28J correlation which can
estimate the fracture toughness reference temperature T0 of structural steels,
covering the grades and microstructures from the mild strength steels to the
ultra-high-strength steels.
The introduction of a dynamic reference toughness and its application to
impact toughness transition temperatures.
A novel efficient semi-physical model for the estimation of the impact
toughness transition temperatures.
A demonstration of how the traditionally deleterious centreline segregation can
lead to improved fracture toughness by introducing a “laminar” fine-grained
stretches enclosing the largest inclusions.
The first published study on hydrogen embrittlement at sub-zero temperatures
(the other candidate, the conference abstract of Ref. [25] was presented on 11.–
14.9.2016 while Paper V was submitted on 22.8.2016 and published on
3.2.2017).
Hydrogen embrittlement has been shown to be active even at sub-zero ductilebrittle transition temperatures under standard fracture toughness test conditions.
An example of hydrogen affecting the T0 – T28J correlation.
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